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Plastic deformation of sub-mm sized metals at different temperatures is influenced by factors absent in their
bulk counterparts, including surface diffusion assisted softening and mechanical/thermal annealing-induced
hardening. The test temperature and sample size therefore strongly affect the mechanical behavior, necessi-
tating the construction of new deformation mechanism maps (DMM). Here, based on results from in situ
quantitative compression tests on micro-pillars at various sizes and temperatures ranging up to 400°C, we
have constructed DMMs for single-crystalline sub-micron-scale aluminum, consisting of elasticity, diffusive
plasticity, and displacive plasticity regimes. In the sample size-stress DMM (for a fixed temperature), a
“strongest size” is found at the triple junction of three regimes, above which “smaller is stronger”, below
which “smaller is weaker”. In the diffusive plasticity regime, deformation is localized within the top pillar
volume demarcated by a moving front interface, which is likely a newly formed grain boundary, that is
impenetrable to impinging dislocations below a critical stress of »1 GPa.

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

At room temperature, many micro- and nano-scale metallic crys-
tals exhibit a trend of “smaller is stronger”, with strength approach-
ing ideal ‘pristine’ samples [1, 2], resulting from mechanical
annealing [3, 4] or thermal annealing [5]. The plastic flow often
becomes irregular, with an intermittent stress�strain curve consist-
ing of strain bursts [6�8]. For example, submicron-scale metals can
sometimes collapse in a single giant strain burst in compression
[1, 5], which we term “stochastic” behavior. Therefore, how to tame
the wild strain burst to achieve a smooth, controllable plastic flow [9]
without compromising the high strength is a challenge in nanome-
chanical engineering. In recent years, diffusive deformation, distinct
from displacive deformation, has been proved to be a good way to
enhance the formability of crystals, but at room temperature only
below a critical sample size usually less than ten nanometers
[10�13]. By incorporating slip-activated surface creep, this critical
size can be increased to tens of nanometers [14]. However, between
the upper limit of this critical size (a few tens of nanometers) and the
lower size limit (above a few microns) for conventional ductile bulk
crystal, there is still a size regime with uncontrollable plastic flow,
where the “mechanical controllability index [9]” is exceptionally low.
A solution to this dilemma would be deforming at elevated tem-
peratures. For centuries, metalworkers have known that increasing
temperature can greatly improve the formability (lowered strength
and enhanced ductility). This is due to the involvement of diffusive
processes such as dynamic recovery, recrystallization and various
mechanisms of creep (dislocation power-law creep, Nabarro�Her-
ring creep and Coble creep) [15, 16]. Heating may be a method for
improving the ductility of materials at micro- and nano-scales. The
deformation of small-scale materials is widely known to have
dependences on factors absent in their bulk counterparts, such as
mechanical/thermal annealing-induced hardening [17], destabiliza-
tion of pinning points by attraction to free surfaces [4], and surface
oxide effects [18, 19]. These new behaviors at the micro- and nano-
scale make the construction of DMM quite challenging. Since Ashby’s
work in 1972, there have been deformation mechanism maps (DMM)
[20] established to delineate the dominant deformation mechanism
under different combinations of temperature, stress and grain size,
which are then used to guide the optimization of processing parame-
ters [12, 20�23]. However, these DMMs are bulk-materials-based,
not applicable to small-scale materials with relatively large surface-
to-volume ratio. For materials at these small scales, there is no DMM
yet, despite urgent need in various applications [24, 25].

In the past, construction of DMMs was primarily based on avail-
able phenomenological constitutive equations [20] for bulk materials
or atomistic simulations [21]. However, both approaches need to be
experimentally validated for micro- and nano-scale crystals. Due to
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the temperature-sensitivity of dislocation behavior including nucle-
ation [2, 26], migration [27�29] and interaction [30], prediction of
the high temperature behavior of micro- and nano-scale crystals is
challenging. Here we take the experimental route for constructing
DMMs for submicron material samples. The best experimental choice
is in situ quantitative nanomechanical testing inside TEM, since iden-
tification of dominant deformation mode can be more straightfor-
ward than other ex-situ methods, benefiting from the simultaneous
acquisition of stress�strain data and real-time recording of micro-
structure/morphology evolution. In the past decades, in situ nanome-
chanical experiments were mostly carried out at room temperature
[31, 32]. In this work, the conventional metallic sample mount was
replaced by a quartz sample mount embedded with heating and
sensing wires, as shown in Fig. 1. By attaching a metal foil onto the
mount, multiple submicron pillar samples can be fabricated and
tested efficiently in a single experimental session. To exclude the
influence of different configurations of preexisting dislocations, all
samples were thermally pre-annealed to a pristine dislocation-free
state before the tests. Using this method, we systematically per-
formed quantitative compression tests on submicron aluminum pil-
lars with sizes ranging from »100 nm to »1mm, under temperatures
ranging from room temperature to 400 °C (0.72Tm for Al).

2. Experimental methods

Single crystal aluminum (99.9995%) disks were cut into
1.5 mm £ 2 mm rectangular plates, which were mechanically pol-
ished to 100 mm in thickness and electrochemically thinned to a few
microns at one edge. Submicron-sized cylindrical pillars were pre-
pared by focus ion beam (FIB, FEI Helios NanoLab 600, operating at
30 keV) milling on the thinned edge. The milling current used in the
last step was as low as »20 pA to minimize geometrical taper and
irradiation damage by ion beam. The thickness of surface affected
layer was about 5 nm according to the TEM observation. All pillars
had a taper angle of 2°�4° and an aspect ratio (top diameter/length)
of 1/2�1/3.5.

The in situ TEM heating and nanocompression tests were per-
formed by using a heater mounted onto a Hysitron PI95 PicoIndenter
holder in an environmental TEM (Hitachi H9500, operating at 300 kV
and 0.5�4 mA emission current). The crystal orientation of the pillar
axis is h110i and the electron-beam direction is h001i for all the tested
pillars. The heating and nanocompression tests were carried out in
vacuum <10�4 Pa. Before the nanocompression tests, all pillars were
heated to 400 °C to thermally anneal out the preexisting dislocations
and FIB damage, and then cooled down to the test temperature. The
Hysitron PI95 holder comes with a diamond punch connected to a
MEMS transducer, which has force resolution of »300 nN and
Fig. 1. Schematic of the experimental setup for high temperature in situ compression.
(a) Picture of the front end of the TEM holder with a quartz sample mount, which
comes with the heating and temperature sensing functions. (b) Schematic illustration
of the compression experiment.
displacement resolution of »2 nm. We used displacement control to
apply constant loading rates, which were usually 7.5 nm/s for pillars
of D � 700 nm, 5 nm/s for pillars of 700 nm>D � 200 nm, and 3 nm/s
for pillars of D<200 nm. The corresponding strain rates for all pillars
are from 2.4�10.1 £ 10�3 s�1, roughly on the same order of magni-
tude. A commercially-available COMSOL software was used to esti-
mate the real temperature of the pillar.

The drift rates of the punch and substrate were firstly measured
from the video using Matlab and then used to corroborate with the
original displacement data. By analyzing the video frame by frame,
the displacement values of the tip and the substrate were dynami-
cally tracked during compression test. The effectiveness of the track-
ing is reflected by the tight adherence of the tracking markers (short
white horizontal lines) to their targets (the tip/substrate). Also, the
tracking results are displayed as displacement values including the
original displacement, the real displacement, the tip drift, and the pil-
lar drift. Using these values, the real loading rate, the drift of the tip/
substrate can be directly calculated. The tracking results show that
the real strain rate deviates from the set value by less than 30%.

3. Results and discussion

3.1. Estimation of actual temperature in the pillars

Due to the cooling effect from the diamond punch, the pillar sam-
ples have a lower actual temperature than the set temperature,
which shall be evaluated first. This actual temperature can be roughly
estimated by using two kinds of observed data: the thermal expan-
sion of the sample itself and the reading from the embedded sensor.
Due to the thermal expansion, the edge of the aluminum foil, where
the submicron pillars locate, would move forward by a distance of
d0=»3.2 mm as temperature rose from 25 °C to 400 °C. But when a
400 °C pillar was compressed by a 25 °C punch, the backward dis-
placement due to cooling was measured to be less than 20 nm (as
shown by the pillar drift readings in Supplementary Movie s1-2),
about 0.6% of d0. Since the thermal expansion of the aluminum is line-
arly related to the temperature change under our experimental con-
dition, the average temperature drop of the aluminum foil should
also be about »0.6%, i.e. 2.5 °C. This estimate is corroborated by the
temperature reading from resistance temperature detector, which
was»1mm away from the pillar samples. After turning off the feedback
control, a small depression can be found on the temperature-time curve,
which shows a maximum temperature drop of about 1.2�1.5 °C during
compression of D = 580 nm pillars at 400 °C (see Fig. 2). Considering
that both the aluminum foil and diamond punch have high thermal con-
ductivity (thermal conductivity k=238 W m-1 K-1 for aluminum and
990 W m-1 K-1 for diamond) and are well thermally isolated from the
supporting structure (quartz mount with k=1.46 W m-1 K-1 or 1-D sili-
con beams with equivalent diameters at micron-scale), the temperature
Fig. 2. Temperature change during compression of a pillar with diameter=580 nm.
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distribution in both the tip and the aluminum foil can be expected to be
nearly homogeneous.

The two experimental measurements above only represent the
average temperature change in the aluminum foil, rather than the pil-
lar itself. The best choice to exclude the effect of temperature gradient
will be the repeating experiment with both the sample and the punch
heated to the same temperature, but this approach is currently
unavailable. Therefore, we choose finite element method (FEM) simu-
lation to estimate the temperature distribution in the pillars. The
geometry and the boundary condition of the model are depicted in
Fig. 3a, in which a pillar sample with diameter of 400 nm and length of
1200 nm was created between the diamond punch and the aluminum
substrate. On the surface of the pillar, a surface layer of 6 nm in thick-
ness was created to mimic the aluminum oxide layer. The diamond
punch and the aluminum were assigned thermal parameters of their
bulk counterparts (Table 1), while the thin oxide layer was assigned a
quite low thermal conductivity=0.4 Wm�1 K�1 due to the size-induced
quantum effect [33]. The top surface of the diamond punch was set at
room temperature, while the bottom surface of the aluminum sub-
strate was set at the heating temperature (100�400 °C).

The simulation result is shown in Fig. 3b and c. After thermal
steady state was reached, the lowest temperature is found at the top
part of the pillar. The temperature drops almost linearly with height
from the top to the bottom. For all temperatures, the average temper-
ature at the top will decrease by »26%, while in the whole pillar by
»13%. It should be noted that based on this model, the cooling effect
Fig. 3. Results of FEM modeling for estimating the actual temperature distribution in the pill
distribution in the pillar when the heater temperature is set at 400 °C. The insert plot at th
Comparison of the average temperature with the set temperature at some typicalset tempera
should be overestimated due to two reasons: (1) The boundary con-
dition is simplified by directly setting the end plane of the diamond
punch at room temperature, which will surely result in a stronger
cooling effect. (2) The thermal resistance at the contact interface is
neglected since we cannot find this parameter anywhere.

In summary, due to the cooling effect from the diamond punch,
the real temperature change of the pillars is estimated to drop by less
than 13% from the set temperatures. The following equation can esti-
mate the real temperature

Treal¼Tset� Tset�25�Cð Þ � 13% ð1Þ

3.2. Electron beam effect

It has been reported that electron beam irradiation can promote
the production of vacancies in aluminum, by kicking out atoms from
the bottom surface of the foil sample [41]. Moreover, electron beam
irradiation can result in temperature rise in the sample [42�44]. The-
oretically, because diffusion in crystals is mainly mediated by vacancy
exchange, the irradiated pillar with more vacancies usually exhibits
enhanced diffusive plasticity [41, 45�47]. Therefore, to assess the
real material property, electron beam effect on the deformation
behavior at elevated temperature shall be determined.

For this purpose, two pillars with nearly the same
diameter=»170 nm were compressed under the same temperature
Tset=275 °C and strain rate, but one with beam-on, while the other
ar sample. (a) The constructed geometry and boundary conditions. (b) The temperature
e right is the extracted temperature distribution along the central axis in the pillar. (c)
tures.



Table 1
Thermal parameters used in the FEM simulation.

Materials Heat capacity/
Cr [J/(kg ¢ K)]

Thermal conductivity/
k [W/(m ¢ K)]

Density/r [kg/m3]

Aluminum 900 238 2700
Aluminum oxide 730 0.4 [33] 3965
Diamond (100) 520 990 3515

Fig. 5. A typical stochastic-type deformation process at relatively low set temperature
and large size. (a) The stress�strain curve for compression tests performed with a pil-
lar of diameter D = 359 nm at Tset=250 °C with a strain rate of 3.1 £ 10�3 s�1 and load-
ing direction near [110]. (b�e) Sequential images extracted from the video at
moments indicated in (a). (b) and (e) are the pillar images before and after the com-
pression tests, respectively. The white triangles indicate the surface steps resulting
from the dislocation slip.
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with beam-off. The engineering stress�strain curves were compared
in Fig. 4. The two curves nearly overlapped, indicating that turning
off the electron beam did not change the mechanical behavior sub-
stantially.

3.3. Mechanical behavior of annealed pillars

When the temperature is below a critical set temperature Tc=275 °C,
the annealed submicron crystals exhibit a stochastic deformation
behavior. Fig. 5 shows the typical result from a pillar sample with diam-
eter of 359 nm and tested at 250 °C at strain rate of 3.7 £ 10�3 s�1. The
stress�strain curve begins with a linear part of elastic deformation and
then, a huge strain burst suddenly sets in, as shown in Fig. 5a. In the
whole elasticity stage, the pillar remained pristine, without generating
any dislocation storage even at the high stress of »1 GPa, as evidenced
by the clean bright field images extracted from the video at stress levels
of»800MPa (Fig. 5c) and 1131 MPa (Fig. 5d), which is the last moment
immediately before the burst. The strain burst boosts the strain from
3.7% up to a giant value of 44.7% (Fig. 5e), causing a few large slip steps
at the surface. A previous study by Lee et al. [34] also reported com-
pression results of annealed aluminum pillars at similar diameter
D=»400 nm at room temperature. Unlike the single huge burst in our
results, their results showed multiple discrete strain bursts with aver-
aged strain jump of »0.68% per burst. The yield/flow stress of the
annealed sample is at the same level of <400 MPa as that of the as-
FIBed sample, less than half of our experimental measurements.
Another report with FIBed Cu pillars, also with face-centered-cubic
crystal structure, showed that the flow behavior is largely unaffected
after thermal annealing [35, 36]. The difference between their results
and ours can be explained by the sample difference: The pillar samples
in our work were well annealed to a lower dislocation density
(0�2 dislocations, rd=0�5 £ 1012 m�2, while in Lee’s work,
rd >1 £ 1013 m�2) and had higher aspect ratio (>1/3.5, while Lee’s
work <1/4). Therefore, possible softening factors in our tests were
eliminated due to two reasons: the first is that internal dislocation
nucleation/multiplication are limited by lower preexisting
Fig. 4. Effect of electron beam on the mechanical behavior of sub-micron pillars at ele-
vated temperatures.
dislocation density, and the other is that the bending/buckling dur-
ing compression tests are more difficult in pillars with lower aspect
ratio.

When the set temperature is above Tc=275 °C, the stress�strain
curve clearly shows three distinctive stages, i.e. the elasticity stage,
the diffusive-plasticity stage, and the displacive-plasticity stage. In
Fig. 6 and supplementary movie s2, a pillar of diameter D = 373 nm is
compressed at Tset=325 °C and strain rate of 4.2 £ 10�3 s�1. In the
elastic stage under 750 MPa, the pillar remains pristine, as evidenced
by the clear stress contours near the contact interface in Fig. 6c. Then,
a transient stress drop of 70 MPa marks the beginning of the second
stage, in which the stress�strain curve varies smoothly without obvi-
ous strain bursts or stress fluctuations until a critical stress
sc=971 MPa is reached. At this critical stress, the third stage of displa-
cive plasticity sets in with a giant strain burst from strain= 8% to
strain=54%.

The complete deformation process of the second stage is shown in
supplementary movie s2. At the beginning of this stage, the stress
drop indicates the introduction of dislocation activity into the top of
the pillar, reflected by the smeared image contrast immediately after
the yield point. Then the top part of the pillar began to swell up and
soon an interface developed, clearly dividing the deforming part
from the undeformed part, as indicated with the dashed white line in
Fig. 6d. After the interface is formed, localization of deformation
intensified, as evidenced by the faster expansion of diameter than
the downward advancement of the interface in supplementary movie
s2. By digitally tracking the change of diameter of the deforming part,
the true stress can be calculated and plotted in Fig. 6a versus the
engineering strain, as indicated by the red dotted curve. While the



Fig. 6. A typical ductile-type deformation process for a pillar with diameter
D = 373 nm at temperature Tset=325 °C and strain rate _e=4.2 £ 10�3s-1. (a) The engi-
neering stress�strain curve which shows three distinct periods. The red curve section
represents the real stress at the top part of the pillar. (b) The bright field image of the
well-annealed pillar before compression test. The compression is performed near
[110] direction, as indicated with a black arrow. (c�e) The video snapshots showing
the deformation process at moments indicated in (a). The internal interface between
the plastically-deformed region and the elastically-deformed region is depicted with a
white dashed line. (For interpretation of the references to color in this figure legend,
the reader is referred to the web version of this article.)
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original engineering stress�strain curve shows the “strain-harden-
ing” phenomenon in the diffusive stage, the true stress�strain curve
shows “strain softening”. The mushroom shape formed after defor-
mation is in strong contrast to the slip-band-dominated morphology
after deformation at low temperatures, indicating that the deforma-
tion is no longer dislocation-slip-dominated. If the deformation strain
is from purely shear-stress-driven dislocation glide, then it will pro-
duce shear offset along slip plane about 45° to the axis of the pillar,
and the resulting deformation volume will extend far beyond the
observed thin mushroom cap. Considering the continuous stress�
strain curve and the mushroom-shaped small deformation volume
Fig. 7. The formation of a dislocated front interface between the plastically deformed volum
tured at moments when the interface shows clear contrast. (c) Schematic illustration of dislo
with smooth surface, the second stage is believed to be dominated by
diffusive plasticity, hence referred to as diffusive-plasticity stage.

The strain softening in true stress�strain curve (Fig. 6a) could arise
due to dislocation pipe diffusion [30, 37]: the stored dislocation den-
sity increases with strain, providing more effective diffusion paths,
which results in a stronger softening effect. The much smaller defor-
mation volume can originate from short distance between nucleation
site and climb or trapping site of dislocation, via a frustrated travel
path originating from climb and cross-slip at elevated temperature.
Although dislocation cross-slip and climb can be promoted by elevated
temperature [38], the parameter space of temperature-stress combina-
tion for producing evident diffusive deformation has never been
experimentally delineated before.

Despite vigorous evolution in the confined volume, the disloca-
tions can hardly penetrate the aforementioned interface into the pris-
tine part below. One plausible reason is that the interface is a highly
dislocated interface, or even is a dislocation network, dynamically
formed in a way similar to the formation of low angle boundary [39,
40]. It is quite challenging to characterize the dislocation structure at
this interface, because in a deforming sample, this interface is at
edge-on direction, while in a deformed sample, the dislocation struc-
ture will be annealed out. Despite those challenges of in-situ or post-
mortem characterization, a glimpse of the dislocation structure can
be occasionally captured in the video, as shown in Fig. 7a and b. At
the interface, alternative bright/dark fringes can be seen, while below
the interface, we see a clean interior without dislocation activity. This
dislocated interface (likely a grain boundary) can catch and stop
most incoming dislocations, as schematically illustrated in Fig. 7c.
However, if the stress is high enough (> 1 GPa), dislocations can
break through this interface, as well as emit from the corner under
the mushroom-shaped cap. By this way the third stage, displacive
plasticity, is initiated.

3.4. Construction of stress-temperature deformation mechanism map

Since historical DMM construction is related to the strain rate and
grain size, equivalent to the pillar diameter in this work, we choose
compression under different temperature intervals, on pillars within
a narrow size and strain rate regime. With the consideration above,
two groups of pillar samples with diameters of 350�418 nm were
compressed at strain rate of 3.0�4.2 £ 10�3s�1 at set temperature
between 25 °C and 400 °C. The first group of pillars was tested at tem-
perature intervals of 100 °C, with two pillar samples for each set tem-
perature to ensure reproducibility, and the engineering stress�
strain curves are shown in Fig. 8a. At set temperatures of 100 °C,
200 °C, and 300 °C, the stress�strain curves are almost always com-
posed of a segment of elasticity followed by a giant strain burst, and
this kind of deformation will be referred to as stochastic-type. In con-
trast, at Tset=400 °C, both curves contain a continuous/serrated flow
segment after the linear segment, referred to as ductile-type hereaf-
ter. The transition from the stochastic-type deformation to the
e and elastically deformed volume. (a) and (b) Snapshots from a deforming pillar cap-
cation configuration in the deformation volume.
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ductile-type deformation is not abrupt: the engineering stress�strain
curve at Tset=300 °C shows a short but obvious deviation from the lin-
ear segment right before the burst, indicating the occurrence of duc-
tile-type process. Therefore, the critical transition temperature (Tc) is
near 300 °C. To determine Tc with higher accuracy, another group of pil-
lar samples was tested at set temperature between 250 °C and 375 °C
(Fig. 8b), but with a smaller temperature interval of 25 °C. The Tc is well
captured in this group of tests, i.e. »275 °C (Tc, real=»240 °C), as indi-
cated in the Tset=275 °C curve by the emergence of a series of small ser-
rations above stress level of 600MPa.

For stress�strain curves at set temperatures >275 °C, there are
two characteristic stress values, i.e. a yield stress where the linear
part ends, and a burst stress where the strain burst begins. The values
of both stresses in Fig. 8a and b follow the same trend, i.e. monotonic
decrease with increasing temperature. Since diffusive deformation is
controlled by the driving force (stress in this work), diffusivity and
diffusing time, the segment between the yield strength and the burst
stress can best satisfy all three requirements, and therefore are the
most diffusive-plasticity-dominated. For this reason, the continuous
flow part will be referred to as diffusive plasticity hereafter. The diffu-
sive plasticity can be corroborated by the change of sample shape
right before the moment of strain burst, as shown in Fig. 8c�f. The
diffusive plasticity results in a swollen part at the top of the pillar,
indicating that the deformation volume is localized to just the top
region. After unloading, no appreciable slip steps appear on the surfa-
ces by SEM observation, indicating diffusive flow driven plasticity.

Based on the values of yield/burst stress at different temperatures,
a two-dimensional DMM, similar to that of bulk materials, can be
constructed using temperature as the abscissa and stress as the ordi-
nate, as shown in Fig. 9. The estimated actual temperature is used
according to Eq. (1), and is also plotted in terms of the homologous
temperature (Th·T/Tm, where T is the absolute temperature and Tm is
the absolute melting temperature). In DMM, there are three regimes
each having a different dominant deformation mechanism, i.e. the
elasticity, diffusive plasticity, and displacive plasticity. The lower line
of the displacive plasticity regime is determined by values of burst
Fig. 8. The temperature dependence of deformation behavior for aluminum pillar with
diameter of 350�420 nm at different set temperatures from 100 °C to 400 °C. (a) Eight
engineering stress�displacement curves from the same group of aluminum pillars
with diameter of 387�418 nm, tested at intervals of 100 °C, and two pillars were tested
at each temperature. (b) Eight stress�displacement curves from another group of pillar
samples, tested at temperature intervals of 25 °C from 250 °C to 375 °C. The diameter
range is from 350 nm to 387 nm, slightly smaller than the group of (a). Curves in (a)
and (b) are offset by 50 nm along the abscissa for clarity. (c�f) The TEM image of each
pillar at the moment immediately before the burst at its corresponding testing temper-
ature.
stress at various temperatures, while the line between the elasticity
regime and the diffusive plasticity regime by the values of yield stress
at various temperatures. The stochastic-to-ductile transition temper-
ature Tc, real=»240 °C is captured at the triple point of the two lines.
The diffusive plasticity starts at the temperature higher than Tc, real
and dominates at medium stress levels between the elastic regime
and the displacive plasticity regime. Such a DMM is useful for distin-
guishing among dominant deformation mechanisms and predicting
the transition of deformation mode for a material subjected to any
specific temperature-stress combination.

3.5. Sample size effect on mechanical behavior

The stochastic-to-ductile transition is not only present at a critical
temperature Tc for a fixed sample size, but also at a critical size Dc at a
given temperature. Fig. 10 shows the compression results of 12 pillar
samples with diameters ranging from 118 nm to 985 nm, all at 275 °C
and strain rates of 2.5�10.0 £ 10�3s�1. From the shape change in
curves, Dc can be determined to be»400 nm. Determination of the yield
stress is unambiguous, but the starting stress for displacive plasticity is
not, especially for curves without bursts. We choose the maximum flow
stress before 10% plastic strain as the representative value. Finally, using
pillar diameter (size) and stress as axes (Fig. 10b), another type of defor-
mation mechanism map can be constructed, which also contains the
same three regimes separated by the yield stress line and diffusive/dis-
placive transition line. From Fig. 10b, the yield strength first increases
with diameter and reaches a maximum value at Dc=»400 nm, then
goes down at larger diameters. This reverted-U-shaped relationship is
different from the monotonic relationship between yield strength and
temperature. This result arises from the competition between diffusive
plasticity and displacive plasticity. Below Dc, the yield strength shows a
“smaller is much softer” trend [11] governed by diffusive plasticity.
Since smaller samples have larger surface/volume ratio, shorter diffu-
sion path, and higher stress-induced chemical potential gradient, the
diffusive deformation starts at lower stress levels and its contribution
becomes substantial quickly. AboveDc, the yield strength shows a classi-
cal “smaller is stronger” trend governed by displacive plasticity [1, 31].

The deformation at smaller size is more affected by the diffusive
processes. A typical deformation process is shown in Fig. 11 with a
pillar of D = 168 nm at Tset=275 °C and strain rate _e=9.3 £ 10�3/s.
After a short period of elastic deformation, the diffusive flow sets in
at stress level of »500 MPa, and continues all the way up to
1190 MPa. Like the previous example in Fig. 6, the true stress
Fig. 9. The deformation mechanism map created based on the yield stresses and the
burst stresses extracted from the stress�strain curves of (a) and (b) in Fig. 6. The size
and strain rate ranges are indicated.



Fig. 10. The effect of pillar diameter on the deformation behavior at a fixed temperature of 275 °C. (a), Engineering stress�strain curves from a set of pillars with diameters ranging
from 118 nm to 985 nm, tested at 275 °C and strain rates of 2.5�10.0 £ 10�3 s�1. Curves are offset by 2.5% along the abscissa for clarity (b) Deformation mechanism map has axes of
pillar diameter and stress at the specific temperature of 275 °C. The black solid line and the black dashed line represent the yield stress and the maximum stress before burst or 10%
plastic strain, respectively.

Fig. 11. Deformation process of a pillar of diameter D = 168 nm at T = 275 °C and strain rate _e=9.3 £ 10�3/s. (a) The engineering stress�strain curve, which shows three distinct
deformation stages, i.e. the elastic stage, the diffusive plastic stage, and the displacive plastic stage. The red circles represent the real stress at the top part of the pillar. (b) The bright
field image of the well-annealed pillar before compression test. The compression is performed near [110] direction, as indicated with the black arrow. (c-h) The video snapshots
showing the deformation process at moments indicated in (a). (i) Image of the pillar dynamically recovered for about 25 s at 275 °C after the compression test. (For interpretation of
the references to color in this figure legend, the reader is referred to the web version of this article.)
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calculated from dynamic change of diameter showed a plateau at the
second stage, implying a steady-state balance of dislocation genera-
tion and escape/annihilation inside the deformation volume. In the
following displacive part, the engineering stress�strain shows some
small load drops at »300 MPa and small strain bursts < 1%, in sharp
contrast to the down-to-zero load drops and huge strain bursts of
tens of percents in larger pillars. The dynamic evolution of morphol-
ogy and internal defect configuration of the pillar is demonstrated
with a few sequential images as shown in Fig. 11b�i (also in the sup-
plementary movie s3). In the elasticity stage (Fig. 11b�c) and diffu-
sive plasticity stage (Fig. 11d-e), the shape change and evolution of
dislocation in the pillar are similar to those in Fig. 6. Localization of
deformation in a small volume at the top of the pillar, together with a
front interface impenetrable to incoming dislocations, is also evident
(Fig. 11d and e). When a critical stress is approached (sc=»1190 MPa
in this example), dislocations can break through the interface
(Fig. 11e) and evolve in the whole pillar body, resulting in small strain
bursts in the stress�strain curve as shown in Fig. 11f and g. In the
supplementary movie s3, some of them rebound back from the bot-
tom of the pillar as the stress decreases in the unloading part. The
remaining dislocations are then thermally annealed out, leaving a
low-angle grain boundary at the bottom part of the pillar, as can be
seen at the moment immediately after retracting the diamond punch
(Fig. 11h and supplementary movie s3). The quick change of disloca-
tion configuration upon unloading indicates fast dynamic recovery
under such an elevated testing temperature. After about 25 s, the dis-
location in the pillar reached a steady state (Fig. 11i), with a clean
interior except for the low angle grain boundary at the bottom part.

4. Summary

In summary, we systematically performed in situ quantitative
mechanical tests on single crystal aluminum pillars of submicron
diameters, under different temperatures covering the transition from
fully dislocation-glide-based displacive plasticity to diffusive plastic-
ity governed by power-law creep and/or diffusional creep. Based on
these experimental data, we construct two styles of deformation
mechanism maps, with stress-temperature and stress-sample-size
coordinate system, respectively. These DMMs can be used to identify
dominant deformation mechanisms, the critical condition for good
formability, and the strongest size at particular temperature and
strain rate.

Some interesting findings are:

1) Below Tc, the annealed submicron-pillars display a “stochastic”
behavior. The stress�strain curve linearly climbs to a high stress
point over 1 GPa, and then a giant strain burst occurs abruptly,
with low controllability [9]. Above Tc, there is a continuous diffu-
sive segment between the linear part and the strain burst, which
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can be exploited to controllably shape crystals at size scale of a
few hundreds of nanometers.

2) Transitions of deformation mechanism are surprisingly sharp, as
observed not only in the deformation movies, but also in the
stress�strain curves, when the temperature or stress goes across
a critical value (Tc or sc). Both displacive and diffusive plasticity
are found to be localized in the sample, but in different manners.
Below Tc, it is strain burst along slip plane direction, while above
Tc, it is continuous mushrooming at the top part of the pillars.

3) At a fixed temperature and strain rate, competition between the
displacive deformation and the diffusive deformation will result
in a “strongest sample size” where maximum yield strength is
achieved. Below this critical size, the sample shows "smaller is
weaker" behavior [11]. Above this critical size, the sample shows
"smaller is stronger" behavior [24].

4) At temperature T>Tc, the diffusive plastic deformation is local-
ized into a mushroom-shaped volume at the top part of the pillar.
The smaller deformation volume compared to the displacive
deformation probably arise from promoted cross-slip and climb
of dislocations and pipe diffusion. Moreover, the deforming vol-
ume is demarcated by a moving front interface, which is likely a
newly formed grain boundary. Dislocations coming from the
deforming volume cannot penetrate this interface, but can only
be absorbed into or follow behind it, until a critical high stress of
»1 GPa is reached.
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