
Small Length Scale and High
Strength

It is well known to ma te rials scientists
that ma te rial behaviors, especially mechan -
ical properties, are controlled by defects.
Frenkel estimated the ideal strength of a
crystal to be around one - tenth of its mod -
u  lus. But most metallic ma te rials we  exploit
today deform at around one -thousandth
of their moduli, when dislocations start
to move. For brittle ma te rials, Griffith and
Weibull delineated the sabotaging effect
of cleavage defects in relation to their size
and population. It turns out that conven-
tional monolithic ceramics perform even
much worse than metals in tension.

The gap of 10–3 to 10–1 just described—a
factor of 100 below the ideal strength—is
actually good news: it means we still have
plenty of room for improvement. The most
effective way to potentially close the gap
significantly is to change the length scale
of the ma te rial. This is demonstrated
by recent experiments1,2 (Figure 1a) on

focused - ion - beam-carved Au nanopil lars.
As the pillar diameter approached hun-
dreds of nanometers, one meas ured a  uni -
axial compressive strength of 800 MPa
(Fig ure 1b).2,3 This is extremely high for Au.
Density functional theory4 (DFT) calculation
predicts an ideal shear strength of 850 MPa
to 1.4 GPa for Au, depending on the loading
constraints.5 One needs to further consider
the weakening effect of free surfaces. In this
case, it appears the ideal surface strength,6,7

rather than the ideal bulk strength,5,8

should be used as the benchmark. Prelimi -
nary molecular dynamics (MD) calculations
using embedded - atom potentials9 suggest
the ideal surface strength of metals to be
around half of its ideal bulk strength, as
atoms on the surface are weak ened due to
the missing neigh bors. The experimental
value is thus near the ceiling of what the-
ory expects it can be. The achievability
of such high strength experimentally is

confirmed by independent meas ure ments
on nanoporous Au,10,11 where individual
metal ligaments are tens to hundreds of
nanometers in thickness.

Experimental studies on high - strength
ma te rials systems and phenomena (de-
fined as sustaining stress broadly and per-
sistently at a significant fraction of the
ideal strength) have blossomed in recent
years. One reason is the refinement of
nanoindentation12–16 and other nanoscale
mechanical experiments, which allows
one to study near - ideal strength behavior
quantitatively in a controlled fashion. In
the case of nanoindentation, the small
length scale is not that of the tested ma te -
rial, but the extent of high stress under
the indenter, characterized by the size of the
contact zone. Since elastic ity is governed
by the same family of equations as electro-
magnetics, a spherical indenter tip works
some what like a lens, “projecting” the ap-
plied force to “focus” the maximum shear
stress to an internal point inside the
 sample, away from the surface. This gives
one a chance to probe bulk properties17

near the high - stress spot, which otherwise
could be dominated entirely by the sur-
face. Table I shows some recent experi-
mental results. In the second column, we
have the maximum shear stress inferred
from linear elasticity at major displace-
ment bursts13,14,18 (serrated plastic flow)
during nanoindentation. These should be
compared with the rightmost column,
which is ideal shear strength at zero con-
fining pressure calculated from density
functional theory.5 It is somewhat intrigu-
ing to see that the experimentally inferred
shear strength from nanoindentation cor-
relates with the ideal bulk strength ob-
tained from quantum mechanical theory,
having at least similar magnitudes.

What do these new experimental results
say about defects? I would suggest that
as ma te rials and devices shrink in size, de-
fect nucleation plays a more important
role in defining their behavior. So in these
high - strength systems and phenomena,
we need to pay extra attention to defect
 nucleation.19–21

Defect behavior can be roughly catego-
rized into nucleation and mobility. The
nucleation stage is when a defect forms
its individual, independent identity. Mo-
bility is about how the defect translates
with out changing its identity. The Frank–
Read  dislocation source is a classic ex am -
ple of nucleation, because a free, separate
dislocation loop forms each time the
source operates. The athermal stress (de-
fined later) required to give birth to a new
loop is �ath � Gb/d, where G is the shear
modulus, b is the Burgers vector, and d is
the distance between two pinning points.
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Defect nucleation plays a critical role in the mechanical behavior of ma te rials, espe -
cially if the system size is reduced to the submicron scale. At the most fundamental level,
defect nucleation is controlled by bond breaking and reformation events, driven typically
by mechanical strain and electronegativity differences. For these proc esses, atomistic
and first - principles calculations are uniquely suited to provide an unprecedented level of
mechanistic detail. Several connecting threads incorporating notions in continuum 
me chanics and explicit knowledge of the interatomic energy landscape can be identified,
such as homogeneous versus heterogeneous nucleation, cleavage versus shear - faulting
tendencies, chemomechanical coupling, and the fact that defects are singularities at the
continuum level but regularized at the atomic scale. Examples are chosen from nano-
in dentation, crack - tip proc esses, and grain - boundary proc esses. In addition to the capacity
of simulations to identify candidate mechanisms, the computed athermal strength, 
acti vation energy, and activation volume can be compared quantitatively with
experiments to define the fundamental properties of defects in solids.



Now in  general, d is some kind of length
scale—for example, the average grain
size—and this inverse correlation between
strength and length scale happens fre-
quently in ma te rials (the exponent22 may
not be �1; it may be �1/2 or some other
value). The Frank–Read source thus has a
sensitive length - scale de pend ence. Subse-
quent expansion of this loop against, for
instance, solute drag, is clearly an issue of
mobility.

The distinction between nucleation and
mobility is not always clear - cut. For ex am -
ple, forest dislocation hardening,32 which
has similar length scaling as operating the
Frank–Read source, is probably better con -
sidered a problem of mobility only because
we envision the advancing mobile disloca -
tion maintaining its identity as it overcomes
obstacles (i.e., the “forest” of dis locations it
encounters in other slip systems). It is per-
haps useful then to acknowledge there is a
continuum between nucleation and mo -
bil ity, depending on the degree of identity
change as mobile defects carry out free
 energy relaxation.

With that in mind, let us examine an-
other high - strength system, nanocrys-
tals.33 Figure 1c shows high - purity Cu with
nanoscale growth twins synthesized by
pulsed electrodeposition, with twin lamella
thickness on the order of 10 nm.34 This ma -
te rial has a tensile strength approaching
1 GPa, again a respectable fraction of cop-
per’s ideal strength,5,8 although a lesser frac-
tion compared with previous ex amples.
From strain - rate sensitivity meas ure -
ments,35 the activation volume32 was deter-
mined to be 12b3 to 22b3, which suggests
interface - mediated slip transfer reactions
to be the rate - limiting proc ess.36,37 To carry
out plastic deformation, dislocations are
forced to execute the kind of zigzag mo-
tion illustrated in Figure 1c, because the
active slip system has to change from one
lamella to the next. One may alternatively
say new dislocations (either interfacial dis-
locations or bulk dislocations37) must be
nucleated at each twin interface in order to
satisfy Burgers vector conservation, and
these nu cleation barriers are the reason for
the ma te rial’s extraordinary strength. In ci-
den tally, this and some other nanocrystal-
line systems also manifest reasonably good
ten sile ductility (Figure 1d),38,39 bolster ing
the hope that high - strength nanocrys -
talline sys tems may be developed into
structural ma te rials that are truly superior
to conven tional coarse - grained ma te rials.
Other high - strength systems include
metallic glasses,40,41 ma te rials under shock
 loading,42 and carbon nanotubes.

Understanding defect nucleation in
stressed ma te rials is not just important for
traditional structural applications. Strained
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Figure 1. (a) Focused-ion-beam-carved  single-crystal Au nanopillar (diameter, 660 nm), after
compression by a flat punch (left, �15% strain; right, �30% strain). (b) Uniaxial
compression stress–strain curve for a 350-nm-diameter pillar. (Adapted from Greer et al.2)
(c) Nano-twinned Cu synthesized by pulsed electrodeposition. The red zigzag line (added
by the author) indicates the necessary path for dislocation motion. (d) Tensile stress–strain
curve of nano-twinned Cu compared with nanocrystalline (nc) Cu with only general grain
boundaries and coarse-grained Cu, showing high strength and good ductility. Inset shows
shape and size of  sample used for tensile testing. (Adapted from Lu et al.34)

Table I: Recent Experimental Results of Maximum Shear Stress �max Sustained at
a High-Stress Spot inside a Tested Sample during Nanoindentation.

Ideal Shear
Tested Maximum Shear Experimental Strength at Zero 
Sample Stressa Reference Pressure

Pt 4.4 GPa Mason et al.23 5.3 GPa24

Al ~2 GPa Minor et al.15 2.8 GPa5,8

Cu ~6 GPa Wang and Lu25 2.2 GPa5,8

Ni3Al ~8 GPa Wo et al.26 11 GPa (G/2�)

Au 2–6.5 GPa Asenjo et al.27 850 MPa5

Ni ~8 GPa Lorenz et al.28 5 GPa5

W ~15 GPa Lorenz et al.28 17 GPa5

SiC ~25 GPa Schuh and Lund29 31 GPa5

Cr3Si 18.1–21.7 GPa Bei et al.30 20.5 GPa (G/2�)

GaAs 5–10 GPa Leipner et al.28,31 8.6 GPa (G/2�)

a Maximum shear stress inferred from linear elasticity �max � 0.31(6PE*2/�3R2)1/3 during
nanoindentation. P is indentation load, R is radius of curvature of the indenter tip, E* is the effective
elastic modulus, and G is the resolved shear modulus.



silicon is a new technology43,44 where a
rather significant stress (for brittle ma te -
rials, if they are macroscopic) is applied
inten tionally to nanoscale regions of the
integrated circuit to improve carrier mo-
bil i ties. This technology is now functioning
in many of our personal computers whose
chip feature size has already reached
65 nm, and is regarded as one of the major
means to delay the breakdown of Moore’s
law. Eventually, this technology may be
limited by defect generation,44,45 which re-
laxes the strain. Similarly, how defects
form in carbon nanotubes46–49 may be im -
por tant for the assembly and functioning
of nanotube -based devices. As small - scale
ma te rials have increasingly become the
basic building blocks of our technology,
and as there is clear experimental evidence
that small - scale ma te rials possess funda-
mentally different mechanical properties
from their macroscale counterparts, it has
become im perative to understand defect
nucleation at a more fundamental level.

Atomistic Modeling and
Mechanics Framework

While defect nucleation is of most im-
portance in high - strength systems, it often
cannot be ignored in low - strength sys-
tems. Dislocation nucleation near crack tips
has long been suspected to be a control-
ling fac tor in the brittle - to - ductile transi-
tion.50–54 Dislocation cross - slip,55 a critical
proc ess in the thermal recovery of coarse -
 grained ma te rials, may be regarded as a
nucleation event because of the change in
dislocation character (slip plane). Finally,
the mobility of a larger defect is often con-
trolled by the nucleation of smaller defects
on itself, for instance, double kinks in the
thermally activated motion of screw dislo-
cations in semiconductors,56,57 bcc metals,58

and crack kinks in the lattice trapping of
cleavage cracks.59,60 To rationalize and some -
times fit experimental results, a semi-
analytical frame work has been developed
historically32,61,62 on the basis of transition -
 state theory and the Peierls concept.50,51,63

It is only in recent years, however, that this
analytical framework has been confronted
with data from direct atomistic calcula-
tions.64 Such computer models typically
involve 104–106 atoms, as the 3D geometry
tends to be complex and there is often a
significant elastic interaction component.
For this number of atoms, high - accuracy
first - principles calculations cannot be ap-
plied to attack the problems directly, and
employment of empirical interatomic po -
tentials9 is necessary. Novel transition -
 pathway search algorithms such as the
nudged elastic band (NEB) method65 are
used to explore the potential energy land-
scape and find the saddle point of such

nanomechanical thermally activated 
proc esses.54–56,58,60,66

Atomistic calculations are uniquely
suited for studying unit proc esses, because
one has perfect control of the initial and
boundary conditions in the calculation
and access to all energetic and geometric
information. Calculations employing em-
pirical interatomic potentials are limited
by the accuracy of the potential. But this
should not be its Achilles’ heel in this con-
text, because the basic mechanics of the
framework should apply to the real sys-
tems as well as to “model” systems in the
computer. It is therefore critical to phrase
the atomistic calculation results in the
 language of the mechanics framework, to
identify the important ma te rial parameters
(surface energy, unstable stacking energy,63

unstable twinning energy,67 multiplane gen -
eralized stacking fault energy,8,68 shearabil-
ity,5 etc.) for the particular atomistic proc ess
through, for instance, parametric studies.
The best outcome of an atomistic calcula-
tion is to improve a mechanics framework
by introducing new ma te rials concepts
and/or improving old connections. This
forces one to throw out less relevant de-
tails (model reduction). Currently, real ma -
te rials are often still too complex chemically
for direct atomistic calculations with em-
pirical potentials. But, if we have estab-
lished a mechanics framework that is well
calibrated against atomistic calculations
for simpler systems, most of the critical
ma te rial parameters for these chemically
complex systems may be obtainable from
ab initio calculations,69 circumventing the
need for direct atomistic calculations case
by case.

The usual starting point for discussing
defect nucleation is the harmonic transition -
state theory (TST) expression R �
�exp(–Q/kBT), where R is the nucleation
rate, Q the activation free energy, kBT
the amount of thermal fluctuation, and � the
attempt frequency. While harmonic TST
can fail, for many problems it is a suffi-
ciently reasonable approximation. At low
T, Q is dominated by the potential energy
dif ference Usaddle � Uinitial between the rate -
 limiting saddle point and the initial local
minimum in the 3N - dimensional config -
urational space x3N, where N is the total
num ber of atoms. The minimum energy
path (MEP), also called the reaction or tran -
sition path, is a parameterized curve x3N(s)
that connects two local minima on the po-
tential energy landscape U(x3N) via one or
more saddle points; s is called the reaction
coordinate, often taken to be the hyper-
space arc length ∫(dx3N · dx3N)1/2. When T is
large and the entropy effect becomes sig-
nificant, Q is the free - energy difference
 between the 3N – 1 dimensional dividing
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Q � Usaddle � Uinitial � kBTln(� �i
initial/

� �i
saddle),                                   (1)

3N–1

3N–1

i�1

i�1

where �i is the frequency of a vibrational
normal mode, with the normal mode along
the MEP excluded from the quotient. Both
the MEP and Q depend on the local stress
�: Q � Q(�); or in the case of crack - tip
 activation, the stress intensity factor 
K: Q � Q(K).

Heterogeneous defect nucleation means
the birth of a new defect, which at one
point during its nucleation must be topo-
logically connected to a preexisting defect.
The new defect should have a distinct char -
acter from the preexisting defect, for in-
stance, an embryonic dislocation emitting
from a crack, or a daughter crack emitting
from a mother crack on a different plane;
otherwise this would simply become the
propagation of the old defect. Homoge-
neous defect nucleation means birth of a
new defect without the “direct aid” (topo-
logical contact) of preexisting defects; “in-
direct aid” via long - ranged elastic stress is
allowed. However, its effect can then be
absorbed into the local stress �.

One may also find in some literature
that the term “homogeneous nucleation”
means nucleation of a symmetry - breaking
defect from an old defect that had higher
symmetry, for instance, nucleation of  dou -
ble kinks on a perfectly straight dislo cation
or nucleation of an embryonic dislocation
loop out of an atomically flat surface. There
are some merits to this definition. As long
as the context is clear, there is no confu-
sion. Here, I take homogeneous nucleation
to mean defect nu cleation within a perfect
crystal, under high stress.

Athermal Threshold
For both homogeneous and heteroge-

neous nucleation, we define the athermal
threshold stress �ath as when Q(�ath) � 0
(see Figure 2). Since stress is a tensor, �ath
is generally a five - dimensional “yield sur-
face” in stress space. The athermal thresh-
old condition corresponds to the limit where
the driving force is so large that the acti-
vation barrier vanishes, so nucleation can
proceed even at 0 K. For crack - tip nucle-
ation, we can define the athermal threshold
stress intensity factor63 as when Q(Kath) � 0.
Since there are three crack modes, Kath is
generally a two - dimensional surface. Note
that Kath is a different physical entity from
the critical stress intensity factor Kc for
brit tle fracture in the well - known Griffith
criterion, which is a thermodynamic con-
dition for crack propagation. The Griffith

surface, leading to the final state and the
initial potential energy basin,



criterion specifies at what load the free en-
ergies of the initial and final states are
equal. Kath specifies at what load the
 activation barrier vanishes, so kinetically
the crack can move even at 0 K. The differ -
ence between Kc and Kath is called the
 lattice trapping range.59,60 Similar consid-
erations hold for all defect proc esses.

The athermal threshold �ath is usually
the first thing one needs to know regard-
ing any homogeneous or heterogeneous
nucleation proc ess, because it sets the limit
on the Q(�) characteristics. For instance,
�ath is called the Peierls stress when dis-
cussing double kink nucleation on a dis -
location. With atomistic calculations, the
athermal threshold condition can be pre-
cisely determined by normal mode analy-
sis,70,71 where one looks at softening—that
is, vanishing of the frequency—of any vi-
brational mode. This is because as � → �ath,
the initial state and the saddle state on the
MEP merge, and the stability domain of
the free energy basin vanishes along a par-
ticular direction, which is that of the MEP.
In systems with translational symmetry,
such as crystalline bulk,72 surfaces/
interfaces,6 or wires,6 one can further exploit
this symmetry to simplify the analysis.73

A particularly fortunate circumstance
arises when the soft normal mode is a
long - wavelength phonon or elastic wave,72

for which a closed - form expression,

	min (�) � min�k���w��1 (Cijklkjkl)wiwk


 �jlkjkl ,                              (2)

can be derived for the athermal threshold:
	min(�) � 0, where Cijkl is the elastic con-
stant at finite stress, k is the normalized
wave vector, and w is the polarization dis-
placement of the trial elastic wave. When
	min(�)  →  0 as � → �ath, the system under-
goes instability of essentially the same na-
ture as in spinodal decomposition,74 except
the conserved quantity here is not chemi-
cal concentration, but the total strain (elas-
tic strain plus inelastic or transformation
strain). Instead of two chemical phases pre-
cipitating out as in spinodal decomposi-
tion, here inelastic strain - carrying defects
would “precipitate out,” in a matrix of
elastic strain - relieved crystal. When k � w,
that is, the soft elastic wave is lon gitudinal
and strain fluctuations are of  tensile
character, a microcrack is likely to result
following the phonon instability. If, on the
other hand, k�w, that is, the soft elastic

wave is transverse and strain fluctuations
are of a shear nature, dislo cations are
likely to be nucleated. This  criterion has
been shown in very low - temperature
MD simulations of nanoindentation
to be capable of predicting the precise lo-
cation and character (Burgers vector,
slip plane) of homogeneously  nucleated
dislocations.

Not all crystals reach their athermal
limit by Equation 2. Indeed, most crystals
may not:70 even simple lattices like fcc Al
have non - Brillouin zone center phonons
that first become unstable under shear.75

Nonetheless, Equation 2 may still be a
 useful indicator because usually an entire
phonon branch gets soft together in a
 particular k direction, and whether the
zone - center or zone - boundary phonon
frequency touches zero first often does not
make a big difference in �ath prediction.
Collecting and condensing diffuse elas -
tic strain into localized inelastic strain,76

causing free energy reduction, is the
rai son d’être of large defects like disloca-
tions and cracks. Since 	min(�) character-
izes the elastic stiffness of the medium, it
also comes into play for elastically soft-
ened ma te rials at high stress.

Activation Volume and Activation
Exponent

With atomistic calculations54–56,58,60,66 one
can compute Q(�). Since one can only per-
form a finite number of calculations, it is
very important to have a physically sound
functional form for Q(�) to interpolate the
data. The activation volume is defined as
�(�) � –∂Q/∂�. Because � is a tensor, � is
generally a strain - like symmetric tensor
with unit volume. The intuitive interpreta-
tion of � is the total volume of coherently
activated atoms, multiplied by their trans-
formation strain77 at the saddle with
 respect to the initial state. The more “col-
lective” a certain activation event is, the
larger its activation volume. Thus, ther-
mally activated forest dislocation cutting
tends to have a much larger activation
 volume (�103b3) than thermally activated
vacancy hops (�0.02b3 to 0.1b3), since the
former involves the collective fluctuation
of a dislocation segment whose length scale
is defined by external pinning points,
while vacancy motion is mainly one atom’s
“decision.” The activation volume �(�) is
clearly a very important quantity to com-
pute,37 because once we know the activa-
tion energy and activation volume at a
reference load � � �0, we can predict the
activation energy and therefore nucleation
rates at loads not too far from �0, by the
Taylor expansion

Q(�) � Q(�0) � Tr�(�0)(���0),         (3)
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Figure 2. Illustration of activation energy Q(�) of stress-driven activated proc esses. Two
proc esses with the same athermal threshold stress �ath but different activation volumes are
compared. A larger activation volume means the Q curve is steeper, the activated proc ess
is more “collective,” and correspondingly there is less thermal uncertainty in the stress at
which it might happen, indicated by the range of the horizontal arrows. For instance, point
defect migration usually has an activation volume � � 0.02b3–0.1b3, while forest
dislocation cutting usually has � � 103b3 (where b is the Burgers vector). This means the
latter is a much more “athermal” proc ess, unlikely to happen unless the applied stress � is
above 90% of �ath (for a ma te rial with 200 MPa yield strength), while diffusion can happen
at almost any stress (al though usually at somewhat higher temperature). This large sepa-
ration in the scale of activation volume is the physical basis for the distinction between yield
and creep.



where Tr is the trace operation performed
on a matrix. In other words, � is the tangent
slope of the Q(�) curve versus � if plot ted
in 1D (see Figure 2) and can be used for
extrapolating. Experimentally, �(�0) is in-
versely proportional to the strain - rate sen-
sitivity at � � �0 for a macroscopic sam ple
and thus can be meas ured.35 It can also be
meas ured for nanoscale systems exhibit -
ing discrete relaxation events by  statistical
techniques.23,26

As a Taylor expansion, Equation 3 can-
not cover the whole range of stress accu-
rately. In particular, one cannot perform
Taylor expansion at � � �ath, because
�(�ath) � 0. This is to say, Q(�) must ap-
proach zero value at � � �ath with zero
slope, as illustrated in Figure 2. This is a
rigorous result, because by definition, at
� � �ath the initial state and the saddle state
merge, so the amount of activated trans-
formation must approach zero as � → �ath.

This requirement is satisfied by a “3/2
model,” as discussed by Cahn and
Nabarro61 and Cottrell.62 In this model, Q(�)
behaves as �(�ath – �)3/2 when � → �ath.
This would mean the activation volume
�(�) drops as (�ath – �)1/2 when � → �ath.
While the basis for the derivation of the
3/2 model is quite general, it may not
be applicable to all thermally activated
proc esses, in particular, those nucleation
proc esses whose rates are limited by
bifurcation - type events. To keep the dis -
cus sion general, we may assume that Q(�)
can be fit well by the form A(�ath – �),
where  � 1 is called the activation expo-
nent and ,A are independent of stress. The
three parameters �ath, , and A thus com-
pletely specify Q(�) and �(�) functional
forms and can be used to interpolate
 modeling or experimental results.

Cracks and Dislocations
A bond can break in tension or shear.5

In the latter case, a new bond will usually
form immediately afterward between the
new atomic neighbors. Cracks and dislo-
cations are bond - breaking “machines” that
nature builds to relieve the diffuse elastic
strain energy stored elsewhere in the ma-
trix.76 These machines are very efficient, in
the sense that it takes relatively small stress
�� to operate them continuously. This is
because cracks and dislocations work like
levers, amplifying the far - field stress �� so
that the few bonds inside their cores liter-
ally sustain a stress level (in the general-
ized sense) approaching the ideal strength
and, thus, break. It does cost something,
sometimes a lot, to build these sophisti-
cated machines. This initial payment is the
nucleation barrier.

It is usually beneficial to regard cracks
and dislocations as singularities at the con  -

tinuum scale. But figuring out the absolute
formation energy of a true singularity is
impossible. With the Peierls model (cohe-
sive zone model for cracks),51,63 where non-
linear, nonconvex potential energy terms68

are added, these singularities are regular-
ized, having a finite size,78 thus allowing
activation energy calculations to be carried
out.52 The Peierls framework is absolutely
essential for discussing dislocation nucle-
ation: the theory is asymptotically exact in
the limit of large dislocation core size. How
to calibrate this framework79 with the acti-
vation energy54–56,58,60,66 and activation vol-
ume37 results from atom istic calculations
is a great challenge facing the modeling
com munities. Some basic issues, such as
how to properly define and calculate the ab -
solute dislocation core energy atomistically,
have only recently been worked out.80,81

Figure 3 shows an ex ample of the cal -
culated MEP of dislocation nucleation
from a crack tip in Cu.54 Sequential atom-
istic configurations on the activation path-
way are rendered in Figure 3a, with the
saddle - point configuration shown in Fig-
ure 4a. Compared to point - defect proc -
esses and most chemical reactions, this
reaction is clearly more “collective” (larger
activation volume), involving tens to hun-
dreds of “non - trivially activated” atoms
with new nearest neighbors at the saddle
point, and significant elastic adjustments
in the matrix. To make connections with
the Peierls framework, we calculate the
relative displacement between atoms on
two sides of the slip plane. This discrete
data set is  interpolated to form an inelastic
displacement field �(x), which is further
decomposed into inelastic shear dis-
placement ��(x) parallel to the slip plane
(Figure 4b), and tensile opening compo-
nent �� (x) normal to the slip plane
(Figure 4d). The dislocation core is best vi-
sualized by looking at |���(x)|2 (Fig-
ure 4c), showing that the core is simply the
domain wall between inelastically sheared
and unsheared regions. Yet, in the heart of
this shear - dominant secondary singular-
ity, there is also a small tensile component.
Figure 4d shows that �� (x) is maximized
near where |���(x)|2 is maxi-
mized. Such are the intricacies of shear -
 tension coupling, with one kind of
singularity giving birth to another kind.
For ex ample, we know experimentally
that when several dislocations are piled
up against a hard interface, a microcrack
may be nucleated, often leading to frac-
ture initiation. This would then be classi-
fied as a shear singularity giving birth to a
tensile singularity. This classification
scheme can be applied to most hetero-
geneous defect nucleation proc esses
(Table II).

Defect Processes in
Nanoindentation

Despite active investigations of the last
decade,16 our understanding of ma te rial
response to nanoindentation is still incom-
plete. While the soft phonon explanation
gives a rudimentary account of the high
strength observed (Table I), the criterion it-
self is strictly valid only in the ideal limit
of very low temperature and defect - free
surface and bulk. Using in situ nanoinden-
tation inside a transmission electron mi -
cro  scope, Minor et al. observed dislocation
activity prior to major displacement bursts.15

Yet the maximum shear strength inferred
at the major displacement bursts is still
very high, �2 GPa. For comparison, the
relaxed (111)〈112–〉 ideal shear strength of
Al computed from DFT is 2.8 GPa.5,8 One
must note, however, that constraining pres -
sure has a significant effect on the ideal
shear strength (Table III). The stress state
induced by the indenter is quite complex,
since ma te rials are anisotropic and are also
softened nonlinearly by the high shear
stress (when approaching the top of the
Frenkel stress–strain sinusoid) while they
are hardened by the confining pressure.
Only state - of - the - art stress modeling82,83 is
capable of estimating the true stress distri-
bution under the indenter. In this sense,
the popular linear elasticity formula �max
� 0.31(6PE*2/�3R2)1/3 and the view that
there exists a constant ideal shear strength
value is convenient, but far from quantita-
tively accurate.82,83

The in situ observations15 point to the
possibility of heterogeneous dislocation nu -
cleation at the high - stress spot, aided by
preexisting defects, which then trigger the
major displacement bursts. These preexist -
ing defects must be sessile—for ex ample,
Lomer–Cottrell locks, other sessile disloca-
tion structures,72 vacancies—because if they
were glissile they would move away from
the high - stress region very quickly, before
heterogeneous nucleation can occur. It
would still require very high stress, a sig-
nificant fraction of the ideal strength, to
 nucleate glissile dislocations out of these
originally sessile structures.72,84 These het-
erogeneous nucleation proc esses have
 already been observed in our MD sim u la -
tions of nanoindentation, and they are de-
scribed and discussed in this context.72,84

They have been shown to be capable of
leading to large displacement excursions
(Figure 5).84 The athermal threshold stress
to operate these heterogeneous nucleation
sources is typically 1/4 to 1/2 of what it
would take if it were homogeneous dislo-
cation nucleation. The heterogeneous dis-
location nucleation scenario is certainly
possible in view of Reference 15 and the
intrinsic uncertainties reflected in Table III.
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Figure 4. Analysis of the inelastic displacement field �(x) on the inclined slip plane at the saddle point (iv) (see Figure 3a), obtained by spline
interpolation of the discrete atomic dis placements. (a) Atomic view of the embryonic dislocation loop. (b) Inelastic shear displace ment � �(x)
normalized by the partial Burgers vector bp � a0[112]/6, and (c) |�� �(x)|2. (d) Tensile opening displacement ��(x) normalized by interplanar
spacing h0 � 3–1/2a0.

Figure 3. (a) Geometry of a mode I crack containing 24 unit cells (61 Å) in the x2 direction and 103,920 Cu atoms in an R � 80 Å cylinder.54

Atoms within 5 Å of the cylinder border are fixed according to the anisotropic linear elastic Stroh solution. Schematics (i) to (ix) show the
sequential 9 nudged elastic band (NEB) images on the minimum energy path, with (iv) being the saddle point; only atoms whose coordination
number differs from 12 are shown. (b) Continuum Stroh solution and (c) the actual atomistic local stress distribution of �yy at (KI /K I,ath)2 � 0.75.
(d) 3D activation pathway (solid red curve) of partial dislocation emission by bow-out, and its competing 2D pathway, where the dislocation
remains straight during emission (dashed curve). Adapted from Phys. Rev. Lett. 93 025503 (2004).



The Mechanics and Physics of Defect Nucleation

MRS BULLETIN • VOLUME 32 • FEBRUARY 2007 • www.mrs.org/bulletin                                                                                                                                                   157

Figure 5. Molecular dynamics simulation of spherical indentation of {111}  single-crystal Al thin film. (a)–(f) Key transitions in the load-
displacement (P–h) response, with snapshots of atomic activities within the crystal (only atoms whose coordination number differs from 12 
are shown). Displacement excursions from (b) to (f) are triggered by heterogeneous nucleation of prismatic dislocation loops and threading
dislocations. Adapted from Phys. Rev. B 67 104105 (2003).

Table II: Examples of Thermally Activated Heterogeneous Defect Nucleation
Processes.

Tensile singularity giving birth to Tensile singularity giving birth to
tensile singularity: shear singularity:

Cleavage crack kink nucleation60 Crack-tip dislocation emission54

Crack deflection at interfaces Crack-tip twinning67

Mother–daughter crack Void-induced shear localization

Shear singularity giving birth to Shear singularity giving birth to 
tensile singularity: shear singularity:

Cracking of brittle inclusions and Dislocation cross-slip55

cracking at grain or phase boundaries Dislocation kink nucleation56,58

in front of dislocation pile-up Slip transfer reaction 
Crack or void nucleation at dislocation (reactants/products include lattice and/or 

junction or twin intersections interfacial dislocations) at grain 
or phase boundaries37

Table III: Density Functional Theory
Calculated (111)〈112–〉 Ideal Shear

Strength of Al and Cu as a Function of
Confining Pressure.

Al (GPa) Cu (GPa)

P = 0(GPa) 2.84 2.16

P = 10(GPa) 4.49 2.46

P = 20(GPa) 5.90 2.84

�yy = –10(GPa) 1.78 3.12

�yy = –20(GPa) 1.41 3.54

�zz = –3(GPa) 3.64 2.03

�zz = �yy = –10(GPa) 3.98 4.38

�zz = �yy = –20(GPa) 5.26 6.52

P is hydrostatic pressure; �yy and �zz is normal
stress in the [11–0] and [111] direction, respec -
tively. Adapted from Science 298 (2002) p. 807.



Using temperature - controlled nanoin-
dentation, Schuh et al.23 meas ured the nom -
inal activation volume in Pt to be �0.5b3.
Ngan et al.26 meas ured the nominal acti-
vation volume in Ni3Al to be �1.5b3. These
data are intriguing because dislocation proc -
esses in conventional size - scale ma te rials
tend to have much larger activation vol-
umes. However, our recent atomistic cal-
culations on slip - transfer reactions in
nano - twinned Cu37 and on vacancy - aided
and surface - aided dislocation nucleation
indicate that � can range anywhere from
2b3 to 30b3 at stress �0, which gives a very
reasonable activation energy Q(�0) such
as 0.5 eV (corresponding to experimental
strain rate at room temperature) in these
high - strength systems. So dislocation nu-
cleation is not excluded by these exper -
iments. Moreover, there is a distinction
between what I call “nominal” and “true”
activation volume in nanoindentation. As
I mentioned, linear elasticity gives a nom -
inal stress prediction �* at the high - stress
spot, but it may not be what the true stress
� actually is due to nonlinear effects.82,83

One may, however, define the nominal ac-
tivation volume to be �* � �∂Q/∂�*, a
quantity that is convenient in handling
 experimental data. Clearly, the nominal
activation volume �* is related to the true
activation volume by

�* � –    ∂Q/∂�* � (–∂Q/∂ �)(∂ �/∂�*) 
� �(∂ �/∂�*).             (4)

One may show, however, that the ∂�/∂�*
factor can be significantly smaller than 1,
due to nonlinear elasticity effects. This is
in addition to the fact that the true activa-
tion volume � itself is tending to zero as
� → �ath. Combining these factors, calcula-
tions show that even homogeneous dislo-
cation nucleation can be surprisingly
“thermal,” with non - negligible statistical
uncertainties in the critical indenter load
at nucleation. Whether homogeneous nu-
cleation occurs or not in practice, how -
ever, is a function of the perfectness of the
 sampled volume and loading history.17,85

Summary
Defect nucleation is an important prob-

lem, linking mechanics, physics, and chem -
istry at the nanoscale. I have outlined a few
threads of this vast subject. Many aspects,
such as diffusive (instead of displacive)
nucleation proc esses, are unfortunately not
included. Atomistic and first - principles
modeling methods are uniquely suited for
studying nucleation mechanisms. The
present experimental focus on high - strength
systems and phenomena provides ample
opportunities for such investigation.
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