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Abstract
In Ni-base superalloys, superlattice extrinsic stacking fault (SESF) shearing of c0 precipitates involves coupled dislocation glide and
atomic diﬀusion. A phase-ﬁeld model is developed to study this process, in which the free energy of the system is formulated as a function
of both displacement and long-range order parameter. The free energy surface is ﬁtted to various fault energy data obtained from experiments and ab initio calculations. Three-dimensional simulations at experimentally relevant length scales are carried out to investigate
systematically the inﬂuence of microstructural features on the critical resolved shear stress. The simulations reveal that the critical
resolved shear stress for SESF shearing is determined not only by the SESF energy itself, but also by the complex stacking fault energy
and by the shape (interface curvature) and spacing of c0 precipitates. The eﬀect of reordering kinetics (i.e. temperature eﬀect) is also investigated. It is found that viscous deformation can only occur within certain domain of intermediate temperatures.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Plasticity; Deformation twinning; Diﬀusion; Atomic ordering; Phase ﬁeld

1. Introduction
Plastic deformation and microstructural evolution in
crystalline solids are often controlled by mechanochemical
or displacive–diﬀusional coupled processes. Consider, for
instance, dislocation–precipitate interactions in Ni-base
superalloys. Dislocation shearing processes can couple
strongly to diﬀusive processes such as chemical reordering
in governing the rate of deformation (see Ref. [1] for a
recent review). On the other hand, dislocation plasticity
can also change the precipitate microstructure in a socalled directional coarsening or rafting process [2–4]. While
extensive eﬀorts have recently been made to simulate coupled c0 microstructural evolution and c-channel dislocation
plasticity during rafting of high misﬁt superalloys for turbine blade applications [5–11], limited work has been done
⇑ Corresponding author. Tel.: +1 614 292 0682; fax: +1 614 292 1537.

E-mail address: wang.363@osu.edu (Y. Wang).

on the diﬀusion-mediated shearing process of c0 particles in
low-misﬁt superalloys for turbine disk applications.
Although disk alloys are not, like turbine blades, projecting
directly into the hot gas stream, they work under much
higher stress (up to 1000 MPa) at intermediate temperatures (around 650 °C) [12]. Thus they exhibit even more
complicated deformation behaviors [13–15] as compared
to the blade alloys. As discovered recently through experimental characterization [1,16], superlattice extrinsic stacking fault (SESF) shearing is one of the important
deformation mechanisms occurring in Ni-base superalloys
under such service conditions.
Depending on temperature and stress, the interactions
between dislocations and c0 particles may follow several distinct paths. The typical microstructure of a disk alloy (such
as Rene88 or Rene104) contains fully coherent secondary
and tertiary c0 particles (Ni3Al with L12 structure) in the c
matrix (Ni based face-centered cubic (fcc) solid solution)
[17]. At low temperatures (<600 °C), the deformation
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mechanism is dominated by shearing of c0 via paired a/
2h1 1 0i type dislocations with an anti-phase-boundary
(APB) in between [18–20]. However, at much higher temperatures (>800 °C), climb of individual a/2h1 1 0i dislocations bypassing c0 particles becomes the dominant
deformation mechanism [2,21]. At temperatures between
600 and 800 °C, multiple deformation mechanisms have
been reported, such as formation of isolated faults by SESF
or superlattice intrinsic stacking fault (SISF) shearing
[22–25], formation of stacking fault ribbon [26–28], and
formation of extended faults that traverse the matrix and
precipitates [13,22,29]. A typical deformation mechanism
that demonstrates viscous behavior was proposed by Kolbe
[30]. As two identical a/6h1 1 2i Shockley partials shearing
on adjacent {1 1 1} planes, thermal activation is required
for atomic reordering to form SESFs in the c0 phase. Thus,
it links the temperature eﬀect directly to plastic deformation
by showing the critical role played by short-range diﬀusion
(atomic ordering) during creep test at intermediate temperatures. This mechanism leaves thin twin plates (around 4–50
atomic layers thick) propagating through both precipitates
(via SESF shearing of the c0 particles) and c matrix, which is
often referred to as “microtwinning”.
The objective of this paper is to study the diﬀusion-mediated SESF shearing process via computer simulations
using the phase-ﬁeld method. Other deformation mechanisms that might involve reordering include “isolated”
SESF, SISF shearing by a/3[1 1 2] dislocations and stacking fault ribbons operated by a[1 1 2] dislocations [1]. In
order to study these diﬀusion-mediated shearing processes,
we introduce a long-range order parameter and ordering
kinetics [31] into the microscopic phase-ﬁeld model of dislocations [32–34] to describe the reordering process that
leads to the formation of microtwins. The free energy of
the system is formulated as a function of both displacement
and long-range order parameter ﬁelds. Ab initio calculations and experimental data on various fault energies are
utilized in the free energy formulation. Computer simulations and analytical calculations are carried out to investigate how microstructural and materials parameters such as
size, shape and spatial distribution of c0 particles, precipitate–matrix interfacial width, reordering kinetics (temperature) and various fault energies inﬂuence the SESF
shearing process.
In the following section, the generalized stacking fault
(GSF) energy landscapes of the ordered and disordered
phases and the SESF shearing process are presented,
together with the introduction of a free energy surface formulated for the shear–diﬀusion coupling. The formulation
of the elastic energy and the kinetic equations are also presented in Section 2. Simulation results of SESF shearing
under diﬀerent stress levels and reordering kinetics are presented in Section 3. Discussions on how microstructure features such as c0 particle size, shape and material parameters
such as complex stacking fault (CSF) energy and c–c0 interface width aﬀect the critical resolved shear stress (CRSS)
for SESF shearing are included in Section 4.
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2. Model formulation
2.1. Generalized stacking fault energy surface and minimum
energy pathway
The GSF energy surface (also referred to as the “C-surface”) characterizes the potential energy landscape with
respect to an arbitrary displacement on a given glide plane
[35]. In both the c (fcc solid solution) and c0 (L12) phases in
Ni-base superalloys, the {1 1 1} octahedral planes are the
common slip planes and the GSF energy landscape of the
{1 1 1} slip plane deﬁnes the minimum energy path
(MEP) of a speciﬁc shearing process. Such GSF energy
contours for both the c and c0 phases in a binary Ni–Al
alloy determined by ab initio calculations [1,33,34] are
shown in Fig. 1. All faults are indicated on the C-surface
by diﬀerent symbols. The focus of this study is on the
shearing along one of the h1 1 2i directions, which is the
x-axis on the plot. The solid arrows and dotted arrows represent the shearing mode of the a/6h1 1 2i type partial dislocations, which ﬁrst creates an intrinsic stacking fault
(ISF) in the c matrix. The ISF then changes to an extrinsic
stacking fault (ESF) after the second partial (with the same
Burgers vector but one atomic layer above the slip plane of
the ﬁrst one) shears through. While in the c0 phase, the
same process creates ﬁrst a CSF and then a two-layer
pseudo-twin structure. Both the CSF and the pseudo-twin
structure are high-energy conﬁgurations that prevent further shearing of c0 . However, if atomic reordering could
take place, the pseudo-twin structure will be converted into
a true twin structure via the formation of the low-energy
SESF. Thus, the additional structural reordering degree
of freedom cannot be overlooked when constructing the
free energy landscape to identify the minimum energy pathway for the shearing deformation process of c0 phase at elevated temperatures.
Since the shearing mode of interest in the above process
is along a single direction, i.e. the h1 1 2i direction, the GSF
energy landscape of both phases along this direction has
been determined using ab initio calculations [33]. The
result, Cst ðgÞ, is shown by the thick solid line (black) in
Fig. 2, where the x-axis (g) represents the magnitude of
the h1
ﬃ
p1ﬃﬃ2i
displacement vector in reduced unit
g  u= 6a=6 , where a is the lattice constant, u is the displacement) and y-axis (f) is the stacking fault energy (in
mJ m–2). The dotted yellow1 curve Cc ðgÞ represents the
GSF energy landscape along h1 1 2i in the c phase. It is
readily seen that the energy of the pseudo-twin conﬁguration is extremely high (about twice the CSF energy). In
order to explore the minimum energy path of the deformation when atomic reordering is allowed, a long-range order
(lro) parameter, /, is introduced to characterize the degree
of reordering [31,36]. The introduction of / forms a new

1
For interpretation of color in Figs. 1–4, 10, 13 and 15, the reader is
referred to the web version of this article.
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Fig. 2. Energy contour projection along the h1 1 2i shearing direction.

where
degree of freedom of the GSF energy landscape and a new
GSF energy surface in the g  / space is created, as shown
in Fig. 3. When reordering is prohibited, / ¼ 0 and the system follows the thick solid (black) curve shown in Fig. 2.
When reordering is allowed, the system will follow the
MEP deﬁned by this new GSF energy surface, which leads
to the formation of an SESF rather than a pseudo-twin.
Because of the lack of both experimental data and ab initio
calculations, the GSF energy surface show in Fig. 3 is constructed in a phenomenological way by ﬁtting the surface
to the Cst ðgÞ curve show in Fig. 2 obtained by ab initio calculations [1,33] and SESF energy estimation from experimental measurement [37], i.e.
Cc0 ð/; gÞ ¼ ð1  P ð/ÞÞ  Cst ðgÞ þ P ð/Þ  CSESF ðgÞ

ð1Þ

Cst ðgÞ ¼ 7:474  104  5:087  102 g þ 8:612  103 g2
 2:452  104 g3 þ 3:065  104 g4  1:926
 104 g5 þ 6:163  103 g6  9:17  102 g7
þ 4:672  101 g8 ðmJ=m2 Þ
2

ð2Þ
2

CSESF ðgÞ ¼ 8:000  10 þ 7:655  10 g  1:431
 104 g2 þ 4:798  104 g3  7:751  104 g4
þ 6:852  104 g5  3:357  104 g6 þ 8:482
 103 g7  8:522  102 g8

ðmJ=m2 Þ

ð3Þ

and
3

2

P ð/Þ ¼ ð/Þ ð10  15/ þ 6ð/Þ Þ

ð4Þ
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CSESF ðgÞ is plotted as a gray solid line in Fig. 2. When
atomistic calculations become available, CSESF ðgÞ should
be replaced by ab initio data and the entire surface,
Cc0 ð/; gÞ, could be constructed by either kinetic Monte Carlo [38] or temperature-accelerated molecular dynamics simulations [39]. For the current study, the GSF energy surface
shown in Fig. 3 and the MEP along the reaction coordinate
deﬁned in the g  / space (the projection of the MEP on
g  / plane) indicated by the dashed line can only be regarded as qualitative.
The 1-D projection of Cc0 ð/; gÞ along the MEP from perfect crystal to CSF and to SESF is indicated by the dotdash (red) line in Fig. 2 for cases with instantaneous atomic
reordering. The real path depends on the magnitude of the
resolved shear stress and the kinetics of the reordering process. The CSF energy used for the ﬁtting is CCSF ¼ 221
mJ=m2 [33] and the SESF energy is CSESF ¼ 25 mJ=m2 ,
which is set equal to the ISF energy [40].
The crystalline energy in the phase-ﬁeld model [41] at a
speciﬁc position r in the system is obtained by introducing
a shape function, h(r). This parameter dictates which phase
(c or c0 ) is located at r: h = 0 for the c phase and h = 1 for
the c0 phase. The crystalline energy for a c + c0 two-phase
mixture as a function of the displacement ﬁeld g and the lro
parameter ﬁeld / is then obtained by linking the GSF
energy functions of the individual c and c0 phases through
an interpolation function:
Ecrystal ðh; /; gÞ ¼ ð1  P ðhÞÞ  Cc ðgÞ þ P ðhÞ  Cc0 ð/; gÞ
3

2

P ðhÞ ¼ ðhÞ ð10  15h þ 6ðhÞ Þ

ð5Þ
ð6Þ

where Cc ðgÞ is the GSF energy of the c phase which is
approximated by a simple combination of sinusoidal functions ﬁtted to the intrinsic and extrinsic stacking fault energies for computational eﬃciency:
Cc ðgÞ ¼ 1:150  102 fsin½pð2g  0:5Þ þ 1:0g þ 1:667
 


pðg  0:75Þ
 10 sin
þ 1:0
ðmJ=m2 Þ
1:5

ð7Þ

This gives 25 mJ m2 for the ISF energy at g = 1, and
25 mJ m–2 for the ESF energy at g = 2, as illustrated by
the yellow dotted curve in Fig. 2. The shape function h(r)
will not be evolved in this study as the coarsening of the
c/c0 microstructure is a much slower process as compared
to the shearing processes, and the atomic steps on the surface of the c0 particles created by the shearing processes
cannot be resolved in such mesoscale simulations.
The construction of such an energy landscape shown
in Fig. 3 extends the concept of GSF energy from a function of pure displacive degree of freedom to a more general formulation that takes into account the diﬀusional
degrees of freedom during a deformation process. It
should be noted that displacive–diﬀusional coupling during deformation is a general phenomenon rather than an
exception [42]. Well-known examples of diﬀusion-aided
deformation include Nabarro–Herring [43,44] and Coble
[45] creep, power-law creep involving dislocation climb
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[46], Asaro–Tiller–Grinfeld instability [47,48], and solute
drag on dislocations [49], to name a few.
2.2. Elastic strain energy
In the phase-ﬁeld model, the elastic strain energy
(including the work term done by an external load) of a
system having an arbitrary dislocation conﬁguration is calculated based on Khachaturyan and Shotalov’s microelasticity theory [50–52]:
Eelastic ðh; gÞ ¼

Z
i
1 dk h
T
T
T
T
~
~
e
C
ðkÞ~
e
ðkÞ

n
ðkÞX
ðnÞ~
r
ðkÞn
r
ijkl
i
jk
l
ij
kl
ij
kl
2 ð2pÞ3
Z
h
i
T
 dr rapp
ð8Þ
ij eij ðrÞ

where C ijkl is the stiﬀness tensor, n is a unit vector in kspace, the superscript asterisk denotes the complex conjugate, Xij ðnÞ is the Green function tensor inverse to
T
X1
ij ðnÞ ¼ C iklj nk nl , and eij ðrÞ is the stress-free transformation strain
(SFTS) ﬁeld and its Fourier transform
R
~eTij ðkÞ ¼ V eTij ðrÞeikrR dr, rTij ðrÞ ¼ C ijkl eTkl ðrÞ and its Fourier
~Tij ðkÞ ¼ V rTij ðrÞeikr dr, rapp
transform r
ij is an externally applied stress. The ﬁrst part of integration excludes a volume
3
ð2pÞ =V around the point k = 0.
The SFTS ﬁeld in an arbitrary microstructure consisting
of coherent precipitates and dislocations can be formulated
as [5,6,8,9,41]:
X bai maj þ mai baj
2ðac0  ac Þ
hðrÞ þ
gðrÞ
ð9Þ
eTij ðrÞ ¼ dij
ðac0 þ ac Þ
2d
a¼1...p
where dij is the Kronecker delta, ac0 and ac are the lattice
parameters of the c0 and c phases, respectively, p is the
number of slip systems, ma is the slip plane normal for slip
system a and ba denotes its Burgers vector, and d is the
interplanar spacing of the slip plane. The ﬁrst term of this
SFTS formula describes the lattice mismatch between the c
and c0 phases, which is close to zero in most Ni-base disk
alloys. Thus, only the second term, the eigenstrain of dislocations, is considered in this study.
2.3. Total energy
The total energy of the system E is a sum of the crystalline energy, the elastic strain energy and the gradient
energy, i.e.:
Z
E ¼ d 3 r½Ecrystal ðh; /; gÞ=d ð111Þ þ f grad ðrgÞ þ Eelastic ðh; gÞ
ð10Þ
where f ðrgÞ is the gradient energy of the displacement
ﬁeld, which is related to the dislocation core energy
[32,34,41,53] and is required for coarse-graining.
grad

2.4. Kinetic equations
The minimization of the total energy E with respect to
both the lro parameter / and the inelastic strain ﬁeld (i.e.
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the displacement ﬁeld g) is carried out numerically by solving the time-dependent Ginzburg–Landau equations:

interfacial energy and dislocation line tension at micrometer length scales.

@/
dE
¼ L
@t
d/

ð11Þ

3. Simulation results

@g
dE
¼ M g
@t
dg

ð12Þ

where L is the kinetic coeﬃcient for atomic ordering and
M g is the dislocation mobility.
2.5. Coarse-graining
Phase-ﬁeld models, when applied at nanometer length
scales, i.e. at a resolution comparable to the cores of
extended defects (usually called microscopic phase-ﬁeld
models) [32,34], can make quantitative predictions of fundamental properties of individual defects (e.g. size, formation energy, saddle-point conﬁguration and activation
energy of defect nuclei, and the micromechanisms of their
mutual interactions). However, extending these models to
a typical c/c0 microstructure in Ni-base superalloy requires
proper coarse-graining. Because of the diﬀuse interface nature of the phase-ﬁeld method, the boundary or core energy
will be unrealistically large when the simulation grid size is
at the mesoscale. As will be seen in Sections 3 and 4, the
line-tension of dislocations, the local curvature of c/c0
interfaces and the c-channel width all play critical roles
in determining the critical stress for SESF shearing. Therefore, it is important for the phase-ﬁeld model to capture the
correct line tension and interfacial energy at the relevant
length scales (such as the scanning electron microscopy
image shown in Fig. 5a).
Methods have been developed for treating precipitates
at coarse-grained length scales [36,54–57] without encountering unrealistically high interfacial energy. These
approaches, however, do not apply to the non-conserved
displacement ﬁelds introduced in phase-ﬁeld dislocation
models where a single continuous GSF energy with respect
to the displacement vector is used. As the GSF energy contains crucial information, such as diﬀerent fault energies
and shear modulus, a new way of coarse-graining has been
developed without altering the GSF energy. This so-called
“curvature correction” method compensates the exaggerated dislocation line tension by exerting additional stress
on the dislocation line with its magnitude adjusted according to the length2 scale and the dislocation local curvature:
sðxÞ ¼ ðb  1Þ lb V2dm qðxÞ, where b is the scaling factor
depending on the length scale (how many times the disloca2
tion line tension is exaggerated, i.e. T ¼ b lb2 ), l is the shear
modulus, b is the Burgers vector, Vm is the molar volume
and d is the spacing between neighboring slip planes. The
local curvature qðxÞ of the dislocation line can be easily
obtained based on the ﬁeld description of the displacement
ﬁeld [58]. The detailed formulation of this method will be
presented in a forthcoming paper [59]. In this study we
have adopted this new approach to obtain the correct

3.1. Curvature correction of dislocation line tension
Using the rescaling method based on local curvature
correction mentioned above, the exaggerated curvature
eﬀect at the mesoscale in a coarse-grained phase-ﬁeld
model can be corrected by keeping track of the local curvature of the phase-ﬁeld boundary and modifying its energy.
Thus the artifact of exaggerated dislocation line tension in
the mesoscale phase-ﬁeld simulation can be avoided.
Benchmark tests are performed to obtain the critical stress
needed to stabilize a partial dislocation loop (with ISF
inside or outside the loop). As shown in Fig. 4, before
implementing the correction the critical stress turns out
to be much higher, which corresponds to a line tension of
2
T ¼ 2:9 lb2 (ﬁlled triangles). However, after the curvature
correction (ﬁlled squares), the critical stress is restored to
2
match the analytical results for a line tension of T ¼ lb2 .
3.2. System size, material parameters and initial conditions
The material parameters used in the simulation are listed
in Table 1. The system size for the numerical simulations is
512  512  512, with a grid size of l0 ¼ 1:95 nm. The
(1 1 1) slip plane is orientated to coincide with one of the
x–y planes of the simulation cell. The c/c0 microstructure
(assuming it is a {1 1 1} cross-section which corresponds
to one of the octahedral slip planes) is shown in Fig. 5,
where the energy-ﬁltered TEM (EFTEM) image using the
L2,3 Cr edge [60] in Fig. 5a [17] is digitized and used in
the phase-ﬁeld simulations (Fig. 5b). In this EFTEM
image, the c0 particles appear dark since Cr strongly partitions to the c matrix. In Fig. 5b, the c0 particles in the left
region (x < 100 grids) are removed for the convenience of
setting up the initial dislocation conﬁguration (the region
to the left of the dislocations is deﬁned as sheared). The initial position of the leading a/6h1 1 2i dislocation is indicated by the solid line, while the trailing one is indicated
by the dashed line. This initial conﬁguration will be used
throughout all of the phase-ﬁeld simulations.
3.3. Eﬀect of curvature correction on dislocation kinetics
Fig. 6 shows the ﬁnal equilibrium dislocation conﬁguration under 500 MPa applied stress (without reordering)
before implementing the curvature correction algorithm,
where the dislocations failed to pass through the c channels
between c0 precipitates because of the high line tension. The
contrast of the plot indicates local GSF energy where dislocation line and fault energy appear darker (higher
energy). The interface of the c/c0 phase is then superimposed onto the plot. For instance, the dislocation is represented as a thick black line, while ISFs/ESFs are
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Fig. 4. Validation of curvature correction for a single partial dislocation loop (with intrinsic stacking fault). The triangular markers represent the stress
needed to stabilize the partial dislocation loop as a function of the inverse of its radius before applying the curvature correction. The square markers
represent the stress needed to stabilize the partial dislocation loop after applying the curvature correction. The shaded line is the analytical solution for the
2
stress needed to stabilize the partial dislocation loop whose line tension is expressed as T ¼ lb2 .

Table 1
Material parameters used for the simulation.
System size
Elastic moduli [61]
Poisson’s ratio
Lattice constant
Burgers vector for partials
Fault energies

1 lm  1 lm  1 lm (512  512  512)
C 11 ¼ 224:3 GPa, C 12 ¼ 148:6 GPa, C 44 ¼ 125:8 GPa
m ¼ 0:4
a = 0.358 nm
b ¼ a=6½1 
2 1
jbj ¼ 0:146 nm
CISF ¼ 25 mJ=m2 [40]; CESF ¼ 25 mJ=m2 ; CSESF ¼ 25 mJ=m2 ; CCSF ¼ 221 mJ=m2 [33]; Cpseudo twin ¼ 442 mJ=m2

Fig. 5. (a) EFTEM image of c–c0 microstructure using the Cr L2,3 edge
and (b) digitized image with initial position of the leading (solid line) and
trailing (dash line) dislocations.

Fig. 6. Equilibrium dislocation conﬁguration under 500 MPa shear stress
(along ½1 
2 1, which is the Burgers vector direction for both dislocations)
2
without curvature correction (e.g. dislocation line tension is T ¼ 2:9 lb2 ).
Reordering is not allowed.

represented by regions of darker shades of gray. After the
curvature correction algorithm is implemented (Fig. 7a–c),
the dislocations are able to pass through some of the c
channels under the same applied shear stress. Smaller particles are sheared by the ﬁrst dislocation, leaving CSF
(regions of black shade), while larger particles are looped
around. The second dislocation is stopped before it can
penetrate further because the c-channel width is eﬀectively
reduced by the ﬁrst partial that deposits segments along the

c/c0 interface after it passes through (an example is indicated on Fig. 7b with a solid circle). Moreover, without
reordering, a 500 MPa shear stress is not large enough
for the second dislocation to shear through the small particles which will create the pseudo-twin structure (indicated
on Fig. 7b with a dotted circle). Fig. 7d–f show the corresponding local curvature plot where the white color indicates positive curvature and the dark color negative
curvature (with respect to the sheared region).
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3.4. Eﬀect of microstructure and reordering kinetics on
SESF shearing
As shown in Fig. 7, in the absence of reordering, dislocations cannot shear through the c0 particles under
500 MPa resolved shear stress because of the high energy
of the CSFs and pseudo-twins. Even if reordering is
allowed (e.g. L = 10), however, dislocations still cannot
shear through most of the c0 particles (Fig. 8). Only for
those particles with sharp tips (as the position indicated
by the arrow in Fig. 8a and b, which is caused by the

periodic boundary condition) or small diameters (indicated
by the arrow in Fig. 8c) can the SESF shearing mechanism
operate.
If the applied stress is increased to 1000 MPa, for L = 0
(no reordering) (Fig. 9a–c), dislocations penetrate into
most of the c channels. Small c0 particles are sheared by
the ﬁrst dislocation, leading to CSF (regions of black
shade) and then by the second dislocation, creating
pseudo-twin (regions of gray shade).
If reordering is allowed, shearing of c0 precipitates will
be inﬂuenced strongly by the reordering kinetics. To

Fig. 7. (a–c) Dislocation conﬁgurations under 500 MPa shear stress (without reordering (L = 0) but with curvature correction) at reduced time t = 33, 48,
64; (d–f) the corresponding curvature plots (white color represents positive local curvature, black color represents negative curvature).

Fig. 8. Dislocation shearing of c–c0 microstructure under 500 MPa resolved shear stress with reordering (L = 10). (a) t = 3, (b) t = 10, (c) t = 18, where
t is a reduced time.
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investigate this eﬀect, a parametric study is carried out with
diﬀerent reordering mobility L under constant dislocation

(a)
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mobility. Fig. 9d–o shows the dislocation conﬁgurations
for L = 10, 1 and 0.1 (in reduced units), respectively, at

(b)

(c)

(a)~(c): L=0; low temperature, (t*=3,10,18)

(d)

(e)

(f)

(g)

(d)~(g): L=10; T= 830ºC, (t*=3,6,9,12)

(h)

(i)

(j)

(k)

(h)~(k): L=1; T=741°C, (t*=3,6,9,12)

(l)

(m)

(n)

(o)

(l)~(o): L=0.1; T=665°C, (t*=3,6,9,12)
Fig. 9. Dislocation shearing of c/c0 microstructure under 1000 MPa resolved shear stress with reordering. t is a reduced time. (a–c) L = 0; low
temperature; (d–g) L = 10; T = 830 °C; (h–k) L = 1; T = 741 °C; (l–o) L = 0.1; T = 665 °C; (p–s) L = 0.01; T = 600 °C.
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(p)

(q)

(r)

(s)

(p)~(s): L=0.01; T=600ºC, (t*=12,24,36,48)
Fig 9. (continued)

reduced time t = 3, 6, 9 and 12, while Fig. 9p–s shows the
dislocation conﬁgurations for L = 0.01 at t = 12, 24, 36
and 48. As one can see from these ﬁgures, the reordering
kinetics seem to have a profound impact on the c0 shearing
process. If reordering is instantaneous (e.g. in the case of
L = 10), because of the small SESF energy, dislocations
shear through both phases almost indistinguishably. When
the reordering process is much slower as compared to the
shearing process (e.g. in the case of L = 0.01), the shearing
process is controlled by the reordering kinetics. Even
though the dislocations eventually shear through the twophase microstructure, leading to the same amount of plastic deformation as the instantaneous reordering case
(L = 10), the strain rate is much smaller. This tends to
agree with the experimental observations [30] where dislocations show features of viscous motion at intermediate
temperatures. As experimental measurements have indicated that the creep activation energy Q for a Ni-base disk
alloy is about 240 kJ mol–1 [62], the reordering mobility L
in our simulation can be directly linked to temperature
by L ¼ L0 expðQ=RT Þ. Assuming L = 0.01 corresponds
to 600 °C, the lower bound of the temperature range within
which reordering plays a role during deformation, then
L = 0.1 corresponds to 665 °C, L = 1 corresponds to
741 °C and L = 10 corresponds to 830 °C.
Fig. 10 shows the amount of plastic strain under
1000 MPa applied shear stress as a function of the reduced
time for diﬀerent values of the reordering kinetic coeﬃcient, L. The slopes of the curves
 are the strain rates. The
upper bound ep ¼ Ab
¼
0:0039
is the plastic strain generV
ated by the two partials completely shearing through the
{1 1 1} plane cross-section having an area of A, where V
is the volume of the crystal (simulation cell). When no reordering is allowed, the maximum plastic strain is 0.002,
which corresponds to Fig. 9c (t = 18): dislocations entered
only the relatively wide channels. In reality, L = 0 corresponds to athermal shearing (i.e. at low temperatures).
When reordering is enabled, however, the plastic deformation exhibits viscous behavior which is common in creep. It
can be observed in Fig. 10, for L = 10 (open squares,
T = 830 °C) and L = 1 (open triangles, T = 741 °C), that

the strain rate before t = 10 is fairly similar, indicating
that when the reordering rate is greater than a certain
value, or above a certain temperature (L = 1,
T = 741 °C), the process can be deemed essentially instantaneous. The bend-over of the curves is due to the limited
simulation cell size; otherwise, a more or less constant
shearing rate would be maintained. For L = 0.1 (the cross
symbols, T = 665 °C), the strain rate becomes smaller as
further shearing by the dislocations requires reordering.
For L = 0.01 (open diamonds, T = 600 °C), the initial plastic strain rate coincides with the athermal shearing curve
(solid circles). Later, as reordering takes place, the strain
gradually increases. Undulation of the strain rate diﬀerentiates this case from the others as the rate-limiting process
is the reordering for small L values. When the reordering
process is much slower than dislocation motion, dislocations will ﬁrst loop around c0 particles; thus they appear
to take on more convoluted shapes (Fig. 9l–s) as compared
to cases when reordering happens faster (Fig. 9d–k). After
the reordering has aided the dislocations to shear through a
number of particles, the strain rate increases as the dislocations are able to move further into the c phase which was
previously inaccessible (blocked by c0 particles prior to
the SESF shearing process). The dislocations then proceed
to loop around the next set of c0 particles that are encountered, followed by a slow reorder-mediated SESF shearing
process, resulting in undulation in the strain rate found at
L = 0.01.
4. Discussion
4.1. Eﬀect of c/c0 size and shape (local curvature) on critical
shear stress
From Fig. 8, it can be observed that small c0 particles
are sheared by SESF when reordering is allowed. However, dislocations can only loop around big particles
(indicated by solid and dotted circles in Fig. 8b and c)
even though reordering is almost instantaneous when
L = 10. This is because only when the second dislocation
begins to shear the precipitate (creating a pseudo-twin)
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Reduced time t*
Fig. 10. Plastic strain as function of time under 1000 MPa applied shear
stress with diﬀerent reordering kinetic coeﬃcients L (square: L = 10;
triangle: L = 1; cross: L = 0.1; diamond: L = 0.01; dot: L = 0).

can the reordering process take place and lead to the formation of SESFs. As there is an elastic repulsion between
the two partial dislocations, the ﬁrst partial needs to cut
deeply enough into the particle (initially creating a CSF)
in order to allow the second one subsequently to enter
the particle (as schematically shown in Fig. 11, where r
is the c0 particle radius, the solid loop represents the ﬁrst
dislocation that creates CSF in c0 and the dotted loop is
the second dislocation that creates SESF when it enters
the c0 ; their separation distance, H, depends on their elastic interaction and the CSF energy). Assisted by the dislocation line tension, the ﬁrst partial can cut deeper into
smaller particles, thus the critical stress for the SESF
shearing becomes a function of the particle radius. Using
2
the dislocation line tension model T ¼ lb2 in combination
with the elastic interaction energy calculation for Volterra-type dislocations, this relation between particle radius

γ

x
H
r
SESF

CSF

Critical shear stress (Pa)

Fig. 11. Relation between critical shear stresses (SESF shearing and CSF
shearing) and c0 particle radius.
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r and stress s is shown in Fig. 11 by the solid curve, which
is calculated using the material parameters listed in
Table 1. The dashed line is the critical shear stress for
the leading partial to shear the particle and create a
CSF. Under a given applied shear stress, those particles
whose sizes are below the solid curve will be sheared by
SESFs when reordering is allowed. This calculation also
indicates that the CSF energy plays an important role
in determining the critical stress for SESF shearing, as
higher CSF energy will prevent the ﬁrst dislocation from
cutting deep into the c0 particle and thus prevent the second dislocation from subsequently entering the c0 particle
and initiating SESF shearing via reordering.
4.2. Inﬂuence of spatial arrangement of c0 particles and cchannel width on the critical shear stress
Not only does the shape (local curvature) of c0 precipitates inﬂuence the critical stress for SESF shearing, but
the spatial arrangement of the particles (i.e. the c-channel
width between neighboring c0 particles) plays a critical
role as well. One interesting example can be seen in
Fig. 8c indicated by the solid white circle. The radius
of the particle is about 16 nm. According to Fig. 11,
under 500 MPa shear stress the dislocations should be
able to shear though and create an SESF because the
critical radius is about 20 nm. However, because the trailing dislocation is not able to pass through the c channels,
it is unable to take full advantage of the curvature of the
small particle by looping it around together with the
leading dislocation. Thus, depending on the channel
width, this particle eﬀectively behaves like a c0 particle
with larger sizes and cannot be sheared by SESF under
500 MPa.
Fig. 12 shows the phase-ﬁeld simulation results for several scenarios that the system may experience during shearing (instantaneous reordering with L = 10 is used for these
simulations and the dislocations are moving from left to
right under 600 MPa resolved stress). If there is a large secondary spherical particle (Fig. 12a), just as predicted from
Fig. 11, an SESF will not be created even though reordering is enabled. Hence both dislocations loop around the
particle. One can also observe that the second dislocation
is not even in contact with the c0 particle because of its elastic repulsion with the ﬁrst dislocation. However, as shown
in Fig. 12b, when the secondary particle has a corner with a
large local curvature, SESF shearing can still take place.
The eﬀect of spatial arrangement is illustrated in Fig. 12c
and d, where the only diﬀerence between the two cases is
that the c-channel width in (c) is smaller than that in (d).
The dislocations are able to sample the high curvature of
the individual particles in (d) but not in (c), because the
leading dislocation is not able to pass through the c channel between the particles in the ﬁrst place. For the same
reason, the small tertiary particles shown in Fig. 12f can
be sheared individually by SESF, but their cluster as shown
in Fig. 12e cannot.
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(b)

(a)

(c)
(d)

(e)

(f)

Fig. 12. Eﬀect of particle shape and spatial arrangement on dislocation-precipitate interactions.

4.3. Inﬂuence of c–c0 interface thickness on the critical stress
Recent experimental measurements of composition variation across c–c0 interfaces using atom probe [63,64] and
electron energy loss spectroscopy in a probe-corrected
scanning transmission electron microscop [65,66] indicate
that the interface width can be up to 4 nm for some c0 particles. In order to investigate how the critical shear stress
varies if the GSF energy changes gradually from c matrix
to c0 precipitate across the interface, a simple energy-based
calculation is performed for two parallel, straight, pure
edge type dislocations interacting with a planar c–c0 interface as illustrated in Fig. 13. With the interface position
located in the middle, the three proﬁles denote diﬀerent
diﬀusiveness of the interface, which is represented by a
gradual increase in the fault energy. In the matrix, the

leading dislocation creates an ISF. When it starts to cut
into the c0 phase, it creates a CSF and the energy penalty
rises depending on the diﬀusiveness of the interface which
is interpolated between the ISF energy and the CSF energy
using a smooth hyperbolic tangent equation:
h
i.
x
EðxÞ ¼ ðCCSF  CISF Þ tanh
ð13Þ
þ 1 2 þ cISF
4t
As the value of t increases, the interface width increases
and becomes more diﬀuse (from Fig. 13, it can be seen that
the interface width is about t). When the trailing partial
shears though on the adjacent {1 1 1} plane, immediate
atomic reordering is assumed, so the pseudo-twin structure
will instantaneously transform into the low-energy SESF.
The position of the leading dislocation is located at x2
and that of the trailing one is located at x1. The force on
the leading dislocation due to the resolved applied shear
stress sb and the repulsive force exerted by the trailing dislocation is:
f ¼

Fig. 13. Inﬂuence of c–c0 interface width on critical SESF shearing stress.
Red: boundary width t = 4 nm; green: t = 8 nm; yellow: boundary width
t = 17 nm; solid line: position of the leading dislocation; dashed line:
position of the trailing dislocation (which is one atomic layer above the
leading dislocation glide plane).

lb  bðx2  x1Þ½ðx2  x1Þ2  d 2 
2

2pð1  mÞ½ðx2  x1Þ þ d 2 

2

ð14Þ

where d = 0.207 nm is the interplanar spacing. The impeding force from creating additional crystal energy as it cuts
through the interface is represented by Eðx2Þ (shown in
Fig. 13). The trailing partial is under the inﬂuence of the
applied shear stress sb, the repulsive force from the leading
dislocation, f , and the force for reducing CSF energy to
SESF energy, Eðx1Þ. The equilibrium separation distance
of the two dislocations, ðx2  x1Þ  2pð1mÞðClbb
CSF CSESF Þ, is
about 1.9 nm. Thus, the two dislocations move according
to the forces they experience, i.e. sb þ f  Eðx2Þ for the
leading partial and sb  f þ Eðx1Þ for the trailing partial.
The interaction between the two is characterized by the
repulsive force f . The critical stress for the whole structure
to cut into c0 is then obtained by gradually increasing the
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to the width of the interface, the core size eﬀect on the critical SESF shearing stress can be safely ignored.
4.4. Eﬀect of reordering kinetics and dislocation mobility

Fig. 14. Critical stress for SESF shearing as a function of interface width.

applied stress. The relationship between the interface width
and the critical shear stress is plotted in Fig. 14.
From Fig. 14, it can be seen that the critical stress
decreases with increasing interface width. The critical stress
for the sharp interface case is given by the planar interface
CSF
limit: C2b ¼ 756:8 MPa. As mentioned in Section 4.1, the
magnitude of the CSF energy is important because it
directly inﬂuences the critical stress for the activation of
the SESF shearing. Since the interface width can actually
be as large as 4 nm for secondary c0 particles [60], the critical stress can be reduced from the sharp interface limit of
757 MPa down to about 710 MPa (for t  4 nm). This is,
however, a rather insigniﬁcant eﬀect as compared to those
due to local curvature and the spatial arrangement of c0
particles discussed above. A diﬀuse dislocation core will
have a similar eﬀect as a diﬀuse c–c0 interface since it makes
the GSF transition smoother. According to the Peierls
model [67], for a interplanar spacing of d = 0.207 nm and
Poisson ratio of m = 0.4, the core width of an edge dislocad
tion is about w ¼ 1m
¼ 0:345 nm and that of a screw dislocation is about w = d = 0.207 nm. Comparing these values

In order for the SESF shearing mechanism to operate, a
critical stress needs to be reached for a given microstructure. From previous discussions, it can be deduced that
higher stress is required for systems with higher CSF
energy or larger precipitate size. If the stress level is
achieved for most c0 particles, the reordering process
should then be rate limiting under intermediate temperature, and therefore control the creep process [30]. As
Fig. 9l–s shows, the motion of the dislocations is limited
by the formation of SESFs through reordering inside the
c0 precipitates.
Indeed, it is actually the ratio of the ordering mobility
and the dislocation mobility, L=M g , that determines the
SESF shearing behavior. As a material parameter, the dislocation mobility M g is expected to be less sensitive to temperature within the temperature range of interest since the
dislocations are moving on close-packed planes and do not
appear to dissociate in a non-planar conﬁguration [1]. On
the other hand, L is a strong function of temperature since
it is directly linked to the diﬀusion-mediated reordering
process in the c0 phase.
4.5. Eﬀect of lattice misﬁt
As mentioned earlier, the lattice misﬁt of a disk alloy is
usually small. However, ongoing research eﬀorts tend to
increase the lattice misﬁt at the rim region of a turbine disk
to improve its creep resistance. To investigate how the
SESF shearing process is impacted by a larger lattice misﬁt,
e.g. close to the values typically existing in a blade superalloy, a 3-D phase-ﬁeld simulation cell (edge length 426 nm)
is used to obtain the equilibrium shape of a c0 particle with
an interfacial energy of 50.2 mJ m–2 [5]. A periodic boundary condition is used and the volume fraction of the c0 is
30%. The lattice misﬁt between the precipitate and the
c0 ac Þ
matrix is selected to be 2ða
¼ 0:24%, which makes the
ðac0 þac Þ

Fig. 15. (a) The equilibrium shape of a c0 particle embedded in c matrix with a lattice misﬁt of 0.24%. (b and c) The elastic interaction contour between
misﬁt stress and partial dislocation on diﬀerent (1 1 1) planes.
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equilibrium shape of the particles appear cuboidal as
shown in Fig. 15a. The same cubic elastic constants are
used for both c and c0 phase: C 11 ¼ 224:3 GPa,
C 12 ¼ 148:6 GPa, C 44 ¼ 125:8 GPa [61].
The elastic interaction energy between the microstructure and a a=6½1 2 1ð1 1 1Þ partial dislocation can be written
as:


I ¼ rmisfit
 eaij
ij

ð15Þ

where rmisfit
is the misﬁt stress created by the coherent c0
ij


ðba ma þma ba Þ

particle and eaij ¼ i j2d i j is the eigenstrain of the partial
dislocation (see Eq. (9)). The interaction energy contour
can be plotted on diﬀerent (1 1 1) slip planes as illustrated
in Fig. 15b and c with the c–c0 interfaces outlined by black
lines. Positive interaction energy means that the misﬁt
stress assists dislocation shearing, while negative value
means the opposite. With an interplanar spacing of
d ¼ paﬃﬃ3 (where a is the lattice constant) and a Burgers vector
of jbj ¼ paﬃﬃ, the resolved shear stress on this a=6½1 2 1ð1 1 1Þ
6

dislocation
RSS

I
jbj=d

coming from the misﬁt stress is:
pﬃﬃﬃ
ðba ma þma ba Þ
¼  2rmisfit
 i j2d i j . Thus, this eﬀect is basiij

¼
pﬃﬃﬃ
cally 2 times the elastic interaction. From the analysis
in the ﬁrst section of the discussion, if the leading a/
6h1 1 2i dislocation can overcome the CSF energy and
cut deeper into c0 , then it is easier for the trailing particle
to cut into c0 and form an SESF. However, from
Fig. 15b and c, the positive interaction energy (resolved
shear stress) does not penetrate far into the precipitate
and the magnitude of the resolved shear stress is relatively
small (lower than 60 MPa even for this large c0 particle
with an edge length of about 290 nm). Thus, it appears that
the misﬁt stress eﬀect will be modest.
The other eﬀect arising from the lattice misﬁt is the equilibrium precipitate shape [68–71]. As the misﬁt increases,
the equilibrium shape of a c0 precipitate will change from
a more spherical to a more cuboidal shape (Fig. 15a).
The cross-section of a cuboidal c0 will have either a triangular shape (Fig. 15b) or a hexagonal shape (Fig. 15c). The
triangular shape has acute angle corners that will serve as
preferred locations for initiating SESF shearing, as discussed in Section 4.1. The change of equilibrium c0 particle
shape due to misﬁt will therefore have a larger impact on
the SESF shear process than the resolved misﬁt stress itself.
s

5. Conclusion
A new GSF energy surface incorporating a diﬀusion
degree of freedom is created to describe the concurrent dislocation shearing and atomic reordering taking place at
intermediate temperatures in Ni-base disk alloys. Based
on this energy surface, the interaction between dislocation
and c–c0 microstructure is simulated using the phase-ﬁeld
method. Parametric study of the reordering kinetics is carried out to demonstrate the inﬂuence of short-range diﬀusion in the c0 phase on the plastic deformation. Eﬀects of

precipitate microstructure and fault energies on the CRSS
for SESF shearing are also investigated.
An important ﬁnding of this study is that the critical
stress for SESF shearing is linearly related to the CSF
energy, CCSF . Thus, CCSF is the dominant material parameter in determining whether or not SESF shearing can operate. Increasing the CSF energy can most eﬀectively inhibit
the activation of this reordering-assisted shearing
mechanism.
The critical stress is also sensitive to the size and shape
of the c0 particle cross-section on the slip plane (the interface curvature) and the spatial arrangement of those particles. In order to avoid the formation of microtwins through
SESF shearing of c0 at intermediate temperatures, which
lowers the strain-hardening rate, large spherical c0 particles
are desired, which means that the lattice misﬁt between the
precipitate and matrix should be kept small. Narrow c
channels between c0 particles and clustering of smaller c0
precipitates can also eﬀectively increase the resistance to
SESF shearing. The eﬀect of the c/c0 interface width and
dislocation core width on the critical SESF shearing stress
is relatively small.
The simulation results also indicate that, when the critical stress for SESF shearing is achieved for a given microstructure, the strain rate of SESF shearing is sensitive to
temperature. As reordering (a short-range diﬀusion process
in the c0 phase) is a much slower process as compared to
dislocation glide even at intermediate temperatures (600–
800 °C) and relatively high stress level (500–1000 MPa),
dislocation motion will clearly exhibit viscous behavior
which appears to be dragged by the SESF behind it.
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