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Martensitic transformation usually creates hierarchical internal structures beyond mere change of the atomic crystal structure. Multi-stage
nucleation is thus required, where nucleation (level-1) of the underlying atomic crystal lattice does not have to be immediately followed
by the nucleation of higher-order superstructures (level-2 and above),
such as polysynthetic laths. Using in situ transmission electron
microscopy (TEM), we directly observe the nucleation of the level-2
superstructure in a Cu–Al–Ni single crystal under compression, with

curve upon loading is the critical stress at which martensite
nucleates.1,3,5,15 This, however, begs a fundamental clarication
of what we mean by martensite: since we know temperaturedriven martensitic transformation (TMT) oen takes on hierarchical internal structures (e.g. Fig. 1(a)) like polysynthetic twin
laths (level-2)16,17 or even higher-level superstructures such as
“herringbone”,18 beyond mere crystal lattice changes (level-1,
conventionally used to dene the phase transformation), is it

critical super-nuclei size L2c around 500 nm. When the sample size D
decreases below L2c, the superelasticity behavior changes from a ﬂat
stress plateau to a continuously rising stress–strain curve. Such size
dependence deﬁnitely would impact the application of shape memory
alloys in miniaturized MEMS/NEMS devices.

Shape memory alloys (SMAs) undergo phase transformation, i.e.
change of the atomic crystal structure, under thermomechanical loading. This ability to undergo diﬀusionless sheardominant transformations leads to technologically important
properties of shape memory and superelasticity.1–5 With the
development of micro- and nano-electromechanical systems
(MEMS/NEMS) exploiting “smart” materials,6,7 it is of great
interest to investigate superelasticity of small-volume SMAs,
such as wires, pillars and particles.8–14 Superelasticity is based
on stress-induced martensitic transformation (SIMT) between
austenite and martensite.1,4 It is commonly believed that the
onset of the stress plateau (sP) in the superelastic stress–strain
a
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Fig. 1 Hierarchical superstructures in (a) temperature- and (b) stressdriven martensitic transformations ((a) TMT and (b) SIMT/DT). (a) is Cu–
14.0Al–3.4Ni (wt.%) undergoing TMT (taken from ref. 21 with permission). (b) is small-volume Mg deformed in tension at room temperature
(taken from ref. 20 with permission). (c) illustrates the conceptual
equivalence between TMT and SIMT/DT in superstructure determination (l1 is the length scale of level-1 structure alternation and w is the
volume fraction mixing weight of the two variants).
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then possible for these diﬀerent levels of martensitic organization to appear (nucleate) at diﬀerent times? If so, which stage
of the hierarchical martensitic nucleation does the measured
plateau stress sP correspond to? And how would the sample size
D aﬀect the martensite hierarchy and superelasticity?
The cause of the TMT hierarchical superstructure shown in
Fig. 1(a) is much appreciated. The length scale l1 of level-1
structure alternation such as polysynthetic twin thickness is set
by the competition between locally uctuating elastic strain
energy, which prefers ne superstructures, and interfacial
energy, which prefers coarse superstructures.19 Fundamentally
the same energy-minimization argument can also be applied to
SIMT, including stress-driven deformation twinning (DT) which
is a special case of SIMT involving no phase change. For
example, recently it has been observed that quasi-periodic
nano-twinned superstructures form during DT of small-volume
Mg samples,20 shown in Fig. 1(b). Fig. 1(c) illustrates the
conceptual equivalence in energy minimization between SIMT/
DT and TMT: the easiest way is to consider a displacementcontrolled loading apparatus that demands average shear strain
3average ¼ 0.2 in a certain region of the sample. The region can
either stay untransformed (3 ¼ 0) or transformed (3transform ¼
0.6) by DT or phase transformation. This then requires roughly
a 1 : 2 mixture of the transformed : untransformed regions in
SIMT, if elastic strain is ignored (the elastic strain is generally 
transformation strain) and if dislocation plasticity is not active.
So there has to be a binary spatial pattern of transformed/
untransformed laths in SIMT/DT, just like the binary pattern of
body-centered tetragonal variant1/variant2 in the familiar twinaccommodated austenite–martensite TMT of steels.19 Like in
TMT, l1 of SIMT will also be determined by the competition
between locally uctuating elastic strain energy and interfacial
energy, governed by the 2nd term in Fig. 1(c), with equivalent
3variant1 ¼ 3average and 3variant2 ¼ 3transform  3average, and mixing
weight w of the two “variants” just like twin-accommodated
TMT of steels. Although the number of phase-transformed
(level-1) variants aer SIMT may diﬀer from that aer TMT, and
the anisotropy of stress may favor just a single variant (mixed
with untransformed austenite), the existence of such a energyminimizing level-2 superstructure in SIMT/DT means that the
nucleation of martensite may be a highly cooperative process
across a length scale of at least several l1's.
Recent studies on single crystal SMA pillars have shown that
the critical stress for SIMT increases dramatically with
decreasing pillar diameter D. However, we also notice an
interesting phenomenon: the stress plateau of the stress–strain
curve for SIMT disappears with reducing pillar diameter.8–11 Our
own experiment, described below, indicates that (a) sP matches
with level-2 nucleation but not level-1 nucleation and (b) when
the sample size D is smaller than level-2 critical nuclei size L2c,
the nucleation hierarchy is interrupted, and as a result, the
superelasticity behavior changes qualitatively, where instead of
an abrupt stress plateau we obtain a continuously rising stress–
strain curve.
Here we carried out in situ compression tests to observe SIMT
directly by TEM. To exclude the eﬀect of oxidization, we chose
CuAlNi instead of TiNi (very easy to be oxidized and the
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transformation is sensitive to alloying22) that were studied
previously.8,9 The starting material is the ingot bulk 81.8Cu–
14.2Al–4.0Ni (wt.%) single crystal. It was initially solution
treated at 1273 K for 1 h and quenched with ice water. The
transformation temperatures from the parent phase (DO3) to
martensite (2H) are Ms ¼ 306.02 K, Mf ¼ 295.09 K, As ¼ 307.77 K,
and Af ¼ 329.26 K, thus the sample at room temperature is in a
low temperature martensite (2H) state. Free-standing pillars
were then fabricated from the 2H sample using a dual-beam
focused-ion-beam (FIB), with the conditions of 15 kV for the
gallium ion-beam and 30 kV for the electron-beam. To minimize the oxide layer and FIB damage by gallium, the current was
controlled to be 1.5 pA during the nishing processes. To
facilitate characterization of the microstructure evolution by
TEM, the pillars were machined to be in a tetragonal shape, the
thickness is controlled to be thinner than 150 nm in the incident electron beam direction to facilitate observation.
The in situ compression is along the axial direction of the
pillars, which deviates from [101] about 5 . The zone axis for
TEM imaging is along the [010] direction. Electron diﬀraction
patterns indicated that the pre-deformed pillars remain singlecrystalline 2H. The in situ compression testing was carried out
in a JEOL 2100F FEG TEM with a Hysitron PicoIndenter PI-95
system on the martensitic submicron pillars in displacementcontrolled mode due to its greater sensitivity to transient
phenomena.23 The microstructure is recorded with a Gatan 830
CCD camera in real-time.
It is known that the 2H phase in the bulk 81.8Cu–14.2Al–
4.0Ni (wt.%) single crystal transforms into the 18R phase upon
loading.24 In the following, we present the size dependence of
the stress-induced 2H to 18R phase transformation. We rst
show the results of in situ compression on a large pillar with
width D ¼ 950 nm, thickness 145 nm, and axial length 1290 nm.
Fig. 2(b) shows the dark-eld image of the pillar before
compression and the corresponding diﬀraction pattern is
shown in the upper-le of Fig. 2(h). We note that neither an
oxide layer or implanted Ga layer can be observed in Fig. 2(b),
nor the amorphous ring exist in Fig. 2(h), indicating the FIB
damage and oxidation in the present sample is much less than
TiNi.9 The loading direction (LD) is along the axis of the
pillar. We note typical superelastic behavior upon loading
and unloading (Fig. 2(a)); the stress–strain curve exhibits a
pronounced at stress plateau upon loading, and there is no
permanent crystal structure change aer complete unloading
(from the corresponding diﬀraction pattern shown in the
upper-le and bottom-right of Fig. 2(h), respectively). Such
behavior is consistent with the classical theory of superelasticity by SIMT in bulk.1,24,25 To check whether the substrate
deformation plays a role in the stress–strain curve, we calculated the strain of the pillar according to the height change in
its TEM image and compared it with the stress–strain curve in
Fig. 2(a) where the total strain is 4.65%. As show in Fig. 2(b)
and (f), the maximum strain of the pillar obtained from the
micrographs is (1290–1229)/1290 ¼ 0.0472, which is consistent
with the maximum strain (point f, 0.0465) in the stress–strain
curve; in addition, the length of deformed (Fig. 2(g)) and undeformed pillars (Fig. 2(b)) is almost the same. All these
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In situ compression of a large pillar with 950 nm width, 145 nm thickness and 1290 nm axial direction. The martensite organization of the
pre-mature level-2 nucleus has been formed prior to the onset of the transformation plateau. (a) Strain–stress curve shows typical superplastic
behavior. (b) Dark-ﬁeld image before compression (LD is the loading direction). (c–e) Dark-ﬁeld images corresponding to the points marked in
(a). (f) Micrograph at the largest strain of point f. (g) Dark-ﬁeld image after removing the loading. (h) Diﬀraction patterns before (upper left) and
after compression returned to the original state (bottom right) showing that the crystal structure does not change before and after compression.
All dark-ﬁeld images are shown in a g ¼ [202] condition and zone axis ZA ¼ [010]. The number of 1–7 in (d), (e) and (f) labels the sequence of
generated martensite laths upon loading.
Fig. 2

indicate that substrate deformation is a minor factor in the
present study.
We note from the dark-eld images during the compression
that the 18R phase nucleates prior to the onset of the plateau in
the stress–strain curve. When the applied strain reaches point c
in Fig. 2(a), two 18R phase lamellae (1 and 2, marked by arrows
in Fig. 2(c)) have already nucleated and begun to grow. When
the stress reaches d, which is just near the onset of the plateau,
a large cluster of polysynthetic laths (3–6, marked in Fig. 2(d)) is
nearly simultaneously formed and grows to longer than 500 nm
instantly. With further loading, the facile growth of the
“mature” cluster of polysynthetic laths (1–6) leads to the abrupt
occurrence of a stress plateau. In the plateau region, the
martensite lamellae grow continuously along the [100] direction
as well as widen in the transverse direction. Once the lamellae
approach the le side of the pillar as close as about 200 nm,
another new martensite lamella (7 in Fig. 2(e)) nucleates from
the right side of the pillar and grows rapidly along the same
[100] direction (Fig. 2(e)). At the largest strain, shown in Fig. 2(f),
the laths grow along both the longitudinal and transversal
directions. Compared with Fig. 2(e), the laths, in particular 1, 2
and 3, almost extend to the le side of the pillar, whereas the
widened laths 2 and 4 tend to coalesce to one lath. The details
for the transformation are shown in Movie S1†. In this way the
system transforms smoothly from 2H to 18R in the plateau
region. We note that the transformation plateau strain is about
2%, which is consistent with the transformation strain from 2H
to 18R in bulk,1,24 and by lattice correspondence. The level-2
critical nuclei size L2c is thus identied to be around 500 nm,
below which the cluster of polysynthetic laths is still energetically subcritical, and thus continuous rise of external stress is
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required to make the cluster grow. But once L2 > L2c, the level-2
organization becomes energetically favorable to grow
unbounded in size at xed stress, as in bulk samples (see Fig. 4
in ref. 21 for details). It is noted that the hierarchical superstructure with alternative laths in Fig. 2(d) corresponds to the
level-2 superstructure, i.e. the mixture of transformed 18R and
untransformed 2H with the alternation length scale of l1 on the
order of 30 nm.
We now explore the behavior of SIMT in smaller pillars. A
pillar with width D ¼ 456 nm, thickness 110 nm and axial length
873 nm (as shown in Fig. 3(b)) was chosen. The loading direction is the same as the large pillar. The obtained strain–stress
curve (Fig. 3(a)) shows that the transformation plateau disappeared. To further conrm that the 2H to 18R phase transformation does occur in the smaller pillar, we checked the
diﬀraction pattern during the in situ compression and the result
is shown in Fig. 3(c). Compared to the diﬀraction patterns before
and aer compression (inset: upper right and bottom right in
Fig. 3(b) respectively), the diﬀraction pattern under 5%
compressive strain (Fig. 3(f)) shows the extra spots of 18R,
(206)18R, ð2012Þ18R , and ð0036Þ18R , demonstrating a stressinduced 2H to 18R phase transformation in the smaller pillar.
In addition, the lack of any diﬀerence in the diﬀraction patterns
before and aer compression also suggests that the stressinduced 2H to 18R phase transformation is reversible aer
unloading.
The corresponding bright-eld images during in situ
compression show that this behavior results from the successive nucleation of 18R laths. Upon compression, two 18R nuclei
initially form (1 and 2, shown in Fig. 3(d)) and then extend to
100 nm at point d in Fig. 3(a). When the applied strain reaches
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Fig. 3 In situ compression of a smaller pillar with width 456 nm, thickness 110 nm and axial direction 873 nm. (a) Strain–stress curve shows the
disappearance of the stress plateau. (b) Dark-ﬁeld image of the pillar and its diﬀraction patterns before and after compression (inset: upper right
and bottom right, LD is the loading direction). (c) Diﬀraction pattern at a strain near 5% (as indicated by arrow c in (a)) and zone axis ZA ¼ [010]. (d),
(e) and (f) are bright-ﬁeld images of the pillar at marked points d, e and f in (a), numbers 1–6 in (d), (e) and (f) label the sequence of generated
martensite laths upon loading.

Schematic energy landscape for hierarchical nucleation, where
the reaction coordinate is deﬁned along a tortuous, “pipe-like” path in
microscopic state space, reﬂecting heterogeneity and cooperativity in
the material system undergoing stress-induced martensitic transformation (SIMT). The blue curve shows the free energy landscape at
the present stress, some level-1 transformations have already occurred
due to the surface and residual stress heterogeneities. The system will
stay at this state if no additional stress is applied. If “additional stress is
added” (the purple curve), the present state would no longer be stable
and the system would be propelled further. Once the level-2 hump is
overcome, the level-1 embryos would run wild and occupy the entire
sample. However, size truncation will interrupt the level-2 nuclei
formation if the sample is smaller than the level-2 critical nuclei size.

Fig. 4

point e in Fig. 3(a), another two nuclei (3 and 4 in Fig. 3(e))
generate and grow with the applied stress. At even higher strain
(point f in Fig. 3(a)), other newly formed martensite plates
(5 and 6 as shown in Fig. 3(f)) are also seen.
However, in contrast to that in large pillars, the transformation here is dominated by sequential level-1 nucleations

2070 | Nanoscale, 2014, 6, 2067–2072

of 18R during the whole loading. A sharp nucleation point of the
level-2 superstructure cannot be identied, because the 18R
laths run out of the sample before reaching the critical size L2c;
the “pre-mature” cluster of polysynthetic laths requires stress
increase to grow. As a result, the stress in the curve of the
smaller pillar continuously increases over the whole range of
transformation, and the superelasticity plateau disappears (see
Movie S2† for details).
The experimental results above show that careful parsing of
the term “martensite nucleation” is required, because the word
“martensite” is a polyseme that can either mean the transformed crystal structure (level-1) or the various higher-order
superstructures that one sees in metallographic characterizations. In compressing the bigger sample, we observed a very
clear diﬀraction pattern of 18R long before sP was reached;
concomitantly, in the imaging mode we saw individual 18R
laths extending hundreds of nanometers. Thus, level-1 nucleation must have occurred before sP. Such phase transformation
should be heterogeneous, as we saw the laths started from the
surface (Fig. 2(c)). In addition, as level-1 nucleation corresponds
to atomic lattice shear and its embryo is only a few atomic layers
thick, the critical level-1 nuclei size L1c is below the spatial–
temporal resolution (>4 nm, 30 frames per s) of the present in
situ TEM technique, and so we cannot characterize these
heterogeneous nucleations with any reasonable descriptor
experimentally.
The level-2 nuclei size L2c, however, appears to be 500 nm,
well within the resolution of in situ TEM. With the level-2 SIMT
nucleus captured by TEM in Fig. 2(d) and (e), the remaining task
is to rationalize L2c theoretically. The origin of such an L2c was
already hinted in previous theoretical studies of deformation
twinning and martensite nucleation.20,26–29 A common feature of
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the numerical simulation results is that the computed
minimum energy path (MEP) based on which the reaction
coordinate is dened takes a “tortuous pipe”-like path to
minimize the energy, which is not a straight bee-line connecting
the initial (untransformed) with the nal SIMT state in congurational space, that is, the critical level-2 nuclei can look very
diﬀerent from the nal product in terms of variant volume
fraction and also shape.29 The exact MEP of level-2 nucleation
for a set-up like our in situ contact experiment would depend on
the applied and residual stress distributions, and pre-existing
microstructures such as surface conditions, and can be rather
complex. But generically, the critical length scale L2c for a selforganized superstructure (“strain superlattice” or “strain
crystal” as shown in Fig. 1(c) and (b),20 and 2(d)) to nucleate in
an innite body arises from the external work plus self-elastic
energy and competition with interfacial energy. Generally
speaking, the work plus residual energy Eelastic aer self-organization still has diﬀerent size scaling with the interfacial
energy Eint (interfaces between 2H/18R and between diﬀerent18R laths), thus giving rise to L2c. The size of such a “strain
crystal” nucleus L2c should encompass at least several l1's, or
“strain periods”, even for very high stresses, just as atomic
crystal nucleus L1c should encompass at least several atomic
lattice spacings. If the sample size D is smaller than L2c, then the
nucleation hierarchy is interrupted. With D < L2c, the measured
mechanical response will result from the “pre-mature” part
(before the dashed line) of the energy landscape shown in Fig. 4.
The details of this “pre-mature” self-organization will thus
dominate the mechanical response of the small-volume, sizeconned SMAs, such as wires, pillars and particles.6,18,30 This is
qualitatively diﬀerent from that of bulk samples, where details
of the “pre-mature” landscape are not as important for the bulk
mechanical behavior.
Another aspect of this work is that we do not nd relatively
larger energy dissipation in the smaller-sized Cu–14.2Al–4.0Ni
SMA pillar, as is the case reported in ref. 11. Comparing our
Fig. 3(a) with 2(a), the smaller pillar shows clear size strengthening. But the loss factor h h DW/pWmax, where DW is the
dissipated energy per stress–release cycle and Wmax is the
maximum stored energy per unit volume over the cycle,11 is
somewhat smaller for the smaller pillar (0.064) than that for the
larger pillar (0.076). The reason for this discrepancy in experimental results is not clear. But, theoretically speaking, overcoming the nucleation barrier in nite time is a mechanistic
origin for dissipation; so if only level-1 nucleation occurs, and
level-2, 3, . nucleations are avoided, then perhaps the reduction in dissipation for the smaller pillar can be rationalized.
Also, the quite long aspect ratio of our TEM compression
specimens may introduce some bending artifact, but if so our
larger specimen (aspect ratio 8.9) should produce more severe
bending artifact than our smaller specimen (aspect ratio 7.9),
while Fig. 2(a) agrees quite well with bulk response.
In summary, we directly observed the hierarchical nucleation of martensitic transformation and nd that the onset of
the stress plateau in the stress–strain curve corresponds to level2 nucleation rather than level-1 nucleation. However, when the
sample size D is smaller than the level-2 critical nuclei size (L2c
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 500 nm), the nucleation hierarchy is interrupted, the low-level
“pre-mature” nuclei dominate the mechanical response
(superelasticity). As the premature nuclei are still energetically
subcritical and require stress increase to grow before reaching
the critical size L2c, the stress continuously increases over the
whole range of transformation. Thus, the superelasticity
plateau disappears. The present work provides an essential
piece of information for adopting shape memory alloys in
miniaturized MEMS/NEMS devices, as well as a conceptual
basis for understanding the observed phenomena.
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Supplementary Information
movie S1
Movie for in situ compression of a large pillar with 950 nm width, 145 nm thickness
and 1290 nm axial direction.

http://li.mit.edu/Stuff/LifengLiu/Upload/movieS1.avi
movie S2

Movie for in situ compression of a smaller pillar with the width of 456 nm, the
thickness of 110 nm and the axial direction of 873 nm.

http://li.mit.edu/Stuff/LifengLiu/Upload/movieS2.avi

