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ABSTRACT: Silica (SiO2) glass, an essential material in human civilization,
possesses excellent formability near its glass-transition temperature (Tg > 1100
°C). However, bulk SiO2 glass is very brittle at room temperature. Here we show
a surprising brittle-to-ductile transition of SiO2 glass nanofibers at room
temperature as its diameter reduces below 18 nm, accompanied by ultrahigh
fracture strength. Large tensile plastic elongation up to 18% can be achieved at
low strain rate. The unexpected ductility is due to a free surface affected zone in
the nanofibers, with enhanced ionic mobility compared to the bulk that improves
ductility by producing more bond-switching events per irreversible bond loss
under tensile stress. Our discovery is fundamentally important for understanding
the damage tolerance of small-scale amorphous structures.
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“Happiness and glass break easily”despite proverbial
brittleness it has been long argued that fracture in glass could
be accompanied by plastic flow processes at room temper-
ature.1−3 In previous studies, plastic flow has been well-
established during the deformation of glass under compressive
stress.2,4,5 Under tensile stress, however, brittle fracture is
commonly observed in glasses at room temperature.6,7

Recently, the nucleation, growth and coalescence of nanosized
cavities were detected in glasses at the front of a crack during its
propagation, as revealed by both experiments8,9 and molecular
dynamics (MD) simulations.10−12 These discoveries may
suggest the existence of a plastic zone in front of the crack
tip and thus the occurrence of plastic flow at the nanoscale.
However, this issue remains controversial6,13,14 in view of the
classic work on the “brittle” fracture of glasses conducted by
Griffith.15

Recently, an electron-beam-assisted superplastic deformabil-
ity was discovered in amorphous silica (SiO2) nanoparticles and
nanowires at room temperature, where the irradiation damage
from electron beam can facilitate bond-switching and plastic
flow.16 Electron-beam irradiation can also result in the
densification of SiO2 spheres via irradiation-assisted atomic
rearrangement in the silica network, inducing hardening.17

Although pronounced tensile elongation can be achieved in

SiO2 nanowires above room temperature (around 60 °C),18 the
effect of temperature on the plastic flow of nanoscale SiO2 is
unknown, and could be greatly promoted by the small sample
size.19,20 Tensile testing of SiO2 nanofibers was also conducted
at room temperature under optical microscopy,18 however,
clear evidence of plastic flow is lacking due to low resolution.
Thus, room temperature plasticity of SiO2 at the nanoscale,
especially without electron beam irradiation, remains underex-
plored. Recently, a critical size for specimens was postulated,
below which structures would become “flaw-insensitive”.21,22

For silica fibers, the critical diameter is of the order of 0.5−1
nm. The fracture behavior of silica nanowires should therefore
still be dominated by defects, and brittle fracture is expected to
take place down to fibers only a few atoms in diameter.
Here we present a combined experiment/simulation study

on the deformation of nanosized SiO2 fibers. We reveal a size-
dependent strengthening and brittle-to-ductile transition in
SiO2 nanofibers, namely the onset of ultrahigh strength and
tensile ductility when the diameter is reduced to below 18 nm.
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Atomistic simulations suggest that the ductility of SiO2

nanofibers is mediated by surface processes, in which abundant
surface sites catalyze more bond-switching events which relax
stresses by shear deformation rather than bond breaking. Our
conclusions in many ways corroborate recent findings of
enhanced molecular mobility and reduced glass transition
temperature in near-surface regions (sub-10 nm) in polymeric
and organic glasses,23−25 but with an added ingredient of large
applied stress, and manifestation on tensile ductility.
Figure 1a shows a schematics of the in situ tensile testing.

Dog-bone shaped samples with diameters ranging from 1 to 40
nm were in situ prepared inside the TEM. In the tensile tests, a
displacement controlled deformation was realized by a piezo
controller, providing strain rates between 10−1 and 10−4 s−1.
After the fracture of the SiO2 nanofibers, the microstructures
near the fracture zone were further analyzed by high resolution
TEM (HRTEM) to check for crystallization. Detailed
information about the experiments and MD simulations can
be found in the Methods and our other works.26−29

Since without e-beam amorphous SiO2 nanofibers with
diameters larger than 50 nm always exhibit brittle fracture
under tensile loading,30,31 we focus here only on amorphous
SiO2 nanofibers with diameters less than 50 nm. Figure 1parts

b,c and d,e show the tensile deformation of two SiO2 nanofibers
with diameters of the 33.9 and 5.3 nm, respectively. Tensile
testing was conducted under beam-blank condition. The 33.9
nm SiO2 nanofiber shows a clearly brittle failure without
observable plastic elongation, as demonstrated by the measured
nanofiber length and the flat fracture surfaces perpendicular to
the loading direction in Figure 1c. The stress−strain curve of
33.9 nm SiO2 nanofiber further confirms its brittle nature, in
which limited elastic deformation (∼2.5%) occurred before the
sudden fracture, accompanied by a low fracture strength of 2.2
GPa (Figure 1f). Supporting Information, Figure S1 presents
another example of the brittle fracture of a SiO2 nanofiber with
a diameter of 18.7 nm, along with a higher fracture strength and
elastic strain limit (∼4.8%). The Young’s modulus of those
SiO2 nanofibers are about 77.6 GPa (Supporting Information,
Figure S1), close to that of bulk SiO2.

1 The observed brittle
fracture of SiO2 nanofibers are in contrast to the large plasticity
of SiO2 nanofibers when deformed under e-beam irradiation,16

even though smaller sample sizes are employed in the current
study (The large surface-to-volume ratio of smaller sample is
expected to promote plastic flow). However, as the diameter
further decreases, some plastic elongation with clear ductile
fracture characteristics are observed. Figure 1d−f show an

Figure 1. Deformation behavior of SiO2 nanofibers with different diameters. (a) Schematics of the experimental setup. (b, c) Morphology of a 33.9
nm SiO2 nanofiber before (b) and after (c) fracture. The nanofiber was deformed at a strain rate of 3.3 × 10−2 s−1. (d, e) Morphology of a 5.3 nm
SiO2 nanofiber before (d) and after (e) fracture. The nanofiber was deformed at a strain rate of 1.1 × 10−2 s−1. (f) Strain−stress curves of the two
nanofibers shown in parts b−e. (g, h) Localized necking occurred in a 4.0 nm nanofiber at a strain rate of 5.2 × 10−4 s−1.
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example for the ductile fracture of a 5.3 nm SiO2 nanofiber. It is
observed that the gauge length of this nanofiber increases from
originally 43.8 to 47.4 nm after fracture (Figure 1e),
corresponding to a permanent plastic elongation of 8.2%.
Notably, an apparent diameter decrease (from the initial 5.3 to
4.6 nm) and rough fracture surfaces are also captured after its
fracture (Figure 1e), suggesting that significant plastic flow
occurs in the tensile deformation of the 5.3 nm SiO2 nanofiber.
This notion of ductile failure under electron beam-blank

condition is further confirmed by its stress−strain curve in
Figure 1f. An important feature in the stress−strain curve of the
5.3 nm nanofiber is the significant plastic flow occurring before
the fracture, a direct evidence of ductile deformation. A
permanent plastic elongation of ∼8.5% is obtained after
fracture, consistent with the value obtained from TEM imaging.
It is also noted that some strain hardening occurs after the
initial yielding (∼3.6 GPa) of the 5.3 nm nanofiber and results
in an ultimate tensile strength (UTS) of ∼4 GPa. Like other
ductile materials, the strain hardening is followed by a slight
softening under further loading, indicating that the fracture of
SiO2 glass can proceed via ductile necking at nanoscale. Figure
1h shows the fracture morphology of a 4.0 nm SiO2 nanofiber,
which demonstrates the occurrence of significant necking at the
fracture zone. Similar ductile features and hardening behavior
are also observed in other SiO2 nanofibers with small diameters
(Supporting Information, Figure S2). As demonstrated above,
the distinct mechanical behaviors of SiO2 nanofibers with
different diameters suggest a clear brittle-to-ductile transition as
the fiber diameter is reduced down to tens of nanometers.
To further confirm the notion of brittle-to-ductile transition

in nanosized SiO2 glass, 72 individual nanofibers with diameters
between 1 to 50 nm (Supporting Information, Table S1) were
tested at different strain rates. The statistics of fracture
strengths and tensile elongations of these nanofibers are
summarized in Figure 2, parts a and b, respectively. In Figure
2a, the fracture strengths of SiO2 nanofibers show a strong
increase with decreasing diameter, similar to the size effect on
strength in other crystal and glass systems.32 As the diameter
goes down to ∼1 nm, an ultrahigh strength of 13.2 GPa was
achieved, close to the theoretical strength of silica (∼16 GPa).
Figure 2b shows that SiO2 nanofibers with large diameters
experienced negligible plastic elongation before their fracture
(much smaller than 1%, as indicated by the dashed line),
consistent with the results shown in Figure 1b,c. However, high
plastic elongation can be achieved in SiO2 nanofiber with the
reduction of diameter (Figure 2b). A transition from brittle
fracture to ductile failure occurs when the diameter is decreased
below 18 nm. For diameters below 18 nm, the plastic
elongation of SiO2 nanofiber shows a net increase with the
decrease of nanofiber diameter (Figure 2b). Pronounced plastic
elongations up to 18% are achieved in nanofibers with
diameters ∼5 nm at room temperature (Figure 2b).
Accompanying the improved plastic elongation is the change
of fracture morphology, from the flat fracture surfaces in
nanofibers with diameters larger than 18 nm to significant
diameter decrease and necking in nanofibers with diameters less
than 18 nm, as shown in Figure 1 and Supporting Information,
Figures S1−3. Note that the maximum room temperature
plastic elongation of SiO2 nanofibers obtained in our
experiments is smaller than the ones (over 100%) pulled by
heating up bimetallic sheets in a hot stage to a temperature ∼60
°C,18 even though similar strain rates are employed in both

studies, which can be attributed to the thermal effect that
greatly benefits the plastic flow at nanoscale.
Figure 2 also indicates that the ductility and fracture strength

of SiO2 nanofibers are not only size dependent but also strain-
rate dependent. In the brittle fracture regime, the mechanical
behavior of SiO2 nanofibers is insensitive to the strain rate.
However, it becomes highly sensitive to the strain rate once in
the ductile size regime. Below the transition size of 18 nm, a
higher plastic elongation can be achieved in SiO2 nanofibers
when deforming at low strain rate, accompanied by lower
fracture strength. Although the fracture strength shows some
scatter when analyzed with respect to the strain-rate depend-
ence, there is a general tendency of lower fracture stresses at
slower strain rates. Moreover, strain rate also influences the
critical size for brittle-to-ductile transition in SiO2 nanofibers.
According to the 1% elongation criterion (dashed line in Figure
2b), the transition is found to occur at 5 nm at a strain rate of
10−1 s−1, while it is 18 nm at a strain rate of 10−4 s−1. This
indicates that a creep-like strain rates (10−4 s−1 and below) are
beneficial for achieving high ductility in our materials, and thus
diffusive creep deformation mechanism could be important.
We note that free surfaces are usually perceived as the

preferred initiation sites of cracks in the deformation of SiO2
fibers with very large size, leading to brittle fracture.15,33

However, in our beam-blank experiments, the free surface
appears to have a “beneficial” effect on the ductility of SiO2
nanofibers. To understand the abnormal room-temperature
tensile ductility of SiO2 nanofibers, molecular dynamics (MD)
simulations were performed. MD simulations reveal that the
plastic deformation of ultrathin SiO2 nanofibers is controlled by

Figure 2. Size and strain-rate dependence of (a) fracture strength and
(b) maximum plastic elongation of SiO2 nanofibers. The dashed line in
part b indicates a reference line of 1%.
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the delayed formation of voids, which effectively postpones the
localized and thus global fracture, as shown in Figure 3. Figure

3a shows the stress−strain curve and the statistics of bond-
change events during the deformation of a 4.5 nm SiO2
nanofiber. Upon pulling, some Si−O bonds will break and
create void-like volumes (Figure 3a). However, if dangling
oxygen bonds are present, these can quickly move to the under-
coordinated Si atom forming a new Si−O bond (Figure 3). We
identify this ionic motion pattern as a bond-switching process.
MD reveals that there is a surface-plasticized region where
bond-switching dominates (Figure 3c). In this near-surface
region of enhanced plasticity, the occurrence of bond-switching
events exceeds the irreversible bond loss, and thus flaws can be
somewhat blunted. Once the surface affected region spans the
nanofiber, the entire fiber can deform plastically as a whole with

less coordination loss per strain sustained, as shown in Figure 1.
The existence of a surface-plasticized layer in SiO2 glass may
also solve the puzzle of why the fracture seems to proceed by
the nucleation and coalescence of cavities when monitored at
the intersection of the crack tip with a macroscopic surface,8,34

whereas analysis of fractography inside the sample does not
reveal any signs of ductility.6

The mechanism of shear relaxation by bond-switching is
generally analogous to the one proposed for viscous flow in
silica at high temperatures,35 void coalescence under hydro-
static tension36 and superplasticity under irradiation.16

However, in contrast to those three scenarios, bonding
switching in nanofibers is mainly surface assisted. The influence
of the surface on the plastic deformation is two-fold: first, the
missing bonding constraints at the surface lead to an increased
flexibility of the partly unbonded silica tetrahedra (as seen, e.g.,
in the rotation of a tetrahedron in Figure 3d). This increased
flexibility allows for the transportation of nonbridging oxygen
atoms close to under-coordinated silicon atoms, thereby healing
preexisting or deformation-induced surface damage. Second,
the presence of under-coordinated atoms at the surface
catalyzes bond-switching and thus plastic deformation. Such
more efficient relaxation23−25 and densification near freshly
created surfaces corroborates similar finding of ultrastable and
ultradense organic glass grown by vapor deposition37 where
there was a moving surface. As shown in Figure 3c, the atoms
involved in the plastic deformation are also mostly situated
close to the surface of the nanofiber. As the sample size
increases, the effect from the surfaces becomes reduced. The
cavities or crack-nuclei in the interior of the sample have no
way out but to expand/coalesce under the high stress, quickly
exceeding the critical size and developing into a crack that is
attracted to the surface. Therefore, the observed resistance to
fracture and the ability to sustain large plastic flow is a “size
effect” due to the extraordinarily large surface-to-volume ratio
and surface-assisted shear-diffusion transformations38,39 which
reduce damage accumulation due to a fast surface-mediated
repair mechanism, which under experimental conditions most
probably will also benefit from surface ionic diffusion.
High strain rate can promote the room-temperature strength

and tensile ductility of both crystalline and amorphous
materials.40−42 However, in our experiments, the ductility of
SiO2 nanofibers show a reversed behavior, that is improved
ductility under low strain rate, though their strengths follow the
similar trend as other materials. The abnormal strain-rate
dependence of the ductility of SiO2 nanofibers can be attributed
to its unique deformation mechanism of “surface diffusion”.20,43

The plastic flow of SiO2 nanofibers is mainly mediated by the
surface-plasticized region, in which bond changes occur
frequently and result in the annihilation of cavities or crack-
nuclei that were generated by the deformation. However, the
occurrence of bond-switching requires some relaxation time for
the bond rotation and reconnection. The deformation under
low strain rate provides enough time for the surface diffusion
assisted bond-rotation and damage repair processes, which
benefits the ductile deformation. The ductility also benefits
from the stabilization of superplastic flow by a high strain-rate
sensitivity m,44 as an ideal diffusive creep should give m = 1 due
to the small activation volume of the atomic processes of
diffusion.32

Although the tensile tests of SiO2 nanofibers were conducted
under beam-blank conditions, some electron beam irradiation
occurred during the sample preparation and imaging process,

Figure 3. Molecular dynamics simulations of the tensile behavior of
SiO2 glass (Vashishta potential). (a) Stress−strain responses of the
wire and the periodic boundary conditions (PBC) sample together
with the bond-switching statistics. (b) Deformation snapshots of the
wire at different strains (blue atoms have no change in bonding
topology, cyan atoms have gained bonding partners, yellow atoms have
switched bonds, red atoms have lost bonds). (c) Top view of the wire,
showing only atoms with changes in bonding topology (same color
code as in part b). (d) Example of a bond-switching process involving
the migration of nonbridging O-defect and the rotation of a partially
unbonded silica tetrahedron (around C) (color coding according to
the coordination number).
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which might affect the plastic deformation. The displacement
threshold energy for amorphous SiO2 is ∼25 eV,45 while our
experiments were conducted with 300 kV electron beam that
gives maximum 53 eV to O and 30 eV to Si in direct impact. To
determine the influences of prior beam irradiation on the
composition and deformation behaviors of SiO2 nanofibers,
electron energy loss spectroscopy (EELS) and postirradiation
tensile experiments were further performed. Figure 4a−e shows
the morphologies and EELS spectra of a SiO2 nanofiber before
and after the sample preparation under electron beam. The
diameter of the pristine nanofiber is 56 nm. After the irradiation
under a beam current density of ∼2.5 × 10−3 A/cm2 for 1 min
(similar to the irradiation condition of sample preparation
process), no change in morphology is observed (Figure 4a,b).
Finally, a dog-bone nanofiber sample of 24.6 nm is prepared
from the initial thick nanofiber (Figure 4c). The corresponding

EELS spectra of Si-L2,3 edge and O−K edge under these three
conditions are presented in Figure 4d and 4e, respectively. The
lack of any observable difference between the Si-L2,3 edge and
O−K edge of these three samples suggests that the beam
irradiation in sample preparation does not change the
composition of the SiO2 nanofiber measurably. Moreover, the
lack of a peak at ∼531 eV indicates that no detectable
molecular oxygen (O2) was generated during the irradiation.46

As a result, the dog-bone sample should remain pure SiO2.
Some dangling bonds and oxygen vacancies/interstitials

could be introduced by the irradiation in sample preparation
and imaging processes,16 but they should have negligible effect
on the deformation. SiO2 nanofibers with the diameter as large
as 129 nm can deform via superplastic flow when exposed to
electron beam irradiation (Supporting Figure S4). However,
the beam-blank experiments demonstrate that nanofibers with

Figure 4. Morphologies, EELS spectra and postirradiation deformation of SiO2 nanofibers. (a−e) Morphologies and EELS spectra of SiO2
nanofibers for different sample preparation protocols. The areas where the EELS were recorded are marked by the dotted circles. (a, b) Morphology
of a 56 nm nanofiber before and after 1 min irradiation, respectively. (c) As-prepared dog-bone sample with a diameter of 24.6 nm made from the 56
nm nanofiber. (d, e) Corresponding EELS spectra of Si-L2,3 edge and O−K edge. The EELS peak energy is (a) 106.0, (b) 112.9, (c) 128.8, (d)
155.2, and (e), 539.0 eV. (f, g) Postirradiation tensile experiment on a 21.1 nm SiO2 nanofiber. The tensile testing was conducted at a strain rate of
2.5 × 10−4 s−1. (f) Image of the nanofiber before 2 min beam irradiation. (g) Fracture of the nanofiber after the tensile test.
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diameters larger than 18 nm are intrinsically brittle, as
suggested by both stress−strain curve and fracture morphol-
ogies (Figures 1 and 2 and Supporting Figure S1). These
comparative results indicate that the defects generated by the
irradiation in sample preparation and imaging processes have
negligible contribution to the brittle-to-ductile transition of
SiO2 nanofibers. To further confirm this point, a preirradiated
silica nanofiber of 21.1 nm is tested under beam-blank
condition, as shown in Figure 4f,g. The SiO2 nanofiber was
irradiated for 2 min under an electron beam with the current
density of ∼2.5 × 10−3 A/cm2, same as the one used in other
sample preparations. After the preirradiation, tensile testing was
performed under beam-blank condition. Notably, the preirra-
diated SiO2 nanofiber still keep the brittle fracture with a flat
fracture surface (Figure 4g), consistent with the one deformed
without beam illumination. A previous study showed that the
electron beam induced damage can be totally healed in CaO-
Al2O3−SiO2 glass once the beam was turned off for 2 min.46

Studies on the irradiation of amorphous SiO2 showed that
irradiation-induced oxygen atoms can further bond with the
silicon dangling bonds (E′ centers),47 forming peroxy radicals
and links.48,49 As such, the degree of recovery of radiation
damage should depend on the number of oxygen atoms that
locked into defect bonding configurations in the network,
which reduces the number of nonbridging sites for reabsorption
of the silicon. In the current experiments, a very weak beam was
used to facilitate fabrication of the sample, and no molecular
oxygen (O2) was generated during the sample preparation
process (Figure 4a−e). Thus, the irradiation-induced silicon
dangling bonds can easily reconnect with their neighboring
nonbridging oxygen atoms once the beam is turned off, leading
to the formation of new Si−O bonds. As a result, the saturated
silicon dangling bonds may not be enough to facilitate the
plastic flow of preirradiated SiO2 nanofibers with large diameter
(e.g., the sample in Figure 4f−g) when deformed without
irradiation, due to the recovery of irradiation damage.
Therefore, it can be concluded that the irradiation in sample
preparation and imaging processes has limited influence on the
deformation of SiO2 nanofiber, and the size-dependent brittle-
to-ductile transition revealed in our experiments is conceptually
different from the concept of irradiation-induced plasticity.16

The large number of tests on nanofibers prepared by the
same procedure show the robustness of the observed size-
dependent brittle-to-ductile transition. However, it is well-
known that the details of the sample production as well as the
thermal, mechanical and environmental history of glass
specimens have significant effects on their mechanical
behavior3,50,51 both in experiments and in simulations. In
how far the present observations can be generalized to glass
fibers produced by completely different routes therefore
remains an open question. Differences in surface structure
and thermo-mechanical history could for example explain the
different strength values reported in ref 52. Similarly, simulation
samples generated by different methods can show significantly
different fracture behavior.50 The casting procedure of Yuan
and Huang50 for example produces significantly fewer surface
defects compared to our charge-conserving cutting method.
However, the scarcity of surface defects in their simulation
precludes the observation of significant bond-switching events
in the limited time scale (∼nanoseconds) of MD simulations.
The use of samples with more surface defects overestimates the
rate of bond-switching, however allows to observe the
migration of defects and the formation of the plasticized zone

within time scales accessible by MD. The mechanistic insights
gleaned from the simulations, namely, that surfaces contain
more defects than the bulk, and that surface bonds are less
constrained than bonds in the bulk and defects can thus be
transported over a certain distance, leading to a surface-affected
plasticized zone in which stress concentrations can be
diminished by bond-switching rather than leading to bond
breaking, are however independent of the experimental or
simulation details. It is therefore to be expected that size-
dependent ductility is a general feature of silica nanofibers. The
magnitude of this effect will however certainly depend on the
details of the fiber preparation.
In conclusion, our results show that in the presence of free

surfaces, silica glass can be ductile at length scales around 10
nm due to surface-assisted shear-diffusion transforma-
tions38,39,53 with reduced damage accumulation due to
expedited repair by surface diffusion.23−25,37 Alternatively one
may say the glass transition temperature of the near-surface
region is significantly reduced23−25 to allow significant plastic
forming at room temperature. A significant brittle-to-ductile
transition occurs in silica nanofibers as the size scales down
below 18 nm. The plasticity in such small volumes is attributed
to the increase in bond-switching events per irreversible bond
loss in the surface-affected zone. Their ductility, high strength
(close to the theoretical strength30,54) and high elastic-strain
limit opens up a wide range of applications utilizing nanoscale
glass with damage tolerance in elastic strain engineering and
harsh conditions.6,28,29,32 Our results should also be relevant for
understanding friction and tribology, because the mechanical
energy dissipation ability of a surface glassy layer is much
greater than what may be expected before. For example,
microelectromechanical systems (MEMS) based on silicon
always have thermally grown oxide on top, of a few to few tens
of nanometers thick. Our results indicate that such SiO2
overlayer should have mechanical behavior far different from
normal glasses23−25 and is much more damage-tolerant than
macroscale glasses.

Methods. Sample Preparation and Nanomechanical
Testing. All the silica glass nanofibers used in this study were
directly drawn from large silica glass via a two-step process: self-
modulated taper-drawing and fiber-drawing under TEM. In the
first step, highly uniform SiO2 nanofibers with diameters down
to 50 nm were fabricated by a self-modulated taper-drawing
process, a schematic diagram of which is shown in Supporting
Information, Figure S8. A standard SiO2 fiber (e.g., SMF-28
from Corning Inc.) was heated and drawn to a micrometer
diameter wire, which was wrapped on the tip of a tapered
sapphire fiber for further drawing to a smaller nanofiber. Then,
a 90° elastic bend around the taper of the SiO2 fiber was
introduced by holding the SiO2 fiber parallel to the sapphire
taper and tautening the connected microfiber between the taper
of the SiO2 fiber. A tensile force perpendicular to the sapphire
and SiO2 fiber was produced this way and used for self-
modulation. As the microfiber elongated and the diameter
scaled down, the bend loosens and the bending center moved
toward the thin end of the taper, resulting in smaller forces for
drawing thinner wires. The as-prepared SiO2 nanofibers have
uniform diameters and lengths over a hundred millimeter. A
typical scanning electron microscopy (SEM) image of a SiO2
nanofiber is shown in Supporting Information, Figure S9a.
In the second step, a dog-bone SiO2 nanofiber tensile sample

was further drawn from the prefabricated nanowire inside a FEI
Tecnai F30 field emission gun (FEG) TEM, operated at 300 kV

Nano Letters Letter

DOI: 10.1021/acs.nanolett.5b03070
Nano Lett. 2016, 16, 105−113

110

http://pubs.acs.org/doi/suppl/10.1021/acs.nanolett.5b03070/suppl_file/nl5b03070_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.nanolett.5b03070/suppl_file/nl5b03070_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.nanolett.5b03070/suppl_file/nl5b03070_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.nanolett.5b03070/suppl_file/nl5b03070_si_001.pdf
http://dx.doi.org/10.1021/acs.nanolett.5b03070


with a point-to-point resolution of about 0.19 nm. The SiO2
nanofiber prepared in the first step was used to further fabricate
the dog-bone sample. A manipulator was applied to control a
STM tip with silver paint to pick up a SiO2 nanofiber with the
length of several micrometers under an optical microscope.
Then the nanofiber was inserted into one end of a TEM-STM
platform, and another STM tip with bulk silica was used as
another end of the platform. After being transferred into the
TEM, all operations were performed carefully in a low dose
mode (5 × 10−4 to 2.5 × 10−3 A/cm2) to minimize beam
exposure. After the STM tip with bulk silica touched the SiO2
nanofiber, the electron beam of 1 A/cm2 was focused at the
contacting area to sinter them together, while the center of the
nanofiber was not exposed to the beam. Then the focused beam
was moved away to a blank area and expanded to a very low
intensity (∼5 × 10−4 to 2.5 × 10−3 A/cm2) for observation.
The next step was to use image shift to move the desired
cutting point to the center of the fluorescence screen. Usually a
200−500 nm segment was cut from the original nanofiber,
which was loaded into a Nanofactory TEM atomic force
microscopy (AFM) platform for mechanical testing. After the
short SiO2 segment touched the silica on the AFM tip, the
electron beam was used to weld them together. Finally, the
dog-bone samples (diameter ranging in 1 to 40 nm) were
prepared from the short SiO2 segment via a thinning process of
in situ drawing inside TEM under electron beam illumination
(∼2.5 × 10−3 A/cm2), similar to the taper-drawing process in
the first step for making the thick fibers. Electron beam was
used to facilitate the material flow and thus the drawing
process, however, special care was taken during the sample
preparation to minimize possible irradiation damage. Usually,
the thinning process occurred at the center of the thick sample,
and as such a dog-bone sample was obtained after the drawing.
Before tensile testing, the sample shape, size and surface
condition were checked under TEM and only nanofibers with
smooth surfaces were chosen for the mechanical tests.
Supporting Information, Figure S9b shows an as-prepared
dog-bone sample with a diameter of 28.2 nm, along with the
HRTEM image in Supporting Information, Figure S9c.
Supporting Information, Figure S9d is the HRTEM image of
the broken part of the dog-bone sample. The two HRTEM
images clearly show that no crystallization occurs in the sample
before and after fracture. To determine the composition and
the shape of the cross-section, the electron energy dispersive
spectra (EDS) and line scanning were acquired, as shown in
Supporting Figure Information, S9e−h. We did the EDS at
position 1 and the line scanning at position 2. The EDS
spectrum consists of only silicon and oxygen, and a quantitative
analysis reveals that the ratio of O to Si is close to 1.96
(Supporting Information, Figure S9f), a little less than the
stoichiometric ratio but within the EDS error range. The EDS
intensity profiles Supporting Information, Figure S9g−h
suggests that the dog-bone sample has a circular cross section.
Finally, all tensile tests were performed at room temperature

inside TEM, using a Nanofactory TEM-AFM platform. The
spring constant k of the AFM cantilever used for nano-
mechanical testing is 4.4 N m−1. To accurately monitor the
deformation, the nanofiber with clear surface features or
obvious markers were chose as the initial gauge length. The
minimum diameter in the gauge length of nanofiber was
measured for the stress calculation. During the nanomechanical
testing, various strain rates were realized by a piezo controller
and the deformation forces F were obtained based on the

deflection of the AFM tip. To minimize the possible irradiation
damage, all tensile testings were conducted under beam-blank
conditions, within which the electron beam was only used to
image the initial and final configurations of deformation.
Engineering stresses were then calculated by σ = 4F/(πD2),
where D is the minimum nanofiber diameter. The total plastic
elongation of SiO2 nanofibers were obtained by εtotal = (lf − l0)
/l0, where l0 and lf are the sample length under the initial and
fractured states, respectively. During deformation, the load−
displacement curves were recorded by the control software.

Simulation Methods. Molecular dynamics simulations of
uniaxial tensile deformation at a constant strain rate of 109 s−1

at 300 K were performed on two amorphous silica samples: a
wire of a diameter d = 4.5 nm and a length l = 11 nm with
periodic boundary conditions along the wire axis, and a
rectangular sample of dimensions 5.5 × 5.5 × 11 nm3 under
periodic boundary conditions in all directions. Two interaction
potentials were used: the original silica three-body potential by
Vashishta et al.55 cut off, shifted and smoothed at rc = 0.8 nm
according to the procedure detailed in ref 56, and the two-body
potential by van Beest, Kramer, and van Santen (BKS)57 which
was cut off and shifted at rc = 1.5 nm using a smooth cutoff
function.
The 5.5 × 5.5 × 11 nm3 bulk sample was constructed from a

crystobalite crystal following the stepwise cooling procedure
laid out in ref 58: the sample was equilibrated for 90000 steps at
5000, 4000, 3000, 2500, 2000, 1500, and 1000 K. Between
these constant temperature simulations, the sample was cooled
with a rate of 166 K/ps. In all simulations, 0 MPa pressure was
maintained by a Berendsen barostat and a time step of 0.5 fs
was used. Energy minimization was performed on the 500 K
sample followed by equilibration at 300 K, again at 0 MPa
pressure. This procedure corresponds to an effective cooling
rate of 13 K/ps. With the Vashishta potential, the so obtained
sample has a density of ρ = 2.42 (2.2) g/cm3 and 0K elastic
constants (experimental values from59 in brackets): Young’s
modulus E = 109 (73−74) GPa, shear modulus G = 44 (31)
GPa, and bulk modulus B = 61 (31−38) GPa, leading to
Poisson’s ratio of ν = 0.21(0.17−0.18). The BKS sample has
the following properties: ρ = 2.38 (2.2) g/cm3, E = 71 (73−74)
GPa, G = 31.7 (31) GPa, B = 36.6 (31−38) GPa. With these
values the Poisson ratio can be calculated to ν = 0.16 (0.17−
0.18).
From the relaxed sample, the wire was cut out, taking care

that the overall charge neutrality was maintained. It is
important to note that as the wire was created from the bulk
sample, the inside of the wire shares the same microstructure as
the bulk sample, and both samples were free of apparent flaws.
The wire was again relaxed and equilibrated at 300 K. MD
simulations were carried out using the DLPOLY package using
the Berendsen thermostat with a time step of 1 fs and the
smoothed particle mesh Ewald method for calculating the
Coulomb interactions (real space cutoff 1.05 nm and accuracy
of 10−6). In the bulk simulations, the length of the box vectors
orthogonal to the tensile direction is controlled by the
Berendsen barostat to maintain uniaxial stress conditions.
The number of atoms with lost, switched or gained bonds

was determined by the differences in bonding topology
between the actual configuration and the reference config-
uration at zero strain. Each atom is identified by its unique
number ID. Atoms are considered to have lost bonds when
their coordination number z (the number of atoms within the
nearest neighbor shell of radius r = 0.2016 nm) has decreased
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with respect to the reference configuration. Atoms which gain a
bond show respectively an increase of z. Atoms with switched
bonds have the same z as in the reference configuration,
however, at least one nearest neighbor has a different ID than in
the reference configuration.
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1. Additional results of the tensile tests  

The beam was blanked during the tensile tests to exclude the irradiation on the 

deformation behavior of SiO2 nanofiber. The morphologies of pristine and fractured 

nanofibers were captured to reveal the fracture mode. Supporting Figure S1 shows the 

deformation and loading-unloading response of a SiO2 nanofiber with the diameter of 

18.7 nm. The nanofiber was firstly deformed via loading-unloading test and then 

pulled again until fracture. The SiO2 nanofiber of 18.7 nm shows a typical brittle 

fracture, as demonstrated by the flat fracture surface (Supporting Figure S1c) and the 

stress-strain curve (Supporting Figure S1e). The fracture strength of 18.7 nm SiO2 

nanofiber was about 3.7 GPa, with a Young’s modulus of 77.6 GPa (Supporting 

Figure S1d-e). Before the sudden fracture, the maximum elastic strain occurred in the 

18.7 nm nanofiber was 4.8%, which is over 1.5 times that of the 33.9 nm diameter 

nanofiber (Figure 1f in the main text). The increase in strength and elastic strain limit 

can be attributed to the size-dependent strengthening.  

Supporting Figure S2 show an example about the ductile fracture of a 4.7 nm 

nanofiber with 18% tensile elongation. The nanofiber is deformed under the strain rate 

of 2.8×10
-4
 s

-1
. Significant diameter shrunk and localized necking is observed in the 

fracture morphologies, confirming the ductile fracture mode. Supporting Figure S3 

shows the fracture morphologies of SiO2 nanofibers under higher strain rates. The 

fracture of 22.4 nm under a high strain rate of 4.4×10
-2
 s

-1 
shows a shear fracture 

feature (Supporting Figure S3a), while a localized necking is observed in 2.8 nm 

nanofiber under the strain rate of 4.7×10
-2
 s

-1
, similar to the fracture behaviors under 

low strain rate (Figure 1g-h in the main text).  

To reveal the effects of electron beam irradiation on the deformation, a SiO2 

nanofiber with the diameter up to 128.8 nm were deformed under the strain rate of 

2.7×10
-4
 s
-1
. A superplastic deformation was observed before the fracture of this 128.8 

nm SiO2 nanofiber (Supporting Figure S4), in contrast to the brittle behavior of 33.9 

nm and 18.7 nm nanofibers when deformed under beam-blank conditions (Figure 1b-c 

in the main text and Supporting Figure S1), even though the diameters are much 

smaller in the beam-blank deformation cases. The control experiments suggest that 

the beam irradiation has negligible influences on the deformation.  

Moreover, in our experiments, 72 individual SiO2 nanofibers with different 

diameters were fabricated and tested under various deformation strain rate at room 

temperature. Their diameters, deformation conditions, fracture strengths and plastic 

elongations are summarized in Supporting Table S1 and plotted in Figure 2 in the 

main text. The engineering fracture strength was calculated by 4∆F/πd0
2
, where ∆F 

refers to the force at the fracture point and d0 is the initial diameter of the nanofiber. 

The plastic elongation was calculated by (Lf - L0)/L0, where L0 and Lf are the initial 

and final (i.e. determined after fracture) gauge length of the nanofiber.  
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Figure S1 Mechanical tests on the SiO2 nanofiber with the diameter of 18.7 nm. a, b 

and c are images of the nanofiber before, after cycle loading and final fracture; d and 

e are the strain-stress curves for the cycle loading and tensile test.  

 

Figure S2 Ductile fracture of a 4.7 nm SiO2 nanofiber with an elongation of ~18%. a, 

the pristine nanofiber and b, the fractured nanofiber after tensile deformation at a 

strain rate of 2.8×10
-4
 s
-1
.  

 

Figure S3 Fracture morphologies of SiO2 nanofibers under higher strain rates. a, a 

shear fracture of a 22.4 nm nanofiber at a strain rate of 4.4×10
-2
 s

-1
; b, localized 

necking of a 2.8 nm nanofiber at a strain rate of 4.7×10
-2
 s
-1
.  
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Figure S4. In situ tensile elongation of a 128.8 nm SiO2 nanofiber at strain rate of 

2.7×10
-4
 s
-1
. (a) t=0 min, tensile test beginning. (b) t=22 min, local thinning happened at 

the place near the contacting area of the STM probe side. (c) t=69 min, a 

dog-bond-shaped sample; (d) t=212 min, the dog-bond-shaped sample uniformly 

elongated along the wire axis; (e) t=246 min, the nanowire just before failure; (f) 

Failure of the nanowire. (g) and (h) are HRTEM images of the white framed regions in 

(f). (i) FFT of (h). 

Table S1 Summary of fracture strengths and plastic elongations of SiO2 nanofibers 

Sample 

Initial 

diameter 

(nm) 

d0 

Elongation   

(%) 

(Lf-L0)/L0 

Fracture 

stress 

(GPa) 

4∆F/d0
2 

Strain rate         

（s
-1
） 

NW1-1 1.6 3.4 10.0 6.1×10-2 

NW1-2 3.8 3.4 9.2 1.2×10-1 

NW1-3 4.5 1.6 8.5 1.7×10-1 

NW1-4 5.7 1.3 5.8 1.6×10-1 

NW1-5 8.4 0.5 4.9 5.0×10-1 

NW1-6 10.8 0.9 4.5 1.1×10-1 

NW1-7 13.9 0.5 2.1 1.3×10-1 

NW1-8 17.2 0.6 2.0 1.1×10-1 

NW1-9 18.2 0.6 4.3 7.0×10-2 

NW1-10 18.6 0.0 1.9 1.2×10-1 

NW1-11 18.7 0.0 3.7 6.0×10-2 

NW1-12 22.0 0.0 4.8 8.4×10-2 

NW1-13 27.0 0.0 2.9 6.2×10-2 

NW1-14 33.5 0.0 1.7 6.6×10-2 

NW1-15 35.4 0.0 1.6 5.9×10-2 

NW1-16 40.0 0.0 1.3 5.2×10-2 

NW1-17 45.0 0.0 1.6 5.8×10-2 

 
NW2-1 1.1 － 13.2 1.8×10-2 

NW2-2 2.8 14.6 7.2 4.7×10-2 
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NW2-3 3.7 13.1 4.8 9.4×10-3 

NW2-4 4.7 10.5 6.3 4.2×10-2 

NW2-5 5.3 8.2 3.9 1.1×10-2 

NW2-6 6.3 8.6 4.9 6.9×10-3 

NW2-7 6.6 6.2 2.3 2.3×10-2 

NW2-8 7.1 4.6 9.1 1.8×10-2 

NW2-9 8.1 3.9 3.5 2.1×10-2 

NW2-10 9.9 1.3 4.2 2.8×10-2 

NW2-11 10.8 1.0 4.6 1.1×10-2 

NW2-12 10.8 0.7 6.0 4.8×10-2 

NW2-13 11.0 1.0 5.2 4.3×10-2 

NW2-14 11.6 1.4 7.4 1.6×10-2 

NW2-15 12.5 1.2 2.4 4.3×10-2 

NW2-16 14.5 1.1 3.1 8.1×10-3 

NW2-17 15.9 0.6 5.4 4.9×10-2 

NW2-18 16.8 0.8 5.3 4.2×10-2 

NW2-19 17.7 0.6 4.8 3.9×10-2 

NW2-20 19.1 0.0 3.9 4.6×10-2 

NW2-21 19.6 0.0 3.1 2.7×10-2 

NW2-22 21.5 0.0 4.9 4.8×10-2 

NW2-23 22.4 0.0 4.2 4.4×10-2 

NW2-24 33.9 0.0 2.2 3.3×10-2 

NW2-25 40.0 0.0 1.9 3.3×10-2 

NW2-26 44.8 0.0 0.8 4.2×10-2 

NW2-27 47.6 0.0 1.0 4.8×10-2 

 
NW3-1 2.8 － 7.5 2.0×10-3 

NW3-2 3.9 11.8 4.7 1.8×10-3 

NW3-3 3.9 16.7 N/A 6.2×10-4 

NW3-4 5.6 9.05 4.3 4.0×10-3 

NW3-5 5.6 14.5 4.1 7.9×10-4 

NW3-6 8.5 5.4 4.4 3.6×10-3 

NW3-7 8.6 3.8 4.4 2.4×10-3 

NW3-8 12.1 4.5 － 5.2×10-4 

NW3-9 13.3 2.5 3.3 6.4×10-4 

NW3-10 19.8 0.0 1.2 1.3×10-3 

NW3-11 35.1 0.0 2.5 2.5×10-3 

 
NW4-1 4.4 15.1 － 4.8×10-4 

NW4-2 4.6 16.5 － 3.3×10-4 

NW4-3 4.7 17.6 － 2.8×10-4 

NW4-4 5.0 14.1 － 2.0×10-4 

NW4-5 5.1 15.1 5.3 4.5×10-4 

NW4-6 5.5 15.5 － 2.8×10-4 

NW4-7 5.8 11.5 4.6 4.4×10-4 

NW4-8 5.9 11.3 2.9 3.5×10-4 

NW4-9 6.0 13.3 － 1.8×10-4 

NW4-10 6.0 11.7 － 3.4×10-4 

NW4-11 7.0 11.1 2.3 3.5×10-4 

NW4-12 7.2 9.4 － 3.7×10-4 
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NW4-13 7.8 8.0 － 2.4×10-4 

NW4-14 8.1 7.8 1.7 2.7×10-4 

NW4-15 9.4 6.4 － 3.2×10-4 

NW4-16 15.1 2.3 － 1.9×10-4 

NW4-17 15.3 1.6 2.4 1.5×10-4 

NW4-18 16.6 1.6 － 2.4×10-4 

NW4-19 21.1 0.0 － 2.5×10-4 

－:  Image not clear; Force not recorded  

 

2. Additional MD simulation results 

  Supporting Figure S5 shows the snapshots of the PBC sample under uniaxial 

tension. Comparing to Fig. 3 of the paper one sees that the fracture surface is 

orthogonal to the tensile axis, whereas the fracture plane in the wire is inclined to the 

tensile axis. This is an indication that the failure of the wire has an additional shear 

component.  

  It is clear that the failure behavior in the simulation of silica glass depends strongly 

on the interaction potential. We therefore performed simulations with the three-body 

potential of Vashishta et al. and the two-body potential by van Best, Kramer and van 

Santen (BKS). It is important to note that both potentials lead to different defect 

structures in the unstrained glass samples. In particular, the BKS potential allows for 

the existence of over-coordinated atoms, which are not observed in the Vashishta 

samples. As can be seen from the stress-strain curves in Supporting Figure S6 and the 

snapshots in Supporting Figure S7, with the BKS potential, both the wire and the bulk 

sample deform in a ductile fashion. It is interesting to note that by suppressing the 

stress relaxation orthogonal to the tensile axis leads to brittle fracture of the PBC 

sample. However, these boundary conditions, also frequently used in MD simulations 

of glass fracture, do not represent the situation in experimental (uniaxial) tensile tests. 

From the bond switching (S) and loss (L) statistics (Supporting Figure S6) one sees 

clearly that more atoms are switching bonding partner than losing bonds. The S/L 

statistics during deformation can be thus used to characterize the ductility or 

brittleness of a given interaction potential.  
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   10%         15%         20%         23% 

Figure S5 Snapshots from the bulk Vashishta sample at different strains. The atoms 

are colored according to the changes of their bonding topology: dark blue atoms have 

exactly the same neighbors as in the strain free initial configuration, light blue atoms 

have gained a bond, yellow atoms have switched bonding partners while maintaining 

the same coordination number, red corresponds to broken bonds. 

 

 

Figure S6 Stress-Strain response for the BKS sample together with the bond-change 

statistics. 
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Figure S7 Snapshots of the simulations with the BKS Potential at strains of 10, 20, 

and 40%. See Figure S5 for the color code of the atoms. 

 

 

 

3. Images about sample preparation 
 

 

 
Figure S8 A schematic diagram illustrating a self-modulated taper-drawing process of 

ultrathin silica nanowires. 
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Figure S9 Structure and composition characterizations of the drawn dog-bone silica 

NWs. a, a SEM image of a 49.6 nm diameter nanowire; b, a TEM image of a 28.2 nm 

diameter dog-bone sample; c was taken from the white framed region of b; d, an 

HRTEM image of the broken part at the AFM tip side; e, an HAADF image of the 

broken part; f, EDS analysis at position 1 of e; g and h are the EDX intensity profiles 

along a line marked by a “2” in e by selecting the EDS energy window of oxygen and 

silicon, respectively.  
 


