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Slip transmission across a=b interfaces is of great signiﬁcance in understanding the strength of Ti-alloys,
but currently a detailed mechanistic understanding of the process is still lacking. Here we develop a
microscopic phase-ﬁeld framework that incorporates the generalized stacking fault energy and the
interface crystallography, which are, respectively, calculated by atomistic methods and revealed by
crystallographic theories of phase transformations and experimental characterization. The model is then
applied to studying the transmission of a constant ﬂux of discrete dislocations across multiple a=b interfaces at micron-scale. The simulations predict interesting slip transmission mechanisms that have not
been reported before, wherein Shockley partials play a critical role in assisting the dislocation transfer
across the interfaces. The dislocation conﬁgurations generated by these mechanisms seem to agree well
with experimental characterizations. Spatial cross-over between full dislocations in a is also seen from
the simulations, which is again attributed to a reaction mechanism involving Shockley partials. A
parametric study further reveals that stacking fault energy can inﬂuence the slip transmission in terms of
transmitted dislocation types, transmission rate, and the residual dislocation content, suggesting a new
strengthening strategy at the a=b interface level. This work offers new understanding of the complex slip
transmission process in Ti-alloys and demonstrates a new computational tool complementary to
advanced electron microscopy analysis of plastic deformation.
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Titanium alloys are widely used in aerospace and energy applications owing to their high speciﬁc strength, high modulus and
good toughness, and high service temperature. The strength of Tialloys can be further engineered and optimized for speciﬁc purposes via different thermomechanical processing routes, which
lead to a wide variety of microstructures containing differently
distributed a and b phases. The resulting hierarchy of structural
heterogeneities such as prior b grain boundaries, a colony boundaries, and a=b interfaces are expected to control the alloys’ mechanical properties such as room temperature creep, yield strength,
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and strain hardening [1e3]. For example, deformation characterizations have revealed that dislocation transfer across the a=b interfaces, i.e., the so-called slip transmission, can be highly
anisotropic for different slip systems, which is considered to be the
primary reason for the observed anisotropic deformation properties such as yield strength and hardening rate [2,3]. However, the
mechanistic understanding of slip transmission across a=b interfaces (and across a general metal-metal interface) is still largely
missing [4,5].
In general, slip transmission across interfaces in metals is of
critical importance to a class of unsolved issues, for instance, some
emergent observations such as twinning in bimetal nanocomposites [6,7], the strength of multilayers [8,9], and even some
long-standing topics such as plasticity of polycrystals and
precipitation-hardened alloys. It is expected that interfaces
(including both grain boundaries and heterophase interfaces) can

292

P. Zhao et al. / Acta Materialia 171 (2019) 291e305

act as barriers to the propagation of dislocation glide. Studies utilizing experimental measurement and characterization together
with continuum dislocation theory have proposed different transmissibility criteria based on either geometrical factors [10e14] or
stress factors [15e17], or the combination of both [18]. Efforts from
atomistic simulations [19e22] have revealed the interplay between
the atomic structures of the transmitting dislocation core and the
interface, which is ignored in the continuum criteria but may
exhibit some macroscopic effects. Recently, a model [23] based on
phase-ﬁeld (PF) dislocation dynamics [24e26] has been applied to
calculate the critical stress required for a perfect dislocation
transmitting a cube-on-cube interface, presenting a mesoscale
modeling approach of slip transmission.
To date, modeling efforts at multiple scales have been made,
aiming at a full-scale understanding of slip transmission. Nevertheless, these existing works focus mainly on the features of an
individual dislocation transfer event; the transmission of a ﬂux of
dislocations, which involves not only the dislocation-interface
interaction but also the interaction between dislocations and residual dislocations deposited at the interface, has been largely
ignored. In addition, the representative volume element (RVE)
considered so far contains only a single interface; such RVE sufﬁces
to the study of cases such as conventional polycrystals where the
transmitted dislocation will most likely interact with an obstacle
inside the (large enough) grain before it arrives at the next interface
(grain boundary), but may not be suitable for the study of nanostructured materials where the distance between adjacent interfaces is comparable to the mean free path of dislocations. The
latter implies particular requirement for choosing RVE when
studying slip transmission of a dislocation ﬂux.
To study the underlying mechanisms during slip transmission
across a=b interfaces in Ti-alloys, we adopt a microscopic phaseﬁeld framework [27], utilize the generalized stacking fault energy
surface and the elastic stiffness constants obtained by atomistic
calculations, and incorporate the interface crystallography revealed
by experimental characterizations. The developed model is then
applied to simulating the transmission of a constant ﬂux of discrete
dislocations across multiple a=b interfaces in a representative volume element (RVE) of single colony Ti-alloys. The rest of the paper
is organized as the following. Section 2 presents the methodology,
model input, and simulation setup. Simulation results of slip
transmission with detailed dislocation transfer processes are
shown in Section 3. The underlying slip transmission mechanisms
and the subsequent implication on understanding the
microstructure-property relationship in Ti-alloys are discussed in
Section 4, with major ﬁndings being summarized in Section 5. The
current work also demonstrates a new physics-based computational framework of studying the interface-dislocation interactions
at the mesoscale over a few interface-interface distances, which is
currently missing in the literature.
2. Methodology
2.1. Microscopic phase-ﬁeld
To study slip transmission across interfaces via dislocation glide,
descriptions of the dislocation and interface are needed. We adopt
the microscopic phase-ﬁeld (MPF) model developed by Shen, Li, and
Wang [27,28], which allows the consideration of arbitrary dislocation or dislocation network conﬁgurations and offers the equilibrium structure of the dislocation core or network conﬁgurations as
the complete model prediction. The incorporation of the generalized stacking fault (GSF) energy surface (or the g-surface) and the

elastic stiffness constants obtained by atomistic calculations,
together with the removal of the gradient term in the energy
formulation at the sub-atomic scale, enables MPF to accurately
describe the structure of dislocations in a generalized manner of
the classical Peierls model [29]. The model has recently been
applied to studying the grain boundary structures in BCC metals by
Qiu et al. [30]. In the following, we present the key equations in the
model and more details can be found in Refs. [27,30].
In MPF model, the total free energy is a functional parametern
oN
ized by a set of N order parameters, hp ðxÞ
(x is the position
p¼1

vector in real space), which characterize the so-called disregistry
associated with a set of Burgers vectors (or more generally the basis
 N
displacement vectors [30]), bp p¼1 , as deﬁned in the Peierls
model. In our current MPF model for a two-phase system, an
eigenstrain (under small strain assumption) is associated with each
Burgers vector and deﬁned as

εsp ¼

bsp 5nsp þ nsp 5bsp
2d

;

s ¼ a or b;

(1)

where the superscript s indicates the phase type and nsp is the slip
plane normal and d is the interplanar spacing of the slip plane
(assumed to be the same for all planes in question). The resulting
total displacement uðxÞ is given as

uðxÞ ¼

Ns
XX
s

hsp ðxÞbsp :

(2)

p¼1

In a recent paper by Qiu et al. [30], it has been shown that
arbitrary basis displacement vectors (i.e., bap and bbp in Eq. (2)) can
be chosen as long as they are non-collinear. Consequently, we set
Na ¼ N b ¼ N ¼ 2 and use two orthogonal vectors for both a and b
phases in the simulation. Following the spirit of the Peierls model,
uðxÞ is assumed to be inelastic and conﬁned in the slip plane of
dislocations, leading to a so-called crystalline energy Em.

Em ¼

ð


fðxÞga ½uðxÞ  þ ð1  fðxÞ Þgb ½uðxÞ  dA

(3)

where fðxÞ is a ﬁeld describing the local phase identity, namely,


fðxÞ ¼

1;
0:

if x2a
if x2b

(4)

For the current purpose, the microstructure fðxÞ is predeﬁned
by choosing the appropriate RVE and kept static during the slip
transmission simulation, but may need to be evolved for cases such
as high-temperature deformation where concurrent evolution of
microstructure and micromechanics are involved [31e33]. In Eq.
(3) ga and gb are the g-surface of a and b phases, respectively,
which depend on uðxÞ, and the integral is over the slip plane. The
localized crystalline energy will cause elastic distortions in the rest
of the bulk crystal (other than the slip plane), which result in the
elastic strain energy Eel. The closed-form of Eel follows the phaseﬁeld microelasticity theory [34] and is given as

Eel ¼

N
h

 s
 s 
 i dkx dky
1XX
~ p kx ; ky h
~q kx ; ky
∬ Lspq kx ; ky h
;
2 s p;q
ð2pÞ2

(5)
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Lspq kx ; ky ¼ d2

ð

b ss b
Cijkl εspij εsqkl  b
k i sspij Ujk k
qkl k l

dislocation slip system on the f0 1 1gb plane with the Burgers vector

dkz
;
ð2pÞ

a

of 2b h1 1 1〉b where ab is the lattice parameter of b phase. In the a
phase (HCP crystal structure), there are two major slip systems

s ¼ a or b;
(6)
^ ¼ k is
where kx and ky are components of the reciprocal vector k, k
jkj
~sp is the Fourier transform of hsp and
the corresponding unit vector, h

h~s
p is its complex conjugate, Cijkl is the elastic stiffness tensor,
sspij ≡Cijkl εspkl , and Ujk is speciﬁed by deﬁning its inverse as
bb
U1
jk ≡Cijkl k i k l . Eqs. (5) and (6) provide a general solution to the
elastic energy (in 3D) associated with any arbitrary dislocation
conﬁgurations at the mechanical equilibrium, and ensure high
computational efﬁciency owing to the usage of the Green's function
in the reciprocal space and the fast Fourier transform (FFT) algorithm during the numerical implementation. The total energy in
MPF is given as

Etot ¼ Em þ Eel þ W

(7)

where, apart from the previous crystalline and elastic energies, the
term W is the work done by the external applied stress saij :

ð
W ¼  saij εtr
ij ðxÞdV:

(8)

PP s
s
In Eq. (8), εtr ðxÞ ¼ s N
p hp ðxÞεp is the (actual) transformation
strain ﬁeld that is obtained from the linear coupling of the order
parameter and eigenstrain tensor (Eq. (1)). Once the total energy
Etot is formulated solely as a functional of the order parameters, the
subsequent dislocation dynamics is modeled by the linear dissipative law:

vhsp
vt

¼ Lp

dEtot
dhsp
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(9)

where t is time and Lp is a constant coefﬁcient controlling the dynamics rate. In the slip transmission simulation, the initially prescribed dislocation conﬁguration will be driven by the external
applied stress and the subsequent evolution of the order parameters will give the complete information about the process.
Note that in Eq. (7) there is no energy term associated with the
gradient of the order parameters, which is, however, commonly
present in some previous PF dislocation models [24e26]. The current MPF model is a 3D extension of the Peierls model [29] for
dislocation core structure, which resides in the sub-atomic length
scale and no gradient term is present in the original Peierls model
[28]. From the energy perspective, the crystalline energy Em
(determined by the displacement ﬁelds and GSF energy surface) is a
local contribution and competes with the non-local contribution
due to the elastic strain energy Eel (depending on the gradient of
the displacement, i.e., strain), leading to an equilibrium dislocation
core structure.
2.2. Model input
2.2.1. Material properties of individual phases
MPF model requires only two sets of material properties as input,
(i) GSF energy surface (on the slip plane) and (ii) elastic stiffness
constants, both of which should be obtained consistently from one
set of atomistic calculations. For a=b two-phase Ti-alloys, we need to
consider ﬁrst the material inputs for individual a and b phases. In
the b phase (BCC crystal structure), one frequently observed

observed in experiments, i.e., the basal slip of a3a h2 1 1 0〉a =f0 0 0 1ga
and the prismatic slip of a3a h1 1 2 0〉a =f1 1 0 0ga . In our current work,
we only consider the basal slip, whose role in slip transmission has
been studied in a previous experimental work by Savage et al. [3].
Given the slip systems to be considered, the corresponding GSF
energy surfaces on the slip planes (f0 0 0 1ga and f0 1 1gb ) can be
calculated using atomistic methods such as density functional
theory (DFT) or molecular dynamics (MD). The GSF energy data to
be used in this work are based on the empirical potential of Ti in
Ref. [35] with additional correction from DFT calculation on some
special points such as unstable stacking fault and intrinsic stacking
fault (Li, J. Private Communication). Our DFT corrected GSF energy
leads to a value of 290 mJ/m2 for the intrinsic stacking fault energy,
which is close to the experimental value of  300 mJ/m2 [38]. The
elastic constants are in principle different for the two phases; for
simplicity, however, we take those of b phase (c11 ¼ 97:7GPa, c12 ¼
82:7GPa, c44 ¼ 37:5GPa) and assume a homogeneous elastic medium as a reasonable approximation discussed previously in
Refs. [36,37,39].
2.2.2. Crystallographic orientation relationship between a and b
The two GSF energy surfaces need to be brought together to
match the speciﬁc crystallographic orientation relationship (OR)
between a and b in the given Ti-alloys. The Burgers OR:

ð1 0 1Þb

ð0 0 0 1Þa ;

h
i
111

b

h
i
2110

a

(10)

has been well observed between laths of a and b phase in the
€tten colonies of many Ti-alloys. In addition, small deWidmansta
viations (rotation of  1+ about the ½1 0 1b

½0 0 0 1a direction)

from Eq. (10), the so-called near-Burgers ORs, have also been
observed in some Ti-alloys [2,3,40]. For the purpose of comparison
with the relevant experiment, we adopt the near-Burgers OR
observed by Savage et al. [3] in a commercial a=b Ti-alloy (Ti-6Al2Sn-4Zr-2Mo-0.1Si, Ti6242, in weight percent), as shown in Fig. 1a.
By matching the individual GSF energy surfaces of a and b to this
near Burgers OR, we obtain the combined GSF energy surface for the
coplanar slip plane ð1 0 1Þb

ð0 0 0 1Þa as shown in Fig. 1b. Note

that we have ignored the possible effect of solutes on GSF energy
due to their small amounts in the alloy considered. One may also
h
i
note that a displacement of 23aa 0 1 1 0 leads to a local minimum,
a

which is also seen in a previous ﬁrst-principle calculation [41].
2.2.3. Simulation setup
In accordance with the near-Burger OR as illustrated and also
revealed by the bright-ﬁeld TEM image in Fig. 1a for Ti6242 [3], we
set up a RVE to describe the a=b two-phase microstructure of interest. As a ﬁrst modeling effort tackling the slip transmission
across the a=b interface, we focus on the transmission of straight
a-type dislocations across a ﬂat and sharp a=b interface that is
assumed to be coherent, leaving the effects of the interface defects
such as structural ledges [2,40] to the future work. This simpliﬁed
scenario allows us to take part of the real a=b interface (as, for
example, denoted by the dashed rectangle in Fig. 1a) and set up the
model interface on ð1 0 1Þb k ð0 0 0 1Þa as illustrated in Fig. 1a.
In addition, dislocations undergoing slip transmission will
exhibit certain line conﬁgurations as revealed by the TEM characterizations in Ref. [3], which is closely related to the type of
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Fig. 1. (a) The near-Burgers OR revealed by a bright-ﬁeld TEM image along ð1 0 1Þb k ð0 0 0 1Þa zone axis in Ti6242 [3], together with a schematic illustration of the OR (inset). Note
that the 0:7+ angle between a1 and b1 separates this OR from the ideal Burger OR deﬁned in Eq. (10). The dashed rectangle represents (part of) the simulation RVE, where a ﬂat and
sharp a=b interface is assumed and a ﬂux of incoming a2 -type straight dislocations are illustrated. (b) GSF energy surfaces of f0 0 0 1ga and f0 1 1gb , together with their matching to
the near-Burgers OR on the common slip plane ð1 0 1Þb ð0 0 0 1Þa . (c) Maps of dislocation reactions involved in our slip transmission simulation, together with some key reactions
0
0
0
being listed as well. Here a1 ¼ aa ½2110a =3, a2 ¼ aa ½1210a =3, and a3 ¼ aa ½1120a =3 are full dislocations on the basal planes of a and a1 ¼ aa ½1100a =3, a2 ¼ aa ½0110a =3, and a3 ¼
aa ½1010a =3 are the Shockley partials; b1 ¼ ab ½111b =2 and b2 ¼ ab ½111b =2 are the full dislocations on the ð1 0 1Þ plane of b; the rest dislocations are residual dislocations at the
interface due to reactions that will be discussed in Section 4.

dislocations. For the a1 dislocations (see the deﬁnition in Fig. 1a),
owing to the nearly perfect alignment between a1 and b1 as well as
the close match between the magnitudes of the Burgers vectors in a
and b, i.e., bb ¼ 0:9472ba , slip transmission is expected to occur
a
easily; the lack of a 2b h1 1 1〉b slip system that is closely aligned with
a3 suggests a difﬁculty of slip transmission. These intuitive expectations based on the near-Burger OR have been conﬁrmed by the
experiments [3]. In our current work, we will focus particularly on
the transmission of a2 dislocations, which according to the OR will
match b2 but with a much larger deviation angle as compared to
that between a1 and b1 . In addition, since the a2 dislocations at the
a=b interface are found to exhibit narrow loop-like conﬁgurations
elongated along the screw orientation [3], it is sufﬁcient to
approximate the line direction of a2 -type dislocations as parallel to
the interface, which leads to an effectively pseudo-2D simulations
as indicated in Fig. 1a. However, the elastic energy calculation is still

rigorously done in 3D as described in Section 2.1.
Finally, unlike slip transmission in conventional polycrystals
where the transmitted dislocation will most likely interact with an
obstacle inside the (large enough) grain before it arrives at the next
interface (grain boundary), the mean free path of dislocations in a
single colony of a=b Ti-alloys can be comparable to the distances
between adjacent a=b interfaces. This means that the newly
transmitted dislocations will continuously interact at the next
interface with the residual dislocations deposited by previously
transmitted dislocations. As a result, we will use an “ a j b j a j b j a ”
layered lamellar structure instead of a simple “ a j b j a ” conﬁguration. The signiﬁcance of using such RVE will be borne out later.
3. Results
A slip transmission simulation is carried out using an
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“ a j b j a j b j a ” layered lamellar structure (Fig. 2a), where the
width
is
486:9ba ¼ 143:7nm
for
the
b lath and
1947:6ba ¼ 574:7nm for the a lath. In the simulation, the grid
spacing is chosen to be 0:0702nm and the time step is 0.1 in a
reduced unit. Periodic boundary condition (PBC) is used for the FFTbased implementation, but the “image effect” is largely removed by
ensuring a large enough RVE (here we use 20480 grid points for our
pseudo-2D simulations) with the order parameter at one end of the
computational cell being frozen. (This technique is used previously
in predicting dislocation core structures [27] and is proven to be
accurate by comparing with the atomistic simulations.) The dimensions of our RVE are in the same order of magnitude as the
microstructural characteristics revealed experimentally in Ref. [3].
A ﬂux of incoming discrete a2 dislocations are continuously introduced into the RVE from one bound at a constant rate of 103 =t  (t 
is the reduced time) and the total simulation time is t  ¼ 2:4  104 .
(In other words, 24 incoming a2 dislocations are evenly introduced
during the simulation.) The applied external shear stress is along
the a2 direction and has a value of 420 MPa, which is slightly higher
than the experimentally measured 405 MPa for the critical resolved
shear stress in Ref. [3]. Note that the incoming dislocations are
introduced at locations far way from the interface. This will eliminate the effect of different rates at which new dislocations are
introduced, which can only modify the local stress state and interdislocation spacing in the initial stage. As incoming dislocations
arrive at the interface, the conﬁguration and stress state should still
be controlled by the externally applied stress.
Figure 2a summarizes the simulation results schematically,
where the overall dislocation types presented in each phase regions
are illustrated and the length of the arrows represent schematically
the amount of the corresponding dislocation types. (Note that residual dislocations, which usually do not belong to any type of
lattice dislocations, are not shown in Fig. 2a.) In the following, we
present the detailed dislocation transfer events occurring at the
four interfaces as denoted by I-1, I-2, I-3, and I-4 in Fig. 2a and leave
the analysis of the underlying mechanisms to the next section.
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3.1. Slip transmission across interface I-1: a/b
At I-1, a ﬂux of a2 dislocations in a are constantly traveling toward b. In Fig. 3 (and similar ﬁgures in the following), misﬁt energy
due to lattice disregistry are plotted at instants of interest, where
peaks in the energy proﬁle correspond to the dislocation cores.
Figures 3a and 3b show the ﬁrst slip transmission event at I-1,
where incoming a2 in a (Fig. 3a) is successfully transmitted and an
outgoing b2 is formed in b (Fig. 3b). A residual dislocation is then
deposited at the interface, which is shown in detail in the inset of
Fig. 3b. It is seen that only a much smaller misﬁt energy (compared
to that due to a lattice dislocation) is associated with the residual
dislocation, consistent with the fact that a2 and b2 do not differ
much from each other as shown in the near-Burgers OR (Fig. 1a). In
addition, the residual dislocation is asymmetrically spread over a
region of  2b at the interface and composed of “components” (unit
vectors) of various Burgers vectors of both a and b (colored differently), owing to the different GSF energy surfaces of the two phases.
In fact, the center of the residual dislocation (where a peak of misﬁt
energy is present) is shown to be inside b rather than at the
interface.
Note that in Fig. 3, there are some non-zero background misﬁt
energy present in both a and b, which are due to the elastic
distortion caused by the applied shear stress. It has been conﬁrmed
in our simulations that a lower applied stress level results in a
smaller background energy. The reason why this background energy is more signiﬁcant in b than in a is due to the fact that the
applied shear stress is perfectly aligned along a2 . It will be seen in
the following (with more detailed explanation) that this applied
shear stress will signiﬁcantly change the core structure of b2 but
not that of a2 . Such inﬂuence of elasticity on the equilibrium
dislocation conﬁguration in MPF is physical because according to
the Peierls model the ﬁnite dislocation core results from exactly the
competition between the fault energy and elastic energy, and has
been shown by the previous study [27]. It also needs to be pointed
out that the full a-type dislocations will dissociate into two
Shockley partials following (Fig. 1c)

Fig. 2. (a) Summary of the dislocation types presented in each regions during MPF modeling of slip transmission, where the length of arrows illustrate schematically the amount of
the corresponding dislocation type. (b) TEM image showing a1 and a3 dislocations located on two sides of the b lath (the thin dark lath). (c) TEM image showing pileups of edge
character b2 dislocations at the exit a=b interface, together with a lower content of screw character b2 dislocations. (d) TEM image showing the presence of b1 dislocations with a
much lower content than b2 in (c). All TEM images are adopted from Ref. [42] with appropriate annotation being added.
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Fig. 3. Misﬁt energy due to lattice disregistry (a) before and (b) after the ﬁrst slip transmission event at I-1, where peaks correspond to the dislocation cores. A residual dislocation
after the transmission is shown in detail in the inset of (b). Note that the misﬁt energy plot is colored corresponding to the dislocation type; if the misﬁt energy is below a threshold,
it is regarded as zero Burgers vector density and plotted in black. (c)e(d) Transmission of the second incoming a2 across I-1, resulting in an outgoing b2 with a residual dislocation
shown in the inset of (d). (e)e(f) The third incoming a2 cannot transmit across and is halted at the interface, with the inset of (f) showing the detailed conﬁguration of the
dislocation halted at the interface.

i
i
i
aa h
aa h
aa h
2110 /
1100 
1010 ;
a
a
a
3
3
3

(11)

i
i
i
aa h
aa h
aa h
0110 
1100 ;
1210 /
a
a
a
3
3
3
i
i
i
aa h
aa h
aa h
0110 :
1120 /
1010 
a
a
a
3
3
3
However, due to the plotting at a much larger length scale, the
dissociated core structure is not readily seen in Fig. 3. We will
present these detailed dislocation cores in Section 4 when
analyzing the underlying reactions, but simply denote as the full
dislocation on the dislocation dynamics plotting (e.g., a2 in Fig. 3) in
this section.
As the second incoming a2 arrives at I-1, the simulation predicts
that slip transmission can still occur in spite of the presence of a
residual dislocation at the interface, as shown in Figs. 3c and 3d.
This second slip transmission event will leave another residual
dislocation, which, combined with the previous one, is shown in
detail in the inset of Fig. 3d. This net residual dislocation is much
larger in magnitude, indicated by a much higher associated misﬁt
energy, as compared to that left by the ﬁrst slip transmission event
(Fig. 3b). Because of this “longer” residual dislocation, the third
incoming a2 (Fig. 3e) turns out to be unable to transmit across I-1

and is halted at the interface, as shown in Fig. 3f. The widespread
( 10b) internal structure of the net dislocation at the interface (the
inset of Fig. 3f) suggests that the total (required) displacement ( b)
is accommodated by signiﬁcant elastic distortion, which is primarily located in b. This is in sharp contrast to the core structure of
the lattice dislocation in both phases.
Upon the fourth incoming a2 traveling towards the interface
(Fig. 4a), the local stress at I-1 is increased because of the elastic
interaction with the incoming dislocation. This leads to the release
of the previously halted dislocation due to the third incoming a2
(Fig. 3f), which occurs even before the fourth incoming a2 arrives at
the interface, as shown in Fig. 4b. After this slip transmission, the
residual dislocation at I-1 (the inset of Fig. 4b) is signiﬁcantly
“shortened” as compared to the previously halted dislocation
(Fig. 3f). Consequently, the fourth incoming a2 continues to
approach the interface (Fig. 4c) and eventually transmit across the
interface. However, in contrast to previous cases, this slip transmission event results in two outgoing lattice dislocations in b, i.e.,
b2 and b1 as shown in Fig. 4d. The large separation between b2
and b1 is due to the fact that the resolved shear stress of b2 is
signiﬁcantly larger than that of b1 , resulting in obviously different
velocities. As a result, our simulation shows that the constant ﬂux of
a2 can initially transmit I-1 easily, then halt for a while, and ﬁnally
transmit again, with overall both b2 and b1 being formed as the
outgoing dislocations.
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Fig. 4. Slip transmission upon the approaching of (a) the fourth incoming a2 towards I-1. The increased elastic interaction, even before the arrival of a2 , promotes (b) the release of
the previously halted dislocation (the third incoming a2 ), forming an outgoing b2 , with a signiﬁcantly “shortened” residual dislocation shown in the inset of (b). The fourth incoming
a2 (c) continues to approach the interface and (d) successfully transmit across the interface, resulting two outgoing lattice dislocations: b2 and b1 .

3.2. Slip transmission across interface I-2: b/a
The transmitted b2 and b1 across I-1 will continuously travel
towards I-2 due to the applied shear stress. Figure 5a shows the ﬁrst
incoming b2 , which, under the applied stress, transmits across I-2
successfully and becomes a2 as shown in Fig. 5b. A residual dislocation is then deposited at the interface, as shown in the inset of
Fig. 5b, which exhibits a core region of  2b, similar to that of the
ﬁrst transmission event at I-1 as shown in Fig. 3b. However, the
center of this residual dislocation is right at the interface, which
differs from that shown in Fig. 3b.
As the second incoming b2 arrives at I-2, however, slip transmission cannot continue and the lattice dislocation is halted at the
interface, as shown in Figs. 5c and 5d. The resulting halted dislocation at the interface exhibits a widespread internal structure of 
15b as shown in Fig. 5d, suggesting a considerable elastic contribution to this core structure. This feature is similar to the halted
dislocation at I-1 as shown in Fig. 4b. However, the latter exhibits
only a single-peak core, while a double-peak core is seen in Fig. 5d.
When the third incoming b2 arrives at I-2 with a previously halted
b2 (Fig. 5e), slip transmission occurs by releasing an outgoing a2 but
again halting the new incoming b2 , as shown in Fig. 5f. It can be
seen that there is a slight difference in terms of the core structure of
the new halted dislocation at I-2 as compared to that in Fig. 5d,
which is due to the fact that release of a a2 will add a small residual
dislocation to the interface.
The fourth incoming b2 , shown in Fig. 6a, is found to result in the
release of two outgoing lattice dislocations, a2 and  a3 , as shown
in Fig. 6b. This is because there is already a previous b2 halted at the
interface before the fourth incoming b2 undergoes slip transmission. The formation of a3 is non-trivial and will be analyzed in
Discussion section. The next incoming dislocation is of type b1 as
shown in Fig. 6c, which is halted at the interface as shown in Fig. 6d.
The detailed core structure of this halted dislocation (the inset of
Fig. 6d) shows that the incoming b1 is still entirely located in b but
only  4b away from the interface; the net residual dislocation left
by the previous slip transmissions is, on the other hand, entirely
located in a. This suggests that there is a strong elastic repulsion
between b1 and the interface residual dislocation, which prevents

the transmission of the former. Nevertheless, the slip transmission
of the sixth incoming dislocation of type b2 (Fig. 6e) is not affected
by the halted b1 and results in another outgoing a2 as shown in
Fig. 6f. Overall, other than a2 and a3 , we do not see any new types
of lattice dislocations being transmitted across I-2 upon further
simulation.
3.3. Slip transmission across interface I-3: a/b
While I-3 is geometrically identical to I-1, the slip transmission
is in fact not identical to these two interfaces, owing to the fact that
the types of incoming dislocations are different, as indicated in
Fig. 2a. There is an additional a3 type incoming dislocations for I3. Fig. 7 shows the slip transmission of a a3 type incoming
dislocation across I-3, which results in an outgoing b2 dislocation.
While the presence of incoming a3 do not change the overall
types of transmitted dislocations across I-3 as compared to those
across I-1 (Fig. 2a), the sequence of the transmitted dislocations are
clearly changed, which will eventually alter the dislocation transfer
in the subsequent I-4 as will be discussed in the next section. Note
that the residual dislocation (the inset of Fig. 7b) after the transmission of a3 exhibits a similar core structure as that shown in
Fig. 4d. However, the latter is obtained after an outgoing b1 is
released from the interface, which is completely different from the
case shown in Fig. 7.
3.4. Slip transmission across interface I-4: b/a
Given the same incoming dislocation types of b2 and b1 as
those of I-2, the slip transmission at I-4 bears much similarity to
that at I-2 in terms of the outgoing dislocation types of a2 and a3 .
However, a distinctive feature at I-4 is the formation of the a1
outgoing dislocation, as indicated in Fig. 2a. This difference is
originated from the fact that the sequence of the incoming dislocation types are changed due to the different slip transmission
behaviors of I-1 and I-3, as discussed in the previous section. In
particular, while the b1 type dislocation appears as the ﬁfth
incoming dislocation at I-2 (Fig. 6c), I-4 has to transmit nine b2
dislocations before seeing an incoming  b1 . Figure 8a shows this
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Fig. 5. (a)e(b) Transmission of the ﬁrst incoming b2 across I-2, resulting in an outgoing a2 with a residual dislocation shown in the inset of (b). (c)e(d) The second incoming b2 of I2, which cannot transmit across and is halted at the interface, with the inset of (d) showing the detailed dislocation structure at the interface. (e)e(f) As the third incoming b2
arrives, the previously halted b2 is released (to form an outgoing a2 ), at the cost of this third incoming b2 being halted at the interface as shown in the inset of (f).

ﬁrst b1 traveling towards I-4 and followed by a b2 . The two
incoming dislocations result in an outgoing a2 and a halted dislocation at the interface as shown in Fig. 8b. This halted dislocation,
primarily originated from the incoming  b1 , is found to be unstable at the interface and starts to extend away from the interface
as a new b2 is approaching I-4, as shown in Fig. 8c. The extended
dislocation exhibits two peaks that are separated by  80b but
continuously joint by a faulted region in between, as shown in the
inset of Fig. 8c. When the approaching b2 ﬁnally arrives at I-4
(which turns out to be halted), the above extended dislocation
quickly splits into two localized dislocations, with one being a residual dislocation at the interface and the other being inside a, as
shown in Fig. 8d. During this split, the non-local elastic strain energy “collapses” into local (inelastic) core energy of dislocations,
which is essentially the same physical process as that involved in
the nucleation of dislocations at the expense of previously stored
elastic energy [43,44]. The newly formed dislocation inside a
(Fig. 8d) is found unstable and immediately split further into a a2
and a1 , as shown in Fig. 8e. In addition, the newly formed a2 and
a1 are further separated as shown in Fig. 8f, owing to the different
resolved shear stresses and characters. Overall, all three a-type
dislocations are observed during slip transmission across I-4.
4. Discussion
4.1. Dislocation reactions during slip transmission
The formation of b2 at both I-1 and I-2 involves the following

dislocation reaction at the interface

a2 / b2 þ br2 ;

(12)

where a residual dislocation br2 is deposited at the interface. This is
shown quantitatively in the reaction map of Fig. 1c. It is found that
2

2

2

br2 ¼ ðaa =150Þ½20 7 13 0, leading to a2 > b2 þ br2 . According to the Frank's rule [45], Eq. (12) is energetically favorable,
whereas its complementary reaction

b2 / a2  br2 ;

(13)

occurring at both I-2 and I-4, should be energetically unfavorable.
However, the Frank's rule assumes isotropic elasticity and is
essentially a geometric criterion, and does not account for the effect
of external stress, which is the macroscopic driving force for slip
transmission. Our current MPF modeling conﬁrms that when subjected to a shear stress of 420 MPa (along a2 ), close to the experimental value of 405 MPa [3], both reactions of Eqs. (12) and (13) are
energetically favorable. These reactions can be understood more
clearly from Fig. 9, where the core conﬁgurations of a2 and b2 are
plotted on the GSF energy surface of b. For comparison, core conﬁgurations subjected to a much lower stress (194 MPa) are also
shown in Fig. 9. It is seen that at both stress levels the core conﬁgurations of a2 remain nearly identical, which is due to the fact
that the applied shear is completely aligned with a2 and virtually
does not change the minimum energy path of a2 . In contrast, the
core conﬁgurations of b2 changes signiﬁcantly in response to the
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Fig. 6. Slip transmission of (a) the fourth incoming b2 of I-2, resulting in (b) two outgoing lattice dislocations: a2 and a3 . (c) The ﬁfth incoming dislocation is of type (c) b1 , and
is halted at the interface as shown in (d). (e) The transmission of the sixth incoming dislocation of type b2 is not affected by the halted b1 and leads to an outgoing a2 as shown in
(f).

Fig. 7. Slip transmission of (a) an incoming a3 of I-3, resulting in (b) an outgoing b2 , with the residual dislocation shown in the inset of (b).

different stress levels due to an obvious mismatch between the
shear stress direction and b2 ; a higher shear stress will bring b2
more towards the shear direction (i.e., more closer to a2 direction)
instead of the MEP deﬁned on the GSF energy surface. As a result,
the reaction in Eq. (13) will occur more easily than predicted by the
Frank's rule based purely on geometry.
The formation of b1 at I-1 and I-3 is due to the consecutive
storage of four br2 (resulted from the reaction of Eq. (12)) following
the reaction

4br2 /  b1 þ br1 :

(14)

This reaction may seem unfavorable based on the geometric
consideration (Fig. 1c) according to the Frank's rule, but can actually
occur when subject to sufﬁciently high stress as discussed

previously for the reaction of Eq. (13).
The formation of a3 at I-2 and I-4 are found through three
steps. The ﬁrst step involves three consecutive reactions of Eq. (13),
which leaves a net residual dislocation of 3br2 . It is then proposed
that the following reaction occurs at the interface

3br2 /  a03  R;

(15)
0

where
a
Shockley
partial
a3
is
formed
and
R ¼ ðaa =150Þ½10 21 11 0 is a residual dislocation. Based on the
geometry as depicted in Fig. 1c, it is found that

 a03

2

þ R

2

  3br2

2

¼ 0:0067a2a ;

(16)

which indicates that the reaction of Eq. (15) is almost energetically
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Fig. 8. Slip transmission events at I-4. (a) Two consecutive incoming dislocations of type b1 and b2 , resulting in (b) an outgoing a2 and a halted dislocation (primarily due to the 
b1 ) at the interface shown in the inset. (c) Inﬂuenced by a new incoming b2 , the halted dislocation in (b) starts to adopt a highly extended internal structure, where two apparent
peaks (of inelastic displacements), separated by  80b, are continuously joint by a faulted region in between. (d) As the incoming b2 in (c) arrives at the interface (which is actually
halted), the extended dislocation in (c) splits into two localized dislocations, with one being a residual dislocation at the interface and the other being inside a. (e) The latter then
immediately dissociates into a a2 and  a1 , which are further separated as shown in (f).

neutral according to the Frank's rule. In addition, the resulting re0
sidual dislocation R is nearly parallel to a2 , while the partial a3 is
perpendicular to a2 , which indicates that the applied shear stress
along a2 should favor the proposed reaction of Eq. (15). In the third
step, a new incoming b2 (towards I-2 and I-4) will trigger another
reaction of Eq. (13) and result in a new a2 that will dissociate into
0
0
Shockley partials according to a2 /a2  a1 as described in Eq. (11)
0
0
and shown in Fig. 10a. The resulting a2 will combine with a3 from
Eq. (15) to give rise to a full dislocation a3 following

a02  a03 /  a3 ;

(17)

which is simply the inverse of one of the reactions in Eq. (11). This
mechanism is signiﬁcantly different from the previously proposed
one [2,3] (to be discussed and compared in Section 4.3) that did not
consider Shockley partials.
The formation of a1 at I-4 (Fig. 8) is found to be represented by
the following reaction

b1 /  a1 þ d

Fig. 9. Conﬁgurations of a2 and b2 core structures during the reaction of Eq. (12)
plotted (ﬁlled circles) on the GSF energy surface (in units of mJ/m2) of b phase. The
open circles show the corresponding core structures when the shear stress along a2 is
lowered to 194 MPa as compared to 420 MPa used in obtaining data of ﬁlled circles.

(18)

where we use d to denote an (small) accumulated residual dislocation at I-4 (which is formed after eleven slip transmission events
and thus difﬁcult to identify in Fig. 1c). Eq. (18) is easy to understand and likely what to be expected according to the near-Burgers
OR (Fig. 1a). However, an interesting prediction from our simulation
is that no a1 is formed at I-2, even though there are b1 available
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Fig. 10. The core structure of a straight (a) a2 -type and (b) a1 -type dislocation with the sense vector parallel to the a=b interface as illustrated in Fig. 1a. The insets show the
corresponding conﬁgurations on the GSF energy surface (in units of mJ/m2).

as the incoming dislocation. We have mentioned previously that
this is due to the different sequences of the incoming b2 and b1 of
I-2 and I-4. While at both interfaces, the incoming b1 are halted as
shown in Figs. 6f and 8b, the net residual dislocations left by previous transmissions are signiﬁcantly different. During the subsequent slip transmission event with the same b2 etype incoming
dislocation, slip is successfully transmitted at I-2 and leaves a residual br2 that partially neutralizes the halted  b1 ; in contrast,
the incoming b2 is halted at I-4 (Fig. 8d), which pushes the previously halted b1 away from the interface due to the elastic repulsion and hence prevents it from being neutralized.
4.2. Crossover between a2 and a1
The a1 formed in Fig. 2a is pure screw type, different from the
other two a-type dislocations that are mixed type. It has been
observed that compared with the mixed or edge character, screw
character a-type dislocation has a signiﬁcantly lower mobility,
which is usually attributed to a non-planar core structure of a-type
screw dislocations [46,47]. In our current simulations, even without
considering the non-planar core of screw character a-type dislocations, we have found that the pure screw a1 moves signiﬁcantly
slower than a2 and a3 of the mixed character despite that the
resolved shear stress on a1 and a3 are the same. This suggests
that the elastic property difference between the screw and edge
characters of a-type dislocations can already make a signiﬁcant
difference in terms of dislocation mobility.
Because of the signiﬁcantly slower motion of  a1 , the subsequent a2 transmitted across I-4 can actually catch up and then
surpass the a1 spatially, as shown in the consecutive frames in
Figs. 11a-d. Note that because of the elastic interaction between the
two dislocations, the misﬁt energy at the cores can change as the
distance between the dislocations varies during the crossover
process. The “saddle-point” conﬁguration of this crossover is also
0
shown in Fig. 11c, which suggests a “super-dislocation” of 3a1
type. These features are essentially originated from the underlying
reaction mechanism, which is elucidated by plotting the dislocation
core conﬁgurations on the GSF energy surface before, at the saddlepoint, and after the crossover in Figs. 11e, 11f, and 11g, respectively.
In particular, based on the saddle-point conﬁguration (Fig. 11f) it
can be considered that the reaction essentially involves the position
switch among three Shockley partials, i.e., from “ a03 j  a01 j a02 ” to
“ a02 j  a01 j a03 ”. This interesting observation is a consequence of
the complex interplay between inelastic shear at the dislocation
core regions and the elastic interaction resulted from dislocations
and the applied shear stress. It suggests that in the basal slip of Ti
and Ti-alloys, the hardening due to dislocation pile-up model may

depend sensitively on the dislocation characters as well as the
applied stress level.
4.3. Comparison with experiments and previous mechanisms
Our simulation predictions of the presence of b1 and b2 in b,
together with their relative amounts shown in Fig. 2a, are consistent with the experimental characterization as shown in Figs. 2d
and 2c by Savage et al. [3,42], where the reactions of Eqs. (12) and
(13) are also used to explain the formation of b1 and its subsequent
transmission to a. However, the mechanism of b1 formation was
not considered for the a2 basal slip scenario in Refs. [3,42]. Our
current work presents the ﬁrst mechanism of the formation of b1
dislocations during the slip transmission of a=b Ti-alloys oriented
for a2 basal slip.
The presence of a1 and a3 , located on both sides of one b lath
(Fig. 2a), are also consistent with the experimental characterization
as shown in Fig. 2b (adopted from Ref. [42]). However, the formation mechanisms of the a1 and a3 revealed by our current MPF
simulations are different from those present in Ref. [3], which was
originally proposed by Suri et al. [2] and did not consider the
involvement of Shockley partials. It is suggested in Ref. [2] that
before the formation of a1 and a3 , six incoming a2 dislocations have
to pass through the b lath, resulting in six reactions of Eq. (12) and
Eq. (13) at, respectively, the entrance and exit sides of the b lath.
This results in the storage of six residual dislocations of br2 at the
entrance and six br2 at the exit. It is then further assumed that the
following reaction
0

6br2 /  a1 þ d

(19)
0

occurs at the entrance, where d represents a residual dislocation,
and its complementary reaction
0

6br2 /a1  d

(20)

occurs at the exit. The a1 formed at the exit will then react with a
previously transmitted a2 to form  a3 . However, our current
simulation suggests that when four residual dislocations of br2 are
accumulated at the interface, a b1 dislocation will be readily formed
via the reaction of Eq. (14). In contrast, the formation of b1 cannot
be addressed in the previous mechanism. Similarly, the formation
of a3 in our current simulation requires only four incoming a2
dislocations passing through the b lath rather than six proposed in
the previous mechanism. Finally, according to the mechanism in
Ref. [3], the a1 -type dislocation (e.g., see Fig. 2a) should always be
on the entrance side and the a3 -type always on the exist side,
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Fig. 11. Dislocation conﬁgurations of (a)e(d) four consecutive frames from the MPF simulation, showing the sequence of a2 crossing over  a1. The core conﬁgurations of dislocations involved are also plotted on the GSF energy surface (in units of mJ/m2) (e) before, (f) at the saddle-point of, and (g) after the cross-over.

which is opposite to our current MPF simulation. Because of the
waviness of dislocation lines (and the possible relaxation in the thin
sample foil), it is currently difﬁcult to determine the entrance and
exist sides based solely on the TEM image of Fig. 2b. In addition,
because of the lack of pile-ups in the a phase for this orientation,
determination of entrance/exit interface is not straightforward.
Indeed, in situ experiments may be required to deﬁnitively make
this determination. The current modeling results therefore motivate such additional experiments. It should also be pointed out that
the mechanistic analysis in Ref. [3] is based on the dislocation
conﬁgurations characterized in an RVE of “ a j b j a ”, whereas a
larger RVE of “ a j b j a j b j a ” is used in the current simulation. It is
obvious from the current results that a simulation using a simple
“ a j b j a ” RVE cannot predict the formation of a1 at the exit
interface (I-2 in Fig. 2a). In addition, adding another “ a j b j a ”
lamellar structure to the current “ a j b j a j b j a ” RVE will not
produce any new results because the a1 and a3 transmitted
across I-4 will reaction to form a2 , leading to exactly the same
incoming dislocation type for the newly added “ a j b j a ” lamellar

structure as compared to that for I-1.
4.4. Inﬂuence of stacking fault energy on the strength of a=b
interface
Owing to the well alignment of slip systems in a and b, the a=b
interfaces are usually considered to provide little hindrance to slip
transmission and hence overall hardening. In contrast, the colonycolony boundary is a more effective hardening agent [48] and
strengthening Ti-alloys is usually achieved via tailoring the texture
at the colony size [49]. Since our current simulations suggest a
critical role played by Shockley partials in assisting slip transmission across a=b interfaces, factors that control the dissociation
of full dislocations into Shockley partials may thus inﬂuence the
slip transmission process and hence the strength of a=b interfaces.
We carry out a parametric study by systematically lowering the
intrinsic stacking fault energy on the GSF energy surface of a, which
will lead to a much larger separation between the dissociated
Shockley partials in Eq. (11). (The GSF energy surface of b is kept
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unchanged.) The modiﬁed GSF energy surface of a and its comparison with the original one are shown in Figs. 12a and 12b,
respectively. The predicted core structures of a-type dislocations
using the modiﬁed GSF energy surface are shown in Figs. 12c and
12d. Compared to the results in Fig. 10, it is obvious that due to the
signiﬁcantly lowered intrinsic stacking fault energy, the separation
between the two Shockley partials is greatly increased.
The subsequent modeling of slip transmission, with exactly the
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same simulation setup in Section 3 except for using the modiﬁed GSF
energy surface of a, exhibits some drastically different features and
the overall transmitted dislocation types are summarized schematically in Fig. 12e. Owing to the low intrinsic stacking fault energy,
decorrelated movements of two Shockley partials (originating from a
full dislocation as in Eq. (11)) have been observed. Figure 13 is an
0
example of a decorrelated Shockley partial a2 that eventually arrives
0
at I-3, whereas its pair a1 is halted at I-2 during the process. In fact,

Fig. 12. (a) Modiﬁed GSF energy surface with a reduced intrinsic stacking fault energy (in units of mJ/m2). (b) Comparison between the original and modiﬁed GSF energy along
½0 1 1 0, where the intrinsic stacking fault energy values are indicated. The core structure of a straight (c) a2 -type and (d) a1 -type dislocation (compared to Fig. 10) using the
modiﬁed GSF energy surface. (e) Summary of the dislocation types presented in each regions during MPF modeling of slip transmission using the modiﬁed GSF energy surface.

0

Fig. 13. Two consecutive frames showing the movement of a decorrelated Shockley partial a2 .
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the tendency of such decorrelation is also manifested from the
0
0
signiﬁcantly increased core width of the dissociated a2 (/a2  a1 )
shown in Fig. 13a as compared to the core width in Fig. 12c under no
applied stress. In addition, it is observed that all three decorrelated
0
0
0
Shockley partials (i.e., a1 , a2 , a3 ) can be present at the same time in
the a lath as shown in Fig. 14. This is signiﬁcantly different from the
previous simulation results in Section 3, where Shockley partials are
always correlated in pairs following the dissociation reactions (Eq.
(11)), which allows the identiﬁcation of the full dislocation types. In
fact, similar decorrelated movements of Shockley partials have been
observed in nickel-base superalloys [50,51] and are attributed to the
low stacking fault energy as well.
To obtain a quantitative comparison in terms of the interface
strength, we ﬁrst count the number of dislocations transmitted
across I-4 during the simulation and the results are plotted in
Fig. 15a. It is seen that the two simulations suggest similar results,
with the lower intrinsic stacking fault leading to a slightly smaller
number of dislocations transmitted; the resulting slip transmission
rates, shown in Fig. 15b, further exhibit varying values for both
simulations and a slightly slower transmission rate in the later
stage (t  > 1:6 104 ) when using the modiﬁed GSF energy surface.
Since the hardening is largely controlled by the stored residual
dislocations, we plot in Fig. 15c the evolution of the stored crystalline energy normalized by the core energy of a2 , which is a
measure of the dislocation content stored in the system. The result
indicates that the lowered stacking fault energy actually leads to
larger contents of stored dislocations that are mainly halted at the
interfaces. While a deﬁnite correlation between the overall
strength and stacking fault energy requires obviously more
comprehensive studies, this parametric study does imply that
lowing the stacking fault energy can signiﬁcantly change the slip
transmission sequence and increase the stored dislocation contents
at the interfaces, thus offering a new strengthening strategy at the
single colony level for Ti-alloys.
This new strengthening strategy may also be rationalized based

on our current simulation results. The narrow dislocation cores
( b) of basal dislocations ensure that the dissociated Shockley
partials are spatially localized and thus ready to switch positions
among each other when two a-type dislocations meet to react. If
the stacking fault energy is lowered (for example, through alloying
as shown by experiments [52]), the separation of the dissociated
Shockley partials will be increased and the locality required for the
dislocation reactions in aid of slip transmission may not be satisﬁed
any more. This should lead to greater hindrance to slip transmission
and hence higher hardening rate offered by the a=b interface. This
new strengthening strategy can also be investigated by a multiscale
modeling that incorporates the current MPF method in a coarsegrained dislocation density based constitutive model, similar to
the absorption-desorption-transmission kinetic equations presented in Ref. [53] for interfacial dislocation density evolution,
which can then be used in the crystal plasticity framework to
predict the macroscopic properties of Ti-alloys.
5. Conclusions
Slip transmission across a=b interfaces is of critical importance
to understanding the strength of Ti-alloys, and has been studied in
this paper using the microscopic phase-ﬁeld modeling. Major
ﬁndings are summarized as follows.
1. Shockley partials are found to play an important role in the
underlying dislocation transfer across a=b interfaces, which
offer viable dislocation reactions (that have not been considered
before) to effectively reduce the total amount of residual dislocations deposited at the interface. The simulated dislocation
conﬁgurations agree well with the existing experiments, in
terms of both dislocation types and relative contents.
2. The spatial cross-over between a-type dislocations (on basal
planes) in a phase is also predicted by the microscopic phaseﬁeld modeling. The critical dislocation conﬁgurations during

Fig. 14. All three types of Shockley partial are observed to transmit across (a) I-2 and (b) I-4.

Fig. 15. Evolution of (a) the number of transmitted dislocations, (b) the normalized slip transmission rate, and (c) the stored crystalline (inelastic) energy normalized by the core
energy of a2 .
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the cross-over are analyzed in details and the underlying reactions are revealed to be closely related to Shockley partials as
well.
3. Based on a parametric study on the inﬂuence of stacking fault
energy on slip transmission, a new strengthening strategy at the
single a=b colony level is proposed, which suggests that
lowering the stacking fault energy of the a phase (e.g., via
alloying) may lead to greater hindrance of the a=b interface to
dislocation transfer and hence a higher hardening rate.
4. The current study demonstrates the capability of microscopic
phase-ﬁeld modeling in revealing complex dislocation reactions
and the underlying mechanisms by incorporating atomistic inputs, as well as its potential of being a complementary
computational tool to experimental characterization on microanalysis of plastic deformation.
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