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1. Introduction

In recent years, bulk nanostructured materials (NSM) processed by methods of
severe plastic deformation (SPD) have attracted the growing interest of specialists
in materials science [1]. This interest is conditioned not only by unique physical
and mechanical properties inherent to various nanostructured materials, e.g.
processed by gas condensation [2,3] or ball milling with subsequent consolidation
[4,5], but also by several advantages of SPD materials as compared to other NSM.
In particular, SPD methods resulted in overcoming of a number of di�culties
connected with residual porosity in compacted samples, impurities from ball
milling, processing of large scale billets and practical application of the given
materials. The principle of processing of bulk nanostructured materials using SPD
methods is an alternative to the existing methods of nanopowder compacting.

It is well known that heavy deformations, for example, by cold rolling or
drawing, can result in signi®cant re®nement of microstructure at low temperatures
[6±9]. However, the structures formed are usually substructures of a cellular type
having boundaries with low angle misorientations. At the same time, the
nanostructures formed from SPD are ultra ®ne-grained structures of a granular
type containing mainly high angle grain boundaries.1 Formation of such
nanostructures could be realized by SPD methods providing very large
deformations at relatively low temperatures under the high pressures imposed
[1,10,11]. Special methods of mechanical deformation were developed and used for
realization of this principle. These methods are as follows: severe torsion straining
under high pressure, equal channel angular pressing and others. It was shown that
using SPD methods one can fabricate bulk nanostructured samples and billets out
of di�erent metals and alloys including a number of commercial alloys and
intermetallics.

The ®rst developments and investigations of nanostructured materials processed
using SPD methods were ful®lled by Valiev and his co-workers more than 10

1 SPD materials have often a mean grain size of about 100±200 nm and a grain interior possesses

usually some substructure due to a highly distorted crystal lattice. Moreover, the X-ray analysis demon-

strates, as a rule, a crystalline size (coherent domains) of about 50 nm. That is why we consider SPD

materials as a kind of bulk nanostructured materials.
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years ago [12,13]. Recent years are characterized by a sharp increase of di�erent
publications on this subject. In spite of this, the authors believe that the most
interesting and important discoveries are still waiting for us and this scienti®c
direction will ®nd its further more active development due to unusual properties
of the materials processed. Many of these properties are unique and rather
interesting for applied and fundamental investigations. The present review deals
with achievements and di�culties relating to development and investigations of
nanostructured materials processed by severe plastic deformation. The review is
based essentially on the results obtained by the authors themselves or their
colleagues in the process of joint investigations with many Russian and foreign
scientists. References on these works are given below. The authors thank all our
friends and colleagues for nice cooperation, discussions and useful remarks. We
express special gratefulness also to our colleagues N.F. Yunusova and N.A.
Enikeev taking part in preparation of the present manuscript.

2. Methods of severe plastic deformation and formation of nanostructures

Methods of severe plastic deformation should meet a number of requirements
which are to be taken into account while developing them for formation of
nanostructures in bulk samples and billets. These requirements are as follows.
Firstly, it is important to obtain ultra ®ne-grained structures with prevailing high-
angle grain boundaries since only in this case can a qualitative change in
properties of materials occur (Section 4). Secondly, the formation of
nanostructures uniform within the whole volume of a sample is necessary for
providing stable properties of the processed materials. Thirdly, though samples are
exposed to large plastic deformations they should not have any mechanical
damage or cracks. Traditional methods of severe plastic deformation, such as
rolling, drawing or extrusion cannot meet these requirements. Formation of
nanostructures in bulk samples is impossible without application of special
mechanical schemes of deformation providing large deformations at relatively low
temperatures as well as without determination of optimal regimes of material
processing. At present the majority of the obtained results are connected with
application of two SPD methods: torsion straining under high pressure [10±23]
and others and equal channel angular pressing [10,11,13±15,24±31]. There are
known some investigations on formation of nano- and submicrocrystalline
structures in various metals and alloys by means of multiple forging [32±39].

The present section is devoted to the questions of realization of the SPD
methods mentioned above, their modeling and optimal regimes. Data on evolution
of initial microstructure and its transformation to a nanostructured state during
severe plastic deformation are also considered here.

2.1. SPD techniques and regimes

Torsion straining under high pressure and equal channel angular (ECA)
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pressing are the most well-known methods of providing large plastic deformations
(with true strainsr10) and formation of nanostructures. Below, these methods
are discussed in detail.

2.1.1. Torsion straining under high pressure
Devices, where severe plastic torsion straining (SPTS) was conducted under high

pressure, were ®rst used in [40,41]. Their design is a further development of the
Bridgeman anvil type device [42]. In the ®rst work these devices were used for
investigation of phase transformations during heavy deformation [40] as well as
evolution of structure and changes in temperature of recrystallization after large
plastic deformations [17,18]. Successful formation of homogeneous nanostructures
with high-angle grain boundaries via severe torsion straining [10,12,43] was a very
important step allowing one to consider this procedure as a new method of
processing of nanostructured materials.

Let us ®rst consider the mechanical aspects of severe torsion straining.
A method of torsion straining under high pressure can be used for fabrication

of disk type samples (Fig. 1(a)). An ingot is held between anvils and strained in
torsion under the applied pressure (P ) of several GPa. A lower holder rotates and
surface friction forces deform the ingot by shear. Due to the speci®c geometric
shape of the sample, the main volume of the material is strained in conditions of
quasihydrostatic compression under the applied pressure and the pressure of
sample outer layers. As a result, in spite of large strain values, the deformed
sample is not destroyed.

Di�erent relationships were used to calculate strain values during torsion

Fig. 1. Principles of SPD methods: (a) torsion under high pressure, (b) ECA pressing.
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straining under high pressure. In particular, in [17,41] the true logarithmic strain e
was calculated by the equation:

e � ln�Wr=l� �1�
where W is the rotation angle in radians, r and l are the radius and thickness of the
disk, respectively.

This formula is similar to the Krown equation, which one can use to calculate
true strains during tension. However, in the case of tension this formula has a
physical background, but in the case of torsion this substantiation is absent. In
particular, according to this relationship, the logarithmic torsion strain of samples,
20 mm in diameter and 1 mm thick (®ve rotations), was 5, that of samples, 10 mm
in diameter and 0.2 mm in thick, was 7 at the perimeter of the disk, whereas in
the center of all these samples it is equal to zero. At the same time the results of
numerous investigations show that after several rotations the deformation by the
given mode often results in similar re®nement of a microstructure in the center of
samples as well and the processed nanostructure is usually homogeneous at the
radius of samples. The structural homogeneity of the resulting samples has been
con®rmed by the uniform distribution of microhardness values measured across
each sample.

The following formula is very often used for calculation of the strain value in
the considering case as well:

g � 2pRN
l

: �2�

As known, this formula is used in the case of usual torsion straining for
calculation of the shear strain value at the distance R from the axis of the disk
type sample. Here, N is the number of rotations, l is the thickness of the sample.
To compare the shear strain value during torsion with a strain value during
deformation by other schemes, the ®rst value is usually converted to the so-called
equivalent strain eeq according to the Mises criterion

eeq � g���
3
p �3�

Two remarks are true in respect to Eq. (2) [20]: (1) calculations by this formula
have led to the conclusion that the strain value should change linearly from zero
in the center of the sample to the maximum value at the ends of its diameter
(however, as noted above, this was not con®rmed by experiments); (2) during
deformation the initial thickness of the sample is reduced by approximately twice
under high compression pressure, that is why, the traditional use of l as the initial
thickness of the sample underrates the calculated strain values as compared to the
true ones.

Both these remarks testify that the strain values calculated by the above
equations are only approximately equal to the real strain values. Moreover, the
formation of nanostructures during SPD occurs as an e�ect of both external and
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internal stresses (see Section 2.2). At the same time true strain values are not
rigidly bounded with values of internal stresses. The formation of a homogeneous
structure at the diameter of the sample imposed to severe torsion straining
con®rms this, though according to Eqs. (1) and (2) a signi®cant re®nement of the
structure should not occur in the center of the sample. That is why, while studying
the evolution of the microstructure during severe torsion straining under high
pressure it is more reasonable to consider the number of rotations and not the
strain value calculated by the analytical equations. This statement becomes
especially important in the case of hard-to-deform and brittle materials where
sliding between an anvil and a sample or cracking of the latter is possible. The
imposed pressure should be increased to remove these drawbacks. However, these
results have additional technological di�culties. There is a necessity to use more
strong material for anvils and optimize a die set design.

The samples fabricated by severe torsion straining are usually of a disk shape,
from 10 to 20 mm in diameter and 0.2±0.5 mm in thickness. A signi®cant change
in the microstructure is observed already after deformation by 1/2 rotation [20],
but for formation of the homogeneous nanostructure several rotations are
required, as a rule.

Recent investigations also showed that severe torsion straining can be used
successfully not only for the re®nement of a microstructure but also for the
consolidation of powders [21±23,44,45]. It was revealed that during torsion
straining at room temperature high pressures equal to several GPa can provide a
rather high density close to 100% in the processed disk type nanostructured
samples. For fabrication of such samples via severe torsion straining consolidation
not only conventional powders but also powders subjected to ball milling can be
used.

The SPTS consolidation of nanostructured Ni powder prepared by ball milling
[44] can be given as an example. The conducted investigations showed that the
density of the fabricated powders is close to 95% of the theoretical density of the
bulk coarse-grained Ni. TEM examinations showed the absence of porosity. The
mean grain size is very small, it is equal to 17 nm, and, consequently, a large
volume fraction of grain boundaries is present. Since grain boundaries have a
reduced atomic density the authors assume that the given samples demonstrate a
decrease in the theoretical density in the materials with a very small grain size and
strong distortions of the crystal lattice (see Section 3). It is also very interesting
that the value of microhardness of the Ni samples fabricated by SPTS
consolidation is 8.6020.17 GPa, the highest value of microhardness mentioned in
the literature for nanocrystalline Ni.

2.1.2. ECA pressing
The method of ECA pressing realizing deformation of massive billets via pure

shear was developed by Segal and co-workers in the beginning of 80s [24,27]. Its
goal was to introduce intense plastic strain into materials without changing the
cross section area of billets. Due to that, their repeat deformation is possible. In
the early 90s the method was further developed and applied as an SPD method
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for processing of structures with submicron and nanometric grain sizes [10,13,31].
In these experiments the initial billets with a round or square cross section were
cut from rods, from 70 to 100 mm in length. The cross section diameter or its
diagonal did not exceed 20 mm, as a rule.

During ECA pressing a billet is multiple pressed through a special die using an
ECA facility in which the angle of intersection of two channels is usually 908. If
necessary, in the case of a hard-to-deform material, ECA pressing is conducted at
elevated temperatures.

Fig. 2. Principles of ECA pressing: (a) c � 08, (b))c � pÿ f, (c) c is between c � 08 and c � pÿ f [25].
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When the outer angle c � 08, and the inner angle f is arbitrary (see Fig. 2),
according to [24] the shear strain value increment at each pass through the
channels can be calculated by the equation:

P

Y
� Dei � 2=

���
3
p
� cot�f=2� �4�

where P is imposed pressure and Y is the ¯ow stress of the deformed material.
Since during ECA pressing the ingot is pressed through intersecting channels

several times, the total strain value is

eN � N� Dei, �5�
where N is the number of passes.

A more general relationship allowing one to calculate the strain value of the
billet during ECA pressing for N passes has the following form [25]:

eN � N

�
2cot�f=2� c=2� � ccosec�f=2� c=2����

3
p

�
�6�

From this relationship it follows that at the frequently used angles,
f � 908, c � 208, each pass corresponds to an additional strain value
approximately equal to 1.

Fig. 3. Versions of ECA pressing: (a) route A, (b) route B, (c) route C [28].
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During ECA pressing the direction and number of billet passes through the
channels are very important for microstructure re®nement. In papers [24,27±30]
the following routes of billets were considered (see Fig. 3): orientation of a billet is
not changed at each pass (route A); after each pass a billet is rotated around its
longitudinal axis through the angle 908 (route B); after each pass a billet is rotated
around its longitudinal axis through the angle 1808 (route C).

The given routes are distinguished in their shear directions at repeat passes of a
billet through intersecting channels. Due to that, during ECA pressing a change in
a spherical cell within a billet body occurs.

During ECA pressing in the place of intersection of channels the cell takes a
shape of an ellipsoid (Fig. 4(a)). This occurs after the ®rst pass due to pure shear.
Further, in the process of route A the following passes result in lengthening of

Fig. 4. Regimes of simple shear during ECA pressing: (a) one cycle deforming; (b) route A; (c) route C

[27].
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axis 1 and the ellipsoid is elongated. At the same time the direction of shear is
turned around the axis perpendicular to the longitudinal section of channels
through the angle 2f: It is shown in Fig. 4(b).

The repeat pass in the route B leads to a change in the direction of shear and
the shear plane is turned through the angle 1208 (at 2f � 908� (Fig. 5(b)) [30].

During deformation by route C the repeat pass leads to shear in the same plane
but in the opposite direction (Figs. 4c and 5c). The cell again takes a spherical
shape.

The application of all three routes results in an increase in values of yield stress
and strength of a processed material which after several passes achieve saturation
[26]. In the paper [31] it was also shown that the ®rst three passes at ECA
pressing of Cu and Ni samples lead to a growth of a strain load. Further, there is
a stable stage of strengthening and the load does not almost change.

2.1.3. Multiple forging
One more method of formation of nanostructures in bulk billets is multiple

forging developed by Salishchev et al. [32±39]. The process of multiple forging is
usually associated with dynamic recrystallization.

The principle of multiple forging (Fig. 6) assumes multiple repeats of a free
forging operations: setting-drawing with a change of the axis of the applied strain
load. The homogeneity of strain provided by multiple forging is lower than in the

Fig. 5. Directions of shear during ECA pressing according to routes A (a) B (b) C (c) [30].
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case of ECA pressing and torsion straining. However, the method allows one to
obtain a nanostructured state in rather brittle materials because processing starts
at elevated temperatures and speci®c loads on tooling are low. The choice of
appropriate temperature±strain rate regimes of deformation leads to a minimal
grain size.

The method of multiple forging was used for re®nement of microstructures in a
number of alloys, including pure Ti [38,39], titanium alloys VT8 [32,35], VT30
[33], Ti-6%Al-32%Mo [36,38], magnesium alloy Mg-6%Zr [36], high strength high
alloyed nickel base alloys [37,38] and others. The given approach is usually
realized over the plastic deformation temperature interval 0.1±0.5 Tml (Tml is the
melting temperature). It was shown that hydrogen alloying of two-phase titanium

Fig. 6. Principle of multiple forging: (a), (b), (c) Ð setting and pull broaching along the ®rst axis; (d),

(e), (f) Ð setting and pull broaching along the second axis; (g), (h), (i) Ð setting and pull broaching

along the third axis [32].
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Fig. 7. Typical TEM micrographs of nanostructured copper, processed by severe torsion straining; (a)

bright ®eld image and di�raction pattern; (b) dark ®eld image; (c) histogram of grain size distribution.
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alloys not only increases their plasticity and decreases the temperature of
deformation but also leads to smaller grain size [46].

Thus, by now, the SPD methods have been actively developed for formation of
nanostructures in bulk billets and discs out of di�erent metals and alloys.
Nevertheless, the problem of fabrication of massive ingots of a larger dimension
having enough homogeneous structure is still very actual (see Section 2.2). The
problems of development of new SPD methods are more e�cient in terms of their
technology, as well as improvement of die-set equipment and processing of low
ductile materials, including hard-to-deform ones, where a nanostructured state can
be attained, are very urgent too.

2.2. Typical nanostructures and their formation

Methods of severe plastic deformation can provide formation of nanostructures
in di�erent materials. However, an obtained grain size and a character of a
nanostructure forming depends on the SPD methods applied, processing regimes,
phase composition and initial microstructure of a material. Below, are examples of
typical nanostructures, discuss procedures of attaining of a minimal grain size in
various materials processed by SPD methods and consider data on evolution of
the microstructure during intense straining.

By now nanostructures have been obtained in a number of pure metals, alloys,
steels and intermetallic compounds via application of di�erent SPD methods.

In pure metals, for example, the application of severe plastic torsion straining
can result usually in the formation of ultra®ne-grained structure with a mean
grain size of about 100 nm and the application of ECA pressing can provide a
grain size of 200±300 nm. In Fig. 7 one can see typical nanostructures of copper
(99.98%) subjected to SPTS at room temperature (true strain e = 7, applied
pressure P = 7 GPa) which are observed in a transmission electron microscope in
bright and dark ®eld images, a corresponding di�raction pattern being shown too
[47,48]. It is seen that many grain boundaries are distinct. But, as a rule, they
appear not straight, but curved or wavy. There are also grain boundaries with
images which are poor and di�raction contrast inside grains is non-homogeneous
and often undergoes complex changes. This indicates a high level of internal
stresses and elastic distortions of the crystal lattice. Such a complex contrast
observed both inside the grains containing lattice dislocations and the grains
having no defects testi®es that grain boundaries are sources of internal stresses.
The azimuthal spreading of spots observed on di�raction patterns also indicates
high internal stresses. According to [47,48] the average density of lattice
dislocations in SPD copper was about 5 � 1014 mÿ2. Numerous spots on the
di�raction pattern arranged along circles indicate high angle misorientations of
neighbouring areas of the crystal lattice. The presence of mainly high angle grain
boundaries in the structure of copper subjected to intense straining was also
con®rmed by direct measurements of misorientations of individual grain
boundaries [43], being a very important feature of SPD materials. Histograms of
grain size distribution obtained from dark ®eld images [47] showed that the
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Fig. 8. Typical TEM micrographs of nanostructured copper processed by ECA pressing: (a) route B

(see Section 2.1); (b) route C.



structure of SPD copper was characterized by logarithmic normal distribution
with a mean grain size of 107 nm (Fig. 7(c)).

Analogous features of the nanostructure are observed in pure nickel exposed to
SPTS at room temperature [49]. A smaller grain size of about 80 nm was obtained
in samples of Armco-Fe [20] and Ti [50] having bcc and hcp lattices, respectively.
However, their nanostructures are characterized by more complex di�raction
contrasts attributed to higher internal elastic stresses. Defect structures of
materials subjected to SPD will be described in more detail in Section 3.

As shown in papers [31,51], ECA pressing can also lead to formation of
equiaxed nanostructures in pure metals. In particular, in Cu (99.97%) subjected to
ECA pressing at room temperature (12 passes, route B) the mean grain size was
210 nm (Fig. 8(a)) and the grain size distribution was similar to the logarithmic
one [51,52]. At the same time, TEM studies revealed the presence of three types of
grains. In small grains, up to 100 nm in size, lattice dislocations were almost
absent, in grains of an intermediate size separate chaotically arranged dislocations
were observed and in large grains (400±500 nm) formation of subgrains was
revealed. The mean density of lattice dislocations inside a grain was 5 � 1014 mÿ2.
Moreover, the type of structure resulted from ECA pressing depends strongly on
the route of deformation. For example, during ECA pressing of Cu, in the case of
the same number of passes (12), a change in route of a billet from B to C (see
Section 2.1) leads to the formation of another type of microstructure Ð a banded
structure, having many low angle grain boundaries (Fig. 8(b)). Recently, this

Fig. 9. Two-phase structure of the Zn-22% Al alloy subjected to severe torsion straining at room

temperature.
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question was investigated in detail during ECA pressing of Al in [30] where it was
shown that the homogeneity of the structure, elongation of grains and volume
fraction of high angle grain boundaries are determined not only by the strain
value but also mainly by the routes of pressing. One should also take into account
the possibility of self heating of billets during ECA pressing [53] which exerts a
signi®cant in¯uence on formation of the structure as well. In this connection, the
fabrication of massive samples with homogeneous nanostructure using ECA
pressing is a specialised scienti®c and technological task. In alloys, subjected to
severe plastic deformation, the ®nal structure is determined not only by the
processing route but also by the initial microstructure. In one-phase solid

Fig. 11. Microstructures of the A1-7.5% Fe alloy: (a) initial cast state (light microscopy) and after

severe torsion straining at room temperature (TEM); (b) bright ®eld image; (c) dark ®eld image; (d)

SAED pattern.
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solutions the formation of the nanostructure occurs analogously to pure metals.
The di�erence is only in grain size obtained which is signi®cantly less in the case
of alloys. For example, in quenched Al alloys subjected to SPTS the mean grain
size was usually 70±80 nm [54,55]. In multiple phase alloys the nature and
morphology of the second phases play a signi®cant role. So, during severe
deformation of the two-phase Zn-22%Al alloy a re®nement of both phases was
observed and after SPTS (®ve rotations) a nanodouplex structure with a mean
grain size of both phases less than 100 nm can be formed at room temperature
(Fig. 9) [56]. During severe deformation the second phase particles, which are
present in the initial structure and are more stable than the matrix, are exposed to
breaking and dissolution due to mechanical alloying resulting in the formation of
a supersaturated solid solution.

Severe plastic deformation of high carbon (1.2 wt%) steel is also an interesting
example of the formation of the metastable states [57]. The investigated steel was
in a normalized state (Fig. 10(a)) and had a pearlite structure with an excess
content of cementite. SPTS (e = 7, P = 6 GPa) resulting in the formation of an
extremely disperse structure with a grain size of 20 nm (Fig. 10(b)) which was
accompanied by complete dissolution of cementite. The obtained nanostructure
presented the supersaturated solid solution of carbon in a-iron.

The formation of solid solutions was also revealed during SPD of a number of
alloys belonging to some immiscible systems without mutual dissolution, namely
Cu-50%Al [45], Al±Fe [58] and others. The Al-7.5%Fe alloy investigated in [58]
was in a cast state and had a dendrite type structure containing fcc Al (matrix)
and monoclinic type Al13Fe4 phase (Fig. 11(a)) with particle sizes more than 10
mm. After SPTS an ultra ®ne-grained structure with a grain size of about 100 nm
was formed in the matrix (Fig. 11(b)). As the energy dispersive analysis showed,
Al phase became an supersaturated solid solution, containing from 1.34 to 2.24
wt% (from 0.65 to 1.10 at%) iron. At the same time, Al13Fe4 phase dendrites
transformed to spherical particles with a size of about 1 mm and partially
dissolved forming the solid solution.

Such metastable states resulting from SPD are very interesting due to the fact
that after heating there occurs dissociation leading to new unusual properties of
the materials (Section 4.2).

One more interesting feature observed in alloys subjected to SPD is the
development of twins. For example, alongside the strong re®nement of the
structure the appearance of a large number of twins was observed in Mg alloys
after SPTS [59].

In intermetallic compounds, after severe plastic deformation one can observe
not only the formation of a nanostructure but also atomic disordering. This
question was investigated thoroughly in Ni3Al [60,61] and TiAl [62] intermetallic
compounds. As TEM investigations showed, a nanostructure with a grain size of
about 50 nm is formed in Ni3Al after SPTS (e = 7, P = 8 GPa). The structure
has a large number of disperse microtwins with a thickness of only 1±2 nm. At
the same time, the long range order parameter S was estimated by means of X-ray
structural analysis using the ratio between the intensities of {100} or {110}
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Fig. 12. Typical TEM microphotographs of nanostructed silicon after severe torsion straining: (a)

bright ®eld image and di�raction pattern; (b) dark ®eld image; (c) histogram of grain size distribution.



superlattice peaks and {200} or {220} fundamental peaks, respectively. These
estimations showed complete disordering of the atom structure in the Ni3Al
intermetallic compound after severe deformation. However, heating of the samples
even at 3508C resulted in a partial restoration of ordering (Section 3.1). After
severe deformation the long range order parameter S = 0.1 was attained in the
TiAl intermetallic compound [62]. But in this case a higher pressure (P = 10
GPa) was applied.

In semiconductors, such as germanium and silicon, having a crystal lattice of a
diamond type, the application of SPTS also provided the formation of a highly
disperse structure (Fig. 12) [63,64]. The analysis of dark ®eld images showed that
nanostructures of germanium and silicon were characterized by logarithmic
normal grain size distribution, the mean grain size being 24 and 17 nm,
respectively. The examination of di�raction patterns from a sample area of 2 mm2

revealed concentric rings consisting of a number of spots. At the same time,
polymorphic transformations were revealed in nanostructured germanium and
silicon processed by severe torsion straining under a pressure of 7 GPa. In
particular, the appearance of a tetragonal phase with the P43212 type crystal
lattice [65] was observed in germanium and a cubic phase with the Ia3 type crystal
lattice [65] was observed in silicon.

In metal-matrix composites the application of the SPD method also leads to the
formation of nanostructures. In particular, one of the methods of processing of
nanocomposites is consolidation of metallic and ceramic powders by torsion
straining. Types of nanostructures obtained by SPTS consolidation of Cu and Al
micropowders and SiO2 nanopowders were investigated, in detail, recently in [23].

Fig. 13. A typical microstructure of the A16061+10%A12O3 composite after severe torsion straining.
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Bulk samples of nanocomposites with a density above 98% were processed by this
method. The mean grain size in Cu samples was 60 nm and in Al samples was 200
nm.

SPD methods were also used for the formation of nanostructures in metal-
matrix composites where ceramic particles were distributed uniformly within a
metallic matrix [66,67]. For example, due to severe torsion straining a
homogeneous structure with a mean grain size of about 100 nm (Fig. 13) was
formed in the Al6061+10%Al2O3 [66] and Al2009+15%SiC [67] composites.
However, during deformation the ceramic particles did not change their initial
shapes and sizes. In the Al6061+10%Al2O3 composite the ceramic particles were
of a globular shape, from 0.2 to 5 mm in size, and in the Al2009+15%SiC
composite the ceramic particles were of a lamellar shape, more than 10 mm in
length and up to 0.5 mm in cross section.

Summing the results obtained, it should be noted once more that numerous
investigations demonstrate the possibility of formation of nanostructures by
means of methods of severe plastic deformation in various metallic materials,
composites and semiconductors. The character of the structure forming is
determined not only by the material itself (initial microstructure, phase
composition and type of crystal lattice) but also by the severe deformation regime
(strain rate, temperature and pressure, etc.). In general, decrease in temperature,
increase in pressure and alloying all contribute to re®nement of structure and
obtaining a minimal grain size.

In conclusion of this section let us consider in brief mechanisms of
nanostructure formation during SPD. Unfortunately, there are known only several
works on evolution of structure during SPD which tried to reveal the regularities
of nanostructure formation, and at present this problem still remains unclear. One
of the ®rst such works [17] dealt with investigation of evolution of microstructure
in single crystals of Cu, Ni and a Ni±Cr based alloy during SPTS. The re®nement
of microstructures of up to a crystallite size of 100 nm was observed in the ®nal
stage of SPTS. On the basis of their analysis of microstructural evolution
processes and measurements of microhardness the authors [17] made an attempt
to determine a sequence of structural transformations during severe plastic
deformation. It was revealed that in materials having high stacking fault energy
(Cu and Ni) with increasing logarithmic strain value up to e � 2 dislocations are
concentrated in cell walls and almost absent inside cells. Further increase in the
strain up to e � 5 results in a decrease in a cell size and an increase in cell
misorientations. As the authors assumed, this can lead to intensi®cation of
rotation modes of deformation within the whole sample volume at once. A
decrease in stacking fault energy (Ni±Cr alloy) causes a change in the mechanism
of severe plastic deformation when the re®nement of the microstructure is realized
via formation of shear bands which embrace gradually the whole sample volume.

The TEM studies conducted in [20] also showed that the process of
nanostructure formation in Armco-Fe and one-phase steels during SPTS was of a
distinct step character. A cellular structure with a mean cell size of 400 nm is
typical (Fig. 14(a)) for the ®rst stage, corresponding to torsion in the range from
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Fig. 14. Typical TEM micrographs of nanostructures in Armco-Fe subjected to severe torsion straining:

(a) N = 1/4, (b) N = 1, (c) N = 5. Bright ®eld and dark ®eld image and di�raction patterns presented

in di�erent stages of deformation.



1/4 to 1 rotation. The angle of misorientation between cells is 2±38. In the second
stage, corresponding to the range 1±3 rotations, one can observe the formation of
a transition structure having features of both cellular and nanostructures (Fig.
14(b)) with high angle misorientations. As the strain value increases, a decrease in
cell size and an increase in cell wall misorientations occur. The third stage is
characterized by the formation of a homogeneous nanostructure with a mean
grain size of about 100 nm in Armco-Fe (Fig. 14(c)) and a smaller grain size in
steels. The grains are elastically distorted which is especially prominently seen in
dark ®eld images. The cause of these elastic distortions are evidently attributed to
long range stresses from non-equilibrium grain boundaries containing extrinsic
grain boundary dislocations of high density (Section 3). On the basis of the
experimental data obtained the authors [20] proposed the following model of
evolution of the defect structure of materials during SPD (Fig. 15). The main idea
is based on transformation of a cellular structure (Fig. 15(a)) to a granular one,
when the dislocation density in the cell walls achieves some critical value [68], and
a partial annihilation of dislocations of di�erent signs occurs at the cell
boundaries (Fig. 15(b)). As a result, excess dislocations of single sign remain (Fig.
15(c)). The excess dislocations play various roles: dislocations with Burgers vectors
perpendicular to the boundary lead to an increase of misorientation and when
their density rises they cause the transformation to a granular structure; at the
same time long range stress ®elds are connected with glide dislocations which can
also lead to sliding of grains along grain boundaries, i.e. reveal rotation
deformation modes which is indicated earlier for large plastic straining [8].

3. Structural characterization and modeling of SPD materials

Nanostructured materials processed by SPD methods are characterized by a
very high density of grain boundaries and are interface-controlled materials. Thus,
it is quite natural that their grain boundaries are in the center of all structural
investigations. As shown below, evidence for a non-equilibrium structure of grain

Fig. 15. Schematic model of dislocation structure evolution at di�erent stages during severe plastic

deformation.
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boundaries in SPD materials is of special importance. The notions on non-
equilibrium grain boundaries were ®rst introduced in the scienti®c literature
somewhere in the 70±80s [69,70] reasoning from investigations of interactions of
lattice dislocations with grain boundaries. According to [70] the formation of a
non-equilibrium grain boundary state is characterized by two main features,
namely, excess grain boundary energy (at the speci®ed crystallographic parameters
of the boundary) and the presence of long range elastic stresses (Fig. 16).
Assuming that grain boundaries have a crystallographic ordered structure,
discontinuous distortions of such a structure, i.e. grain boundary dislocations and
their assemblies, can be considered as sources of elastic stress ®elds.

Investigations of grain boundaries in nanostructured materials processed by
SPD methods were carried out using various, often mutually complementary
methods: transmission, including high resolution, electron microscopy, X-ray
structural analysis, MoÈ ssbauer spectroscopy, di�erential scanning calorimetry and
others. The present Section deals with the main results obtained by means of these
investigations aimed to study the defect structure of both the grain boundaries
and the grain body in nanostructured SPD materials. Using the experimental data
structural models of NSM are considered.

3.1. Experimental investigations

To reveal the main features of the defect structure of SPD materials, let us
consider ®rst of all the results obtained via investigations of pure metals and/or
one-phase alloys, where the complex in¯uence of second-phases is absent.

The ®rst TEM studies of nanostructured materials processed by severe plastic

Fig. 16. Engineering of grain boundaries via thought cuts: (a) 4 (b) Ð equilibrium grain boundary

(bunches of deformation are connected without strain); (c)4 (d), and (a)4 (f) Ð non-equilibrium

grain boundaries (deformation is required for crystal joint Ð bending and tension Ð compression,

respectively); (e), (g) Ð schemes of GBD complexes initiating the same character of elastic distortions

as in (d), (f) [70].

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189126



deformation revealed a speci®c image of grain boundaries in NSM as compared to
ordinary annealed counterparts [13,71]. A typical example of such a di�raction
contrast is the image of the microstructure of the Al-4%Cu-0.5Zr alloy [10,71]
having a mean grain size of about 200 nm (Fig. 17(a)) after torsion straining. For
comparison, a microstructure of the same sample subjected to additional
annealing at 1608C for 1 h is also shown (Fig. 17(b)). A granular type structure
with high angle grain boundaries is mainly observed in both cases. Nevertheless,
the image of the grain boundaries in Fig. 17(a) is distinguished signi®cantly from
Fig. 17(b) by a strong spreading of thickness extinction contours being a feature
of non-equilibrium grain boundaries [70].

According to the dynamic theory of di�raction contrast [72±74] the thickness
extinction contours on inclined grain boundaries are contours of similar grain
depth in a thin foil and they appear in TEM images when some family of planes
of the given grain is in the Bragg re¯ection conditions. The works [75,76] analyze
the physical nature of the spreading of thickness extinction contours in TEM
images of grain boundaries in nanostructured materials and show that this
spreading is connected with a high level of elastic stresses and crystal lattice
distortions near the grain boundaries in NSM, processed by SPD. On the basis of
this analysis a procedure for determination of values of elastic strains depending
on a distance from a grain boundary is proposed. This approach was realized in
[76] for investigation of elastic strains near grain boundaries in nanostructured
copper processed by ECA pressing. It was revealed that the distribution of such
elastic strains is not uniform. It has its maximum in the vicinity of the grain
boundaries and an exponential slope at a distance of several nanometers from
grain boundaries (Fig. 18). Moreover, the maximum value of elastic strains near

Fig. 17. TEM micriphotographs of the A1-4% Cu-0.5% Zr alloy: (a) after severe torsion straining, (b)

after additional annealing at 1068C for 1 h.
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the grain boundaries in the nanostructured copper were equal to 3.3 � 10ÿ3,
higher than the average value determined by the X-ray structural analysis by a
factor of 5 [77,78].

In turn, such a distribution of elastic strains near the grain boundaries can be
described by the array of edge gliding grain boundary dislocations (Fig. 19)
which, in terms of the theory of dislocations [79], can provide the following
equation for the tensor component of elastic strains exx

exx � pbx
�1ÿ n�D2cosh2�2px=D� �7�

where x is the distance from a grain boundary, D is the average distance between
grain boundary dislocations, b is the Burgers vector, v is the Poisson's ratio, cosh
is a hyperbolic cosine.

The distribution of elastic strains near the grain boundary with such a
dislocation array calculated according to Eq. (7) has features analogous to curve 1
in Fig. 18 plotted experimentally and shows a maximum of elastic strain near the
boundary and an exponential slope from the boundary. Let us note that a rapid
decrease of elastic strain with increasing distance from the non-equilibrium grain
boundary was foreseen in other works [16,80]. From Fig. 18 it follows that a good
®t of data calculated according to Eq. (7) with experimental data is achieved for
the grain boundary dislocations density of 2.3 � 107 mÿ1 at the Burgers vector b
= 2.56 � 10ÿ10 m (curve 2). If we assume, however, the grain boundary Burgers
vector bGBD � b=6 [70], the value of density of grain boundary dislocations will be
1 � 108 mÿ1 (curve 3).

The results obtained allowed us to conclude [76] that widening of thickness
extinction contours in TEM images of grain boundaries in nanostructured

Fig. 18. Distribution of elastic strains depending on distance from grain boundary: (1) experimental

curve; (2), (3) calculated curves for a density of grain boundary dislocations of 2:3� 107 and 1� 108

mÿ1, respectively.
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materials is actually connected with large elastic strains. Moreover, the maximum
values of elastic strains are observed near grain boundaries where their level is
signi®cantly higher than inside of the grain body.

Let us note that similar results were obtained recently in the work [81] dealing
with TEM observations and measurements of crystal lattice curvature near grain
boundaries. In this work, measurements of the curvature of crystal planes parallel
to the wave vector were performed, since this curvature is not changed in the case
of a possible bend of the thin foil in the process of its preparation. The results of
TEM investigations have revealed high crystal lattice curvature of 10620 grad/
mm in nanostructured nickel processed by ECA pressing. In [81] a disclination
approach was used to describe such non-equilibrium grain boundaires with a high
curvature of the crystal lattice and variable misorientation. According to this
approach the a non-equilibrium grain boundary can be modeled by a high density
of continuously distributed partial disclinations of one sign (Fig. 20). Moreover, it

Fig. 20. Scheme of grain boundaries with high density of continuously distributed disclinations leading

to high elastic strain.

Fig. 19. The distribution of edge gliding grain boundary dislocations, which results elastic strain shown

in Fig. 18. Here D is the average distance between dislocations.
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was shown that such a grain boundary is a source of high elastic stresses
achieving a value of G/33 near grain boundaries, where G is the shear modulus of
a coarse-grained metal.

Let us now consider the results of detailed investigations of nanostructured SPD
materials carried out by means of high resolution transmission electron
microscopy. This method provides data on only a very local area of a structure.
Nevertheless, its obvious advantage consists in conducting detailed investigations
of grain boundaries on an atomic level. Similar investigations recently conducted
in a number of works allowed one to reveal important feature of grain boundary
structure of the materials under study.

It is known [72,82] that application of the MoireÂ picture reveals small
distortions of a crystal lattice since even small changes in translation symmetry of
the lattice leads to noticeable changes in MoireÂ pictures. MoireÂ pictures are often
observed in such cases when images of crystal lattices of two neighboring grains
superimpose on one another. Typical features of MoireÂ pictures are their bending
in the presence of distortions of crystal planes and changes of distance between
them. At the same time, arti®cial MoireÂ pictures can be obtained by
superimposition of a special grid of parallel lines on HREM images of crystal
planes of the nanostructured materials investigated [83].

Such investigations of nanostructured pure nickel with a grain size of 50 nm
and Ni3Al intermetallic compound with a grain size of 70 nm showed that MoireÂ

Fig. 21. HREM image of grain boundary in nanostructed A1-3% Mg alloy.
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lines were bent near grain boundaries through an angle of 108±158 that
correspond to bending of lattice fringes through an angle of about 28 [83]. Such
distortions of the crystal lattice were observed only near grain boundaries and
they were absent inside of the grain body. Moreover, dilatations of the crystal
lattice near grain boundaries achieved 1.5%.

HREM investigations were also conducted in the nanostructured Al-3%Mg
alloy with an fcc lattice [84] where the formation of periodic facets of parallel
(111) planes was revealed (Fig. 21). Each facet contains about ten atomic layers
parallel to a (111) plane. The average density of facets was very high and achieved
a value of about 5 � 108 mÿ1. At the same time one can observe distortions of
crystal lattice images near grain boundaries that indicates a non-equilibrium state.
Analogous distortions of the crystal lattice near grain boundaries were revealed in
HREM images of the structures of copper, nickel and Armco-iron subjected to
SPTS [20,85].

As known, dislocations can be revealed using the HREM method via direct
observation of the extra planes of a crystal lattice. For example, in the image of
the crystal lattice of a nanostructured Al-3%Mg alloy (Fig. 22) some crystal
planes in the near boundary area end in the points indicated by the symbol _,
which assumes the presence of dislocations in these areas.

In general, the structural features of grain boundaries revealed by HREM were
similar in all materials investigated [20,83,84,85]. First of all, the width of the

Fig. 22. HREM image of grain boundary in nanostructed A1-3%Mg alloy. Areas where extra planes

are observed are marked by the symbol _.
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grain boundaries is 1±2 interatomic spaces, i.e. close to the width of the grain
boundaries in conventional coarse-grained materials. However, grain boundaries
in nanostructured metals and alloys are not perfect by their structure since they
contain various defects: steps, facets, dislocations, and the high defect density
leads to elastic distortions near the grain boundaries. At the same time, facets and
steps observed at typical grain boundaries in a nanostructured Al-3%Mg alloy
were more ordered and uniformly distributed in comparison with nanostructured
Cu, Ni and Fe [20,85]. This assumes that a partial ordering of grain boundary
defect structures takes place in the Al-3%Mg alloy already during SPD conducted
at room temperature. A comparatively high homologous temperature for the SPD
processing of the Al-3%Mg alloy as compared to other materials, can result in
this phenomenon.

One more very interesting result which was obtained by HREM investigations
[84] was migration of grain boundaries occurring due to radiation of a foil by
high energy electrons. In particular, Fig. 23 demonstrates changes in the image of
the grain boundary in the Al-3%Mg alloy resulting from electron radiation for

Fig. 23. HREM image of grain boundary in nanostructured A1-3% Mg alloy illustrating the in¯uence

of high power electron irradiation; (a) in the initial moment of irradiation; (b) after several minutes

after irradiation (after Horita et al. [84]).
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several minutes. So, the angle between the boundary and (220) lattice fringes of
the right grain has decreased from 148 (Fig. 23(a)) to 58 (Fig. 23(b)), though the
angle between the image of (200) planes in both grains remains constant. At the
same time, the observed decrease in the number of facets and steps as well as the
absence of extra planes in the near grain boundary area (Fig. 23(b)) indicates the
relaxation of the non-equilibrium grain boundary state in the process of
migration.

Thus, the results of TEM/HREM investigations allow us to conclude that grain
boundaries in nanostructured materials processed by SPD methods, are
characterized by signi®cant distortions of the crystal lattice near the grain
boundaries, a high density of dislocations and other grain boundary defects, as
well as often by a curve and wavy con®guration that testi®es to their non-
equilibrium state.

X-ray structural analysis is another method providing important data on the
defect structure of NSM. X-ray patterns of nanostructured materials processed by
SPD methods [47,48,77,78] di�er signi®cantly from X-ray patterns of
corresponding coarse-grained materials. These di�erences are revealed, ®rst of all,
in changes of integral intensity of background, changes of width and intensity of
X-ray peaks and appearance of crystallographic texture.

The background on X-ray patterns is a result of di�use scattering of X-rays
[86]. The reasons for background appearance in pure metals can be thermal
di�use scattering and absence of long and/or short range atomic order. In this
connection, investigation of background on X-ray patterns acquires a special role

Fig. 24. Comparison of pro®les of X-ray (400) peak in nanostructed copper subjected to severe torsion

straining and after annealing at 1758C.
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in nanostructured materials characterized by large volume fractions of grain
boundaries, because a displacement of atoms in grain boundaries from
equilibrium states in the crystal lattice should signi®cantly in¯uence the intensity
of di�use scattering of X-rays. The recent results of calculations show that the
integral intensities of the background on the X-ray pattern of nanostructured
copper processed by torsion straining and by ECA pressing exceed the
corresponding value for coarse-grained copper by a value of (623)% and
(6.122.7)% [77], respectively. The increase in the integral intensity of the
background indicates an elevated density of crystal structure defects and a
possible change in the vibrational spectrum of atoms in nanostructured copper.

Another feature of X-ray di�raction patterns in nanostructured SPD materials
is a signi®cant decrease in the intensity of X-ray peaks and their strong
broadening. In particular, a comparison of X-ray peak pro®les in nanostructured
and coarse-grained copper and germanium testi®es to this (see Figs. 24 and 25)
[47,63].

It is known that the analysis of broadening of X-ray peaks can provide
information on elastic strains and grain (domain) size in polycrystalline materials.
Several approaches were developed to calculate this value. The methods of
Warren±Averbach and Williamson±Hall are the most widely used ones [86±93].

Fig. 25. Pro®les of X-ray (200) peak in germanium after severe torsion straining and subsequent

annealing at 300, 400 and 8008C.
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The idea of the Warren±Averbach method consists in the separation of the
contributions of grain size and elastic strain to broadening of X-ray peaks based
on their di�erent dependence on the order of re¯ection. In this case, an
approximation of a physical pro®le by a Fourier series is used and coe�cients of
this distribution are determined. The Warren±Averbach method provides an area-
weighted average grain size [87].

The method by Williamson±Hall is used in cases when X-ray peaks
corresponding to re¯ections of di�erent orders from one family of planes are not
available or do not possess a shape favorable for representation by a Fourier
series. The grain size is obtained by extrapolating the variation of the X-ray peak
integral width with scattering vector to zero. In this case the result is a volume-
weighted average grain size. The microdeformation is determined from the slope
of the curve [47,89,90].

The questions relating the application of methods of X-ray structural analysis
for determination of elastic strain and grain size in nanostructured materials
processed by SPD methods were considered recently in [78]. The analysis of
broadening of X-ray peak pro®les showed that the grain size D in the
nanostructured copper processed by severe torsion straining was equal to 53 nm
(111)±(222) and 33 nm (200)±(400) in the case of the Warren±Averbach method
[77] and 71 nm (111)±(222) and 50 nm (200)±(400) in the case of the Williamson±
Hall method [47]. The distinction in the grain sizes obtained is evidently attributed
to the speci®c features of the given X-ray methods mentioned above, as well as by
di�erences in a grain structure belonging to di�erent texture components.

Nevertheless, the grain sizes obtained by X-ray structural analysis methods are
usually signi®cantly less than the ones determined using histograms of grain size
distribution plotted on the basis of dark ®eld [47] or bright ®eld [48] TEM images.
The possible reason for this distinction can be physical di�erence in values to be
determined. The X-ray structural method actually allows us to determine a size of
coherently scattering domains connected with internal grain areas having a weakly
distorted crystal lattice, whereas the TEM method measures a complete grain size
which includes near boundary strongly distorted areas. Thus, in SPD materials
characterized by strong distortions of the crystal lattice, the di�erence in TEM
and X-ray structural data can be rather signi®cant [78]. It should be also noted
that the anisotropy of grain shape can signi®cantly in¯uence the results obtained
by TEM and X-ray structural methods, since TEM measures grain size in the
plane parallel to the sample surface, while the X-ray structural method measures
the size in the direction perpendicular to this surface.

Values of root-mean square strain determined in nanostructured copper using
both X-ray structural analysis methods are in reasonable agreement. Thus, the
values of elastic strain determined in accordance with the Warren±Averbach
method were 6.1 � 10ÿ2% and 11.8 � 10ÿ2% for (111) and (200) planes,
respectively [78], whereas the values of elastic strain calculated by means of the
Williamson±Hall method for the same planes were 4 � 10ÿ2% and 8 � 10ÿ2%,
respectively [47].

Release in intensity of X-rays due to thermal motion of atoms in a crystal
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lattice is characterized by means of the thermal factor exp�ÿ2M � [86] which is
called the Debye±Waller factor. The value M is directly proportional to the
square of the root-mean square displacement hm20i of atoms from the equilibrium
state and depends on the temperature T. In the case of cubic crystals the Debye±
Waller parameter is proportional to M and is given by

B � M

�sin y=g�2 �
8p2

3hm2i �8�

where hm2i is the value of a root-mean square displacement of atoms in the
direction of the scattering vector.

Since the nanostructured metals processed by SPD are textured [95], a special
approach [96] was used to determine the Debye±Waller parameter in [94].
According to this approach peaks of only one family of planes but with di�erent
orders of re¯ection were used, i.e. the in¯uence of a crystallographic texture was
excluded. The obtained X-ray results for nanostructured and coarse-grained nickel
showed [94] that in both samples the values of the Debye±Waller parameter B and
the root-mean square atomic displacements hm2i reduced linearly with decreasing
temperature (Fig. 26). In the case of nanostructured nickel the slope of the
temperature dependence of the Debye±Waller parameter was sharper than in the
coarse-grained sample. This shows that the Debye temperature has changed in the
nanostructured nickel (Section 4.1).

The results of analogous investigations for nanostructured copper (Table 1)

Fig. 26. Averaged value of the Debye±Waller parameter B and atomic displacements depending on

temperature for nanostructured (continuos line) and coarse-grained Ni (dash line).
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showed that the root-mean square displacement hm2i was equal to (0.12020.003)
AÊ , i.e. 5.0% of the shortest distance between atoms for copper. Using the known
approaches described in [97], the values of the temperature dependent thermal BT

and the temperature independent static BS being components of the Debye±Waller
parameter were calculated. As known, they are connected with dynamic and static
atomic displacements, respectively. Values of both components of the Debye±
Waller parameter for nanostructured copper and nickel exceeded signi®cantly
corresponding values for coarse-grained metals. This indicates changes occurring
in the character of thermal vibrations of atoms which is also con®rmed by
calculations of Debye temperature (Section 4.1).

The study of crystallographic texture in nanostructured materials processed by
SPD methods has special interest as well. The conducted investigations showed
that crystallographic texture is a typical feature of nanostructured pure metals and
it is observed in NSM processed both by torsion straining and ECA pressing [95].
An axial texture is formed in nanostructured copper exposed to severe torsion
straining. As for ECA pressing, it results in formation of a complex texture which
re¯ects a shear character of deformation.

The analysis of evolution of the crystallographic texture during plastic
deformation usually helps to establish deformation mechanisms. Moreover, the
crystallographic texture exerts signi®cant in¯uence on many physical and
mechanical properties of SPD materials. In this connection, further extension of
investigations of processes of texture formation during SPD is a very urgent task.

The results given above show that X-ray structural analysis in addition to TEM
investigation provides quantitative data on nanostructures processed by SPD
methods. In particular, by means of X-ray structural analysis one can estimate a
higher level of elastic strain as compared to coarse-grained materials, signi®cant
atomic displacements from the equilibrium state in crystal lattice units, as well as
a vibrational spectrum of atoms which are increased in nanostructured materials.

The results of MoÈ ssbauer investigations of nanostructured iron (purity 99.97%)
are also very interesting. These results provide information not only on grain
boundaries but also on near boundary areas [98,99]. It was established that
MoÈ ssbauer spectra of nanostructured iron (Fig. 27) can be divided into two
subspectra signi®cantly distinguished in parameters of electric and magnetic
super®ne structure (Table 2). This shows that atoms of nanostructured iron are
characterized by two di�erent states. Parameters of the ®rst, more intensive
subspectrum almost coincide with ones of the coarse-grained iron spectrum. The

Table 1

Data on structure and thermal characteristics of nanostructured copper and nickel

Sample Nanostructured copper Nanostructured nickel

Average grain size, nm 5022 15222

r.m.s. strain he2i1=2, 10ÿ3 6.6020.15 1.320.4

Debye±Waller parameter B, (295 K), AÊ 2 1.2620.05 0.9120.04

Debye temperature Y, K 23326 29327
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presence of the second subspectrum is connected with a special state of iron atoms
near grain boundaries [98]. Reasoning from the relationships of integral intensities
of subspectra 2 and 1 for the grain size 0.23 mm (Table 2), the volume fraction of
such atoms is (1121)%. Therefore, the thickness of a near boundary atom layer
is (8.421.5) nm. The presence of distinctly ®xed parameters of the super®ne
structure for the part of atoms under study [98,99] allows us to assume the
existence of a special grain boundary state of iron atoms or a grain boundary
phase alongside the granular phase, though no di�erence was revealed in the
crystallographic structure of these phases. It is evident that the di�erence observed
in super®ne parameters of subspectra 1 and 2 is connected, ®rst of all, with higher
dynamic activity of atoms of the grain boundary phase as compared to the
granular phase which results from some di�erence in their electron structures and
background spectra.

Summarizing the results of the investigations conducted on pure metals copper,

Fig. 27. MoÈ ssbauer spectrum of the nanostructured Armco-Fe.
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nickel, iron and single-phase Al alloys reveals a number of typical features of the
defect structure of nanostructured materials processed by SPD. It should be also
noted that TEM/HREM, X-ray and MoÈ ssbauer spectroscopy are mutually
complementary methods of investigations. The ®rst methods, namely TEM and
HREM, provide local information, in particular, about individual grain
boundaries while X-ray and MoÈ ssbauer spectroscopy provide average information
about the material structure. It is very important that the results of all these
investigations do not contradict but even complement one another.

The common feature typical for all nanostructured materials processed by SPD
is high internal stresses and distortions of the crystal lattice. According to X-ray
data the root mean square strain he2i1=2 is equal to 10ÿ3±10ÿ4 while according to
the TEM/HREM investigations of the same materials local elastic strains,
especially near grain boundaries, are higher by an order of magnitude and even
more. The fact that the level of internal stresses is high, while the density of lattice
dislocations inside grains is often insigni®cant con®rms that non-equilibrium grain
boundaries are sources of these stresses. The HREM observations of grain
boundaries provide evidence for their speci®c defect structure in nanostructured
materials due to the presence of atomic steps and facets and grain boundary
dislocations (GBD). In turn, high stresses and distortions of the crystal lattice lead
to the dilatation of the lattice with changes of interatomic spacing, and signi®cant

Fig. 28. Evolution of residual resistivity (a), microhardness (b), internal strains (c) and crystallite size

(d) deduced from the broadening of the (220) X-ray line, as a function of annealing temperature in

nanostructured nickel.
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static and dynamic atomic displacements which were experimentally observed by
X-ray and MoÈ ssbauer investigations.

At the same time, the high density of crystal lattice defects in nanostructured
SPD materials is attributed to their excessive energy and metastable state, which
transfers to a more equilibrium state at elevated temperatures. The recent
investigation of evolution of nanostructures during heating of materials processed
by SPD was a subject of special interest in a number of works where alongside
with TEM and X-ray methods the investigations of electric resistance [61],
dilatometry [71] and di�erential scanning calorimetry [47] were used. Such
investigations have a number of interesting aspects. Firstly, they provide
information about the thermal stability of nanostructured materials. It is known
that nanomaterials are often rather non-stable and their grain growth occurs at
temperatures 0.4T and even lower [2,100]. That is why, the knowledge of the
origin of their low temperature stability is important for development of ways of
its improvement. Secondly, the investigation of the evolution of nanostructures
during heating contributes to better understanding of their complex defect
structure, in particular, due to application of additional experimental methods,
namely, DSC, dilatometry and others.

Not describing the results obtained in detail (they were su�ciently described
recently in [62]) we should mention a non-monotonous character of changes
occurring in di�erent parameters during heating. For example, in Fig. 28 there are
given data on changes in residual electric resistance, microhardness, internal
stresses and crystallite size (according to X-ray data) depending on temperature of
annealing of the nanostructured nickel processed by SPTS at room temperature
[62]. It is seen that during annealing up to temperature 450 K the changes
occurring in microhardness Hv and electric resistivity r values are rather
insigni®cant. However, after annealing at higher temperatures the values change
sharply. This takes place in a rather narrow temperature interval of 450±500 K
and after that the changes become insigni®cant again. These e�ects are correlated
with changes in grain size, since grain growth also begins at annealing above 450
K. At the same time, a decrease in internal stresses occurs at lower temperatures.
In accordance with [47,62,101] a similar three-step change of various parameters
occurs in di�erent pure metals subjected to SPD depending on temperature of
annealing. Moreover, the authors [101] made estimates of the activation energies
of the processes controlling the structural changes in the di�erent stages of
recovery in copper subjected to SPD. Their values were 55 and 98 kJ/mol for

Fig. 29. Scheme of structure evolution during heating of nanostructured copper.
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stages 2 and 3, respectively. These results as well as data from dilatometry [71]
and DSC measurements [102] allow us to distinguish the main processes
responsible for structural changes in the di�erent stages of annealing of
nanostructured metals (Fig. 29). In the ®rst stage the main process is recovery
from the non-equilibrium structure of the grain boundaries. This process is
connected with partial annihilation of defects at grain boundaries and inside
grains and it is accompanied by relaxation of internal elastic stresses. The second
stage is characterized by the onset of migration of non-equilibrium grain
boundaries which results partially in an abnormal grain growth. Finally the third
stage is connected with subsequent normal grain growth. Of course, the model
proposed re¯ects the evolution of nanostructures during heating of SPD materials
rather approximately because depending on the rate of heating and time of
annealing di�erent stages are often overlapped. Moreover, the picture is more
complex in the case of SPD alloys due to the formation and decomposition of
supersaturated solid solutions, disordering and reordering during heating.

3.2. A structural model of NSM

The results of the investigations conducted are the basis for development of a
structural model of NSM processed by severe plastic deformation [16]. The subject
of this model is a description of the defect structure (types of defects, their
density, distribution) and atomic crystal structure of NSM and its task is to
explain unusual structural features observed experimentally, namely high internal
stresses, distortions and dilatations of the crystal lattice, disordering of
nanostructured intermetallics, formation of supersaturated solid solutions in
alloys, large accumulated energy and others. All these data can be used as a basis
for explanation and foreseeing of the unique properties of NSM (Section 4). At
the same time, as noted above, typical nanostructures in alloys exposed to SPD
are very complex. A more simple example is pure metals in which non-equilibrium
grain boundaries are considered to be the main element of the nanostructure
resulted from SPD. The structural model of SPD metals can be presented in the
following way.

Non-equilibrium grain boundaries in NSM, due to the presence of a high
density of extrinsic defects in their structure, are characterized by excess energy
and long range elastic stresses. These stresses result in signi®cant distortions and
dilatations of the crystal lattice near grain boundaries which are revealed
experimentally by TEM and X-ray methods. In turn, atomic displacements in near
boundary regions change the dynamics of lattice vibrations and, as a result,
changes such fundamental properties as elastic moduli, Debye and Curie
temperatures and others (Section 4.1).

Assuming that several types of extrinsic defects are present in non-equilibrium
grain boundaries [16,80], namely, stationary GBD with Burgers vectors normal to
a boundary plane, gliding or tangential GBDs with Burgers vectors tangential to
the boundary plane, and disclinations in triple junctions, the structural model of
NSM with a grain size of about 100 nm can be described by a scheme shown in
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Fig. 30(a). In this case one can speak about elastically distorted zones-regions of
the crystal near the grain boundaries, several nanometers in width, and central
portions of grains with a perfect crystal lattice. If the grain size is reduced to 10±
20 nm, then the distortions and dilatation of the crystal lattice embrace the whole
grain (Fig. 30(b)). In this case, the lattice loses its strict periodicity and a
pseudoamorphous structure is formed in NSM. The latter was con®rmed
experimentally by X-ray structural analysis and TEM studies of nanostructured
metals processed by SPD consolidation of ball milled powders with an extremely
small grain size of less than 15±20 nm [21,22,44,45].

Nazarov et al. [103±105] proposed the theoretical description of these model
concepts. Three non-equilibrium assemblies of dislocations are assumed to exist in

Fig. 30. (a) Schematic representation of a ultra®ne grained structure having a mean grain size of about

100 nm. Triangles of di�erent sizes and orientations designate disclinations of di�erent powers and

signs. Disclinations and grain boundary dislocations form elastically distorted layers (zones) near grain

boundaries. (b) Nanostructured pseudoamorphous solid, i.e. a nanocrystal with dislocations disturbed

grain boundaries and highly distorted crystal lattice.
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the grain boundaries of NSM. These assemblies are the following: (1) dipoles of
junction disclinations resulting from accumulation of sessile GBDs; (2) assemblies
of gliding GBDs and (3) disordered arrays of GBDs being a result of non-
homogeneous distribution of lattice dislocations in the grain boundaries. All these
systems of defects initiate long range stress ®elds, whose radius of screening
exceeds signi®cantly a grain boundary width. Each non-equilibrium assembly of
dislocations in the grain boundaries provides an independent contribution to the
elastic strain, excess energy and expansion in a volume of NSM.

In the frame of the given approach the following equations were obtained in the
works mentioned above. They can be used for determination of the root-mean
square elastic strains ei caused by assemblies of dislocations at non-equilibrium
grain boundaries, the excess energy of grain boundary g, and the changes in
volume of nanostructured materials. In the case of disordered arrays of GBDs
these equations have the following form [103,105]:

edisl � 0:13
�����
rv

p
ln�d=b� �9�

g � Gb2 rvd

12p�1ÿ n� ln�d=b� �10�

DV
V
� 0:14b2rvln

�
d

b

�
�11�

where r is the volume density of dislocations in the material, d is the grain size, b
is the Burgers vector, G is the shear modulus, v is the Poisson's coe�cient.

Eq. (11) describes the excess volume of NSM attributed to the presence of
disordered arrays of GBDs. As known [106], due to non-linear e�ects, the
presence of dislocations can result in an expansion of the crystal whose value is
proportional to the elastic energy. This behavior becomes signi®cantly important
in the case of high densities of dislocations typical of SPD metals.

In [105] the following equations for assemblies of disclinations were obtained.
They were used to estimate their contributions to values of the internal elastic
strain e and the excess energy of grain boundaries gex:

ediscl � 0,1hO2i1=2 �12�

gex �
GhOidln 2

16p�1ÿ v� �13�

where O is the power of the disclinations.
Following the works [104,105] let us calculate the contributions of dislocations

and disclinations, as well as all defects, to the root-mean square elastic strain, the
excess energy of the grain boundaries and the increase in the volume of
nanostructured SPD materials.
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It is assumed that a typical value of the density of dislocations in severely

deformed metals has the order of magnitude r � 6� 1015 mÿ2. The power of

disclinations at junctions cannot exceed values 4±68, since these values are

su�cient for initiation of microcracks. Even at less values of O disclinations can

be relaxed initiating a process of grain boundary fracture [105]. Thus, one can

assume that hO2i1=210:03: Further, taking b = 0.25 nm and d = 50 nm from

Eqs. (9) and (12) we obtain edisl
i 15:8� 10ÿ3 and ediscl

i 13� 10ÿ3: Taking into

account an additive character of these values, the root-mean square strains and

elastic stresses of two assemblies can be summed to attain the total results of these

defects. Thus, ei���edisl
i �2��ediscl

i �2�1=216:5� 10ÿ3: Similar values of the root-mean

square strain were observed in nanocrystalline Ni3Al with a grain size of about 50

nm [59].

To estimate the excess energy of grain boundaries in SPD Al alloy one can

accept G = 2.65 � 10ÿ4 MPa, b = 0.29 nm and d = 100 nm. From Eqs. (10) and

(13) we obtain gdisl
ex � 0:30 J/m2 and gdiscl

ex � 0:05 J/m2 for the case under

consideration. Thus, the total excess energy of defects is equal to gex � 0:35 J/m2.

The change in the volume of the material caused by internal stresses is

proportional to the elastic energy with a coe�cient of proportionality depending

on the material. To a ®rst approximation this coe�cient can be considered similar

both for dislocations and disclinations. Consequently, in Al the increase in the

volume due to disclinations is less than due to dislocations by approximately a

factor of 6. From Eq. (11) it follows that �DV=V �disl14� 10ÿ4 and

�DV=V �discl10:7� 10ÿ4, hence the total dilation caused by defects is equal to

DV=V14:7� 10ÿ4: The experimental values of the increase in the volume

measured during dilatometric studies of the SPD Al alloy with a similar grain size

have the order of magnitude 10ÿ3 [83], i.e. rather close to the calculated value.

Analogously, in the case of Cu with a grain size of 200 nm, the following value

of the excess energy of grain boundaries can be obtained from Eqs. (10) and (13):

gex11:2 J/m2. This corresponds to the accumulated energy 1.35 J/g. At the same

time the measurements by means of the method of di�erential scanning

calorimetry show that during heating of Cu processed by SPTS a value of heat

release is equal to 4.58 J/g [107], i.e. it is also close to the calculated value.

In works [100,103,105] were shown the possibilities of applying the concept of

non-equilibrium grain boundaries to numerical description of kinetic processes

occurring during heating of nanostructured materials, namely low temperature

grain growth [100] and the results of dilatometric measurements [71].

Of course, the developing model concepts of non-equilibrium grain boundary

defects are still rather simple in character since they consider two and not three-

dimensional dislocation assemblies. Moreover, the substituting parameters

describing the defect structure of NSM, namely, density of GBDs, their Burgers

vectors and others, have only approximate values. At the same time, the new

concepts have possibilities for numerical estimates as well as the potential for

providing qualitative explanation of basic physical properties of NSM (Section 4)

demonstrating their physical reality and usefulness.
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4. Properties of nanostructured SPD materials

As already mentioned, the increased interest in nanostructured materials is
associated with foreseeing new advanced physical and mechanical properties
attributed to their unusual structure. At present it has already been established
that many fundamental properties undergo signi®cant changes both in
nanostructured materials processed by SPD methods and in nanocrystals
processed by other methods, for example by gas condensation [2]. Among these
properties the most interesting are changes in Curie and Debye temperatures and
saturation magnetization, being commonly structure insensitive, and usually
re¯ecting changes occurring in the atomic crystal structure of solids. Another
example is the change in elastic properties which are determined by interatomic
interactions as well.

One more important direction, which has been developed intensively in recent
years, is investigation of mechanical properties of nanostructured materials. In
terms of mechanical properties the formation of nanostructures in various metals
and alloys should lead to a high strength of these materials according to the well-
known Hall±Petch relationship [108,109] and occurrence of low temperature and/
or high strain rate superplasticity [110,111]. Such great interest to physics of
strength and plasticity of ultra ®ne-grained materials is caused by a possible
change in mechanisms of plastic deformation since, according to theoretical
estimates, initiation and movement of dislocations may be prohibited in grains of
a nanometric size [108,112]. In terms of practical application one can expect
engineering of new advanced high strength materials and achievement of enhanced
superplastic properties.

Until now the majority of investigations relating to mechanical properties of
nanocrystals dealt with measurements of microhardness in small samples.
However, the data obtained were rather contradictory. For example, in some
works [113,114] a negative deviation from the Hall±Petch relationship was
observed in the case of small grains while in other works [115,116] an opposite
tendency was revealed. One of the reasons responsible for such contradiction can
be residual porosity or contaminations in samples, processed via consolidation of
di�erent powders. In this connection, great interest in the processing of bulk fully
dense samples of nanostructured metals and alloys is quite natural. The
fabrication of such materials by means of SPD methods provided an opportunity
to start systematic studies of their mechanical properties.

Below we consider the main results of investigations relating to the fundamental
parameters of nanostructured materials processed by SPD methods as well as their
mechanical properties at room and elevated temperatures.

4.1. Fundamental parameters

Values of some fundamental parameters of nanostructured SPD materials in
comparison with coarse-grained analogous are given in Table 3. It is seen that the
formation of nanostructures leads to changes in fundamental magnetic
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characteristics such as the Curie temperature and saturation magnetization.
Though these properties are characteristics of ferromagnetic materials,
nevertheless, they re¯ect features of a nanostructured state.

Signi®cant changes were revealed also in the value of the Debye temperature
which was measured by means of X-ray methods and MoÈ ssbauer spectroscopy. As
shown below, the Debye temperature in the near boundary region can be
estimated on the basis of a structural model. The decrease revealed in the Debye
temperature manifests an increase in the dynamic properties of atoms which are
attributed to changes in the di�usion coe�cient as well. As an example, the data
for di�usion coe�cient of copper in the nanostructured nickel processed by ECA
pressing are presented in Table 3.

Among other parameters, changes which are attributed to a nanostructured
state, are elastic moduli and ultimate solubility of carbon in a-Fe (Table 3). Let us
consider possible reasons for the changes occurred.

4.1.1. Curie temperature and saturation magnetization
The ®rst studies of nanostructured nickel processed by SPTS of monolithic

samples demonstrated that a value of saturation magnetization at room
temperature was less than in coarse-grained nickel by 3±5% [117,118]. Moreover,
investigations of nanostructured nickel with a mean grain size of less than 20 nm
which was processed by SPD consolidation of ball-milled powder [119] revealed
even more signi®cant changes in magnetic characteristics.

The curves of the temperature dependence of saturation magnetization for
nanostructured nickel showed that each cycle consisting of heating up to di�erent
temperatures, holding and cooling, results in a change of a curve shape (Fig. 31).
In particular, saturation magnetization of the nanostructured nickel after SPD
consolidation was less than in the coarse-grained one by 31%. In the
nanostructured nickel subjected to annealing at intermediate temperatures from
473 to 873 K one can observe a gradual recovery to a value of saturation
magnetization typical of a coarse-grained state. Moreover, in the sample subjected
to annealing one can observe some changes in the shape of the ss�T � curves. In

Table 3

Some fundamental properties of metals in nanostructured (NS) and coarse-grained (CG) states

Properties Materials Value Reference

NS CG

Curie temperature, K Ni 595 631 [119]

Saturation magnetization, Am2/kg Ni 38.1 56.2 [119]

Debye temperature, K Fe 240a 467 [98]

Di�usion coe�cient, m2/s Cu in Ni 1 � 10ÿ14 1 � 10ÿ20 [126]

Ultimate solubility at 293 K, % C in a-Fe 1.2 0.06 [57]

Young's modulus, GPa Cu 115 128 [130]

a For near boundary regions.
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particular, after annealing at 373 K one can see a small bend which testi®es to the
existence of another magnetic phase with lower Curie temperature [119].
Annealing of the sample at a higher temperature resulted in disappearance of such
a bend and the ss�T � curves acquired a more usual convex shape.

The character of changes occurring in the Curie temperature seem rather
interesting as well. For example, after annealing at 573 K the Curie temperature
was 607 K which is signi®cantly lower then the standard Tc for pure nickel equal
to 631 K. The complete recovery of Tc to its usual value 631 K was observed only
after annealing at 873 K.

To reveal the in¯uence of the process of consolidation on changes in magnetic
properties of nanostructured nickel, the ss�T � dependence of the powder subjected
to ball milling was investigated as well. From Figs. 31 and 32 it is seen that the
shape of the ss�T � dependence for this powder was similar to the one for the
compacted sample. However, in the case of the powder the maximum di�erence

Fig. 31. Temperature dependences of saturation magnetization ss�T � for one and the same nickel

sample processed by SPD consolidation of powder after ball milling (curve 1), heating to temperature

373 K (curve 2), 473 K (curve 3), 723 K (curve 4), 873 K (curve 5) and 1073 K (curve 6) holding and

cooling at di�erent temperatures.
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between ss in starting and annealed states was only 16%, while its Curie
temperature after annealing at 573 was 618 K.

The decrease in ss and Tc observed in the powder and the sample subjected to
SPD consolidation cannot be connected only with a small grain size in the
structure of the nickel, since the grain size was similar in both cases. At the same
time their magnetic characteristics di�ered signi®cantly. On the other hand, as
noted above, signi®cant distortion of the crystal lattice was typical to the nickel
under study, and after SPD these distortions were more signi®cant. As a result,
the structure of the nanostructured SPD nickel approaches the structure where the
distribution of atoms inside a grain interior becomes not fully periodic (Section
3.2). Similar to the amorphous state [120], a non-periodic character can lead to a
sharp decrease in ss and Tc values. The presence of a wide spectrum of
interatomic distances in some crystal area is responsible for signi®cant changes in
exchange energy due to its special sensitivity to atom±crystal structure [121]. This,

Fig. 32. Temperature dependence of saturation magnetization ss�T � for ball milled nickel powder in

the initial state (curve 1), after heating to temperature 373 K (curve 2), 473 K (curve 3), 723 K (curve

4), 873 K (curve 5) and 1073 K (curve 6) holding and cooling at di�erent temperatures.
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in turn, decreases spontaneous magnetization within the whole volume of the
ferromagnetic phase and lowers the value of the Curie temperature. The decrease
in crystal lattice distortion starts during heating even prior to the onset of
intensive grain growth and this results in recovery of the values of magnetization
and the Curie temperature [119].

4.1.2. Debye temperature
In SPD metals the Debye temperature has been determined on the basis of the

dependence of the Debye±Waller parameter on temperature [94]. The results of
calculations showed that for nanostructured nickel the Debye temperature was 293
K, being signi®cantly less than the usual value for nickel equal to 375 K. At the
same time, the Debye temperature in nanostructured copper was equal to 233 K
which is less than the usual value by 23%.

Changes in the Debye temperature were ®rst revealed in nanostructured metals
fabricated by gas condensation [2,122]. It was assumed that such changes in the
Debye temperature are attributed to an increased amplitude of thermal vibrations
of atoms in grain boundaries and an elevated concentration of point defects in
near grain boundary regions.

The grain size in nanostructured copper and nickel processed by SPD is usually
signi®cantly larger than the grain size in typical nanocrystals processed by gas
condensation. Due to that, the changes in the Debye temperature observed in
these materials cannot be connected only with atoms in grain boundaries since
their amount is not su�cient for that. However, due to non-equilibrium grain
boundaries and long range elastic stress ®elds, nanostructured SPD materials
display elevated static and dynamic atomic displacements in some zone Ð near
boundary regions (Section 3.2). Taking into account this fact one can assume that
the main reason for decreasing the Debye temperature in nanostructured SPD
copper and nickel is its reduced value in elastically distorted near boundary
regions, whereas inside the grain interiors the Debye temperature is similar to that
in coarse-grained samples.

The results of calculation [94] of the Debye temperature in near boundary
regions gave a value of 127 K for nanostructured nickel which is signi®cantly
lower (almost by 200 K) than the corresponding normal value for nickel.

An analogous conclusion has been made recently on the basis of the results of
MoÈ ssbauer studies of nanostructured iron processed by SPTS [98] (Section 3.1). In
this case the relative intensity of subspectra of grain boundary and granular
phases was studied at di�erent temperatures and it was established that the Debye
temperature of the grain boundary phase in the nanostructured iron is also lower
than in coarse-grained iron by 2008C.

The lower Debye temperature in near boundary regions of nanostructured SPD
materials shows the increased dynamic activity of their atoms. As a result one can
expect enhanced di�usion rates.

4.1.3. Di�usivity
Di�usion processes occurring in nanostructured materials were an object of
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intense studies [123±125]. However, the obtained experimental results are
ambiguous due to structural varieties during the process of di�usive experiments.
However, the sharp acceleration of di�usion in these materials is not in any
doubt.

The kinetics of di�usion processes in nanostructured SPD materials were
investigated in several works [126±128]. In particular, the investigations of copper
di�usivity in nanostructured nickel having a copper coating were conducted in
[126]. Experiments on determination of the depth of copper penetration into
nickel were conducted by means of secondary ion mass-spectroscopy.
Comparative di�usion experiments were conducted at temperatures of 423 and
523 K for 3 h using ECA-pressed nanostructured and coarse-grained nickel.

Under the given conditions copper atoms were not detected in the coarse-
grained nickel even at a depth of 2 mm. At the same time, the di�usive copper
¯uxes in nanostructured nickel penetrated to a depth greater than 25 and 35 mm
at 423 and 573 K, respectively (Fig. 33). The calculations of the grain-boundary
di�usion coe�cients of copper in nanostructured nickel were based on these data.
The volume di�usion was assumed to be practically absent.

Fig. 33. Concentration pro®les of copper penetration into nanostructured nickel: 1ÿ T � 423 K;

2ÿ T � 573 K.
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At 423 K grain boundaries were found not to migrate in nanostructured Ni.
Accordingly, the di�usion coe�cient could be determined using the equation
describing the change of the grain-boundary impurity concentration vs time in the
C regime [129]:

c � c0erfc
x

2
��������
Dbt
p �14�

where c0 and c are the concentrations of copper on the source's surface, x is the
depth, respectively and t is the time of the di�usion anneal. The value x is the
distance from the surface at which log c � ÿ1 (c = 0.1%, which corresponds to
the resolution limit of the SIMS unit). The value of c0 was obtained by
extrapolation of the experimental concentration curve at x40: In this case Db �
1� 10ÿ14 m2/s (t = 3 h).

During annealing at 573 K grain growth occurs in nanostructured nickel.
Reasoning from kinetics, it was estimated the nickel grain boundaries migrate
with a velocity of V17� 10ÿ11 m2/s. In this case Db could be calculated from the
equation [129]:

c � c0exp

�
ÿ x

��������������
V=Dbb

p �
�15�

Considering the di�usion width of the boundary b � 10ÿ8 m one can obtain that
Db � 1:4� 10ÿ12 m2/s.

These experimental data demonstrate the increase in the grain boundary
di�usion coe�cient of copper in nanostructured nickel in comparison with the
coarse-grained nickel. According to the data presented in [126] this di�erence is of
4±6 orders.

The enhanced di�usivity and permeability of grain boundaries which was
revealed in other nanostructured SPD materials [127,128] is important evidence
for a speci®c structure of their boundaries. Further investigation aimed at
developing numerical models of di�usivity in nanostructured materials are very
urgent. At the same time one can assume that the concept of non-equilibrium
grain boundaries suggesting their enhanced free volume, excess energy and long
range stresses should be important for these investigations (see Section 3.2).

4.1.4. Elasticity
The detailed studies of the elastic properties of nanostructured copper samples

processed by ECA pressing were conducted in [130], where elastic moduli were
determined by means of an ultra sound method. To estimate the possible
anisotropy of elastic properties attributed to texture which occurs during
deformation the measurements of the velocity of longitudinal waves were made in
three space directions. The measurements of transverse waves were made in two
opposite polarizations in the plane of vibrations.

The conducted investigations showed that three speci®c regions can be
distinguished on curves of the dependence of velocities of longitudinal and
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Fig. 34. Velocities of longitudinal (a) and transverse (b) ultra sound waves in three mutually

perpendicular directions (the x axis is along the axis of deformation) depending on temperature of

annealing for copper samples (purity 99.997%). Analogous dependencies for copper (purity 99.98%)

are marked by dash lines a:1ÿ vx, 2ÿ vy, 3ÿ v2; b:1ÿyo 2ÿ vy2, 3ÿ v2x, 4ÿ v2y, 5ÿ vx2, 6ÿ vxy



transverse ultra sound waves on temperature of annealing for nanostructured
copper (purity 99.997%) (Fig. 34). In the ®rst region (up to T = 1008C) no
signi®cant changes in the velocity of longitudinal waves are observed, while the
velocity of transverse waves in two directions, one in the direction of polarization,
are slightly increased. At the same time a small distinction between the absolute
values of the velocity along di�erent directions of penetration is observed. This
distinction is evidently connected with the texture of deformation.

Annealing at temperatures about 1258C leads to a sharp increase in sound
velocity along all directions. The velocity of longitudinal waves is increased by 3%
and that of transverse ones by 8%. With increasing temperature of annealing up
to 1508C and higher (up to 5008C) changes in the values of velocity are
insigni®cant. The character of changes of sound velocities with increasing
temperature of annealing for copper with a purity of 99.98% is similar to the one
of copper with a purity of 99.997% (Fig. 34), though the decrease in the material
purity results in an increase of the temperature at which a sharp rise in sound
velocities is observed, up to 1758C.

The measurements of ultra sound velocities obtained were used to calculate
elastic moduli. As compared to coarse-grained copper, values of these moduli in
nanostructured copper were lower by 10±15% [130]. The comparison of the elastic
moduli behavior after annealing with TEM data allowed the conclusion that the
transformation of non-equilibrium grain boundaries to an equilibrium state is
responsible for the main recovery of elastic moduli in nanostructured copper,
whereas with increasing grain size to more than 1 mm elastic moduli show almost
no change.

Following [130] let us consider the possible reasons for such large changes in
the elastic moduli of nanostructured copper after annealing. The analysis of
various mechanisms showed that neither internal stresses nor lattice dislocations
can cause such changes in elastic moduli. At the same time, if it is assumed that
the elastic moduli of near boundary regions di�er from the elastic moduli of an
ideal crystal, then the overall moduli of nanostructured material could be
combinations of the elastic moduli of the matrix and of the near grain boundary
region. In this case, since near boundary regions constitute a signi®cant volume of
nanostructured materials, a noticeable change of moduli is observed in these
materials. The estimates showed that the change in elastic moduli observed in
nanostructured copper can be explained if we accept that the value of the elastic
modulus of the near boundary regions is 15±17% of the value of the elastic
modulus in coarse-grained metal.

Lower values of elastic moduli in copper and copper composites exposed to
ECA pressing were also revealed in other works [131±133] where the ultra sound
method and measurements of internal friction were used.

4.1.5. Internal friction
The study of internal friction in nanostructured copper processed by ECA

pressing was considered in works [133,134] dealing with investigations of its
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amplitude and temperature dependence by means of a method of a torsion
pendulum.

It was revealed that a high level of the background internal friction is observed
in nanostructured copper. The level of background in nanostructured copper is
higher than in coarse-grained copper processed by annealing at high temperatures,
by a factor of 4±5. Simultaneously it is higher by a factor of 2±3 as compared to
the level of damping for gray cast iron (50 � 10ÿ4) being a criteria for damping
[135,136].

For determination of the temperature dependence of internal friction [133]
ECA-pressed Cu was ®rst heated from 4 to 400 K. Then the sample was cooled to
4 K and the measurements were conducted again during heating to a higher
temperature of 500 K. Such experimental procedure was performed several times
with an upper temperature increased subsequently up to 500, 600 and 650 K, i.e.
measurements were made over several cycles.

The results showed (Fig. 35) that the internal friction behavior of
nanostructured copper (curves 1 and 2) di�ered signi®cantly from coarse-grained
copper (curve 4). In particular, in nanostructured copper the onset of the intense
growth of the internal friction is signi®cantly lower (by 120 K) and the curve has
a strong maximum at 475 K. The presence of this peak which is called a grain
boundary peak, is conditioned by intensi®cation of grain boundary sliding in the
material. According to [133,134] the signi®cant di�erence in temperature
dependence of internal friction revealed between nanostructured and coarse-
grained copper can be attributed not only to di�erent grain size but also to
transformation of non-equilibrium grain boundaries to an equilibrium state during
annealing above 500 K.

In conclusion we can summarize that the recent investigations demonstrate a
number of anomalies of fundamental characteristics in nanostructured SPD
materials. These changes are associated not only with small grain sizes but also

Fig. 35. Temperature dependencies of internal friction of nanostructured copper measured at

consequent cycles of heating (the low temperature region is given with 10 � magni®cation of an

internal friction scale): 1,2,3,4 Ð internal friction during heating from 4 to 400, 500, 600, 650 K,

respectively.
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with speci®c defect structure connected with non-equilibrium grain boundaries.
Therefore, the modeling of nanostructured materials (Section 3.2) can be useful
for explanation of such anomalies.

4.2. Mechanical properties and behavior

Mechanical properties of nanostructured materials have a special interest among
researchers in the material science due to their expected enhanced strength and
superplastic properties. However, nanocrystalline materials with a grain size of
20±40 nm fabricated using methods of gas condensation or ball milling with
subsequent consolidation usually exhibit low tensile ductility and are apt to strong
localization of strain [3,5]. It is still di�cult to say unambiguously whether this is
caused by poor consolidation or whether some intrinsic physical reason is
responsible. In this connection, the results of investigations concerning mechanical
behavior of nanostructured metals and alloys processed by SPD methods seem
very interesting and useful. These results are given in the present section. Special
attention is focused on investigations of the in¯uence of speci®c defects in the
nanostructure on the high strength and fatigue behavior which are investigated at
room temperature, as well as superplastic properties revealed at elevated
temperatures.

Fig. 36. True stress±strain curves in nanostructed copper at room temperature: (a) tension, (b)

compression.
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4.2.1. Strength behavior
Let us ®rst consider the results of mechanical tests of nanostructured copper

which was used as a model material in a number of recent investigations
[48,52,109,137]. As shown in Section 2, ECA pressing of copper conducted using
optimal regimes can lead to the formation of a uniform nanostructure with a
mean grain size of 200±300 nm and mainly high angle grain boundaries. However,
these boundaries are essentially non-equilibrium. Fig. 36 shows true stress±strain
curves of ECA pressed copper in tension and compression in comparison with
curves from fully annealed Cu after 1 h at 773 K [109,137]. As compared to the
well annealed coarse-grained state (Fig. 36(a)), the behavior of nanostructured
copper, is characterized by two signi®cant distinctions: ®rstly, there is a very high
value of yield strength close to 400 MPa, and, secondly, there is signi®cantly less
strain hardening, though ductility is still high. Fig. 36(b) shows the stress±strain
curve for the ECA pressed Cu sample before and after short annealing at 473 K
for 3 min. Such short annealing does not lead to a noticeable growth of grains,
but results in recovery of the defect structure of the grain boundaries and a sharp
decrease of internal stresses [137]. In spite of the similar grain size, there is a
signi®cant di�erence in the deformation behavior of these two states. After short
time annealing the stress±strain curve becomes similar to that of the coarse-
grained copper. This result is very important and shows that not only the mean
grain size but also the high density of defects in the grain boundaries can in¯uence
the strength properties of nanostructured materials.

Analysis of the origin of these e�ects [52,109] shows that it can be connected
with enhanced processes of recovery at grain boundaries and a change in
deformation mechanisms in nanostructured metals. The density r of dislocations
during deformation is expressed by the equation [52]:

r � a � _e � t
b � d �16�

where b is the Burgers vector, d is the grain size, _e is the strain rate, a is a
geometric factor and t is the time of absorption of dislocations by grain
boundaries.

Taking r11015 mÿ2, b = 2.5 � 10ÿ10 m, d = 2.1 � 10ÿ7 m, _e � 1:4� 10ÿ3 sÿ1

and a � 2:4, in Eq. (16), we obtain t � 15 s.
In accordance with models of recovery at grain boundaries [138,139] the t value

is described by the equation:

t � 0:03 � K � T �H
G � O �Db � d �17�

where K is Boltzmann's constant, T is the absolute temperature, G is the shear
modulus, d � 10ÿ9 m is the grain boundary thickness, O is the atomic volume, H
= 30 nm is the distance of spreading of a dislocation image at grain boundaries
in TEM before disappearing [70,138]. Assuming Db � D0exp�ÿQ=RT �, where
D0 � 2:35� 10ÿ5 m2/s, the value of activation energy of grain boundary di�usion
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in the ultra ®ne-grained copper is Q = 78 kJ/mol [52]. This value is lower than
the activation energy for grain boundary di�usion in conventional coarse-grained
copper which is Q = 107 kJ/mol. These data as well as the results of other
investigations (Section 3.1) testify to the enhanced di�usivity in grain boundaries
in nanostructured materials. In turn, the accelerated di�usion leads to
intensi®cation of processes of recovery at grain boundaries and the development
of grain boundary sliding which can be responsible for the observed absence of
noticeable strain hardening during deformation of ultra ®ne-grained metals. On
the other hand, a high value of yield strength is probably connected with
di�culties of dislocation generation from non-equilibrium grain boundaries in
nanostructured metals [100]. From this point of view the in¯uence of short time
annealing at 473 K on a sharp decrease in the yield strength and appearance of
strain hardening in the ultra®ne-grained copper (Fig. 35(b)) can be explained by
the fact that at grain boundaries with more equilibrium structure the dislocation
generation is facilitated and the rate of recovery at these grain boundaries is
decreased.

Another interesting example of the deformation behavior of nanostructured
materials is the mechanical properties of titanium subjected to severe torsion
straining [50]. The samples fabricated had a disc shape, about 10 mm in diameter.
That is why bending tests were used for their investigation. The tests conducted
resulted in obtaining interesting data on the yield strength �sy), the ultimate
strength �su� and the maximum value of de¯ection �D).

By TEM studies of titanium subjected to severe torsion straining (Fig. 37) it
was revealed that their mean grain size is about 100 nm. The TEM studies also
revealed high angle misorientations of neighboring grains. A complex non-uniform
contrast inside the grains was observed on dark ®eld images. This shows the

Fig. 37. TEM micrograph of titanium subjected to severe torsion straining.
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presence of signi®cant elastic strains and strong distortions of the crystal lattice.
As TEM shows, noticeable structural changes start in the SPTS Ti during
annealing at a temperature of 2508C and above. These changes concern, ®rst of
all, decrease of distortions of the crystal lattice which are observed distinctly on
the dark ®eld image. In this case, the mean grain size appears to become a bit
larger, though migration of the grain boundaries has not started yet. The growth
of grains in titanium subjected to SPD starts after annealing at T = 3508C. Grain
boundaries become straighter and a banded contrast, typical of equilibrium
annealed boundaries, is often observed.

The results of measurements of microhardness and bending tests (Fig. 38)
showed that after SPD the microhardness and strength of titanium achieved their
maximum values which were higher than in the annealed coarse-grained state by a
factor of 3. After subsequent annealing Hv remains almost constant up to 300±
3508C, but then, above 3508C decreases sharply. At the same time, the yield
strength decreases signi®cantly after annealing at 2508C. The ductility of
nanostructured titanium measured on the basis of the maximum de¯ection in
bending is small in the initial state but increases signi®cantly after annealing and
is equal to 0.33 mm at 2508C. The maximum values of Hv and the ultimate
strength are observed at this temperature too. Such a combination of very high
strength and signi®cant ductility of the material is very attractive for its practical
application.

On the basis of the results obtained one can make two conclusions. First, it
becomes evident that the known empirical relationship Hv � 3sy is not ful®lled in
nanostructured materials if initial and annealed states are investigated. This can be
explained as follows. The yield strength corresponds to the onset of plastic
deformation i.e. a mean strain of <1%, but microhardness corresponds to a mean
strain of 9±10% [140]. Consequently, one can expect that in the case of strong
variations in strain hardening there will be signi®cant di�erences in the Hv ÿ sy

Fig. 38. Dependence of a mean grain size and mechanical properties of nanostructed titanium on the

annealing temperature.
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dependence between annealed samples, where deformation strengthening is
signi®cant and initial nanostructured ones, where deformation strengthening is
insigni®cant. These results indicate that the Hv � 3sy relationship should be used
rather cautiously for investigations of mechanical properties of NSMs.

Second, the yield strength in nanostructured materials varies substantially
depending on the defect structure of the grain boundaries (see, for example, Figs.
36 and 38), while the grain size remains the same, indicating the necessity to
consider the role of the defect structure in investigation of the Hall±Petch
relationship. Evidently, it is lack of attention to the structure of the grain
boundaries that can explain the existence of contradictions in the data available
on this matter [108].

The application of severe plastic deformation in alloys can provide even higher
strength properties due to concurrent formation of nanostructure and metastable
states and subsequent aging.

For example, to attain high strength in the 1420 aluminum alloy (Al-5.5%Mg-
2.2%Li-0.12%Zr) [141], the alloy was exposed sequentially to quenching, severe
torsion straining, and aging at 1208C. The temperature of aging was chosen with
concurrent aims of preserving small grain size and providing precipitation of ®ne
dispersed particles of second phases. Structural investigations of the alloy after
quenching showed the absence of second phase particles. At the same time it was
revealed that the mean grain size of the aluminum base matrix alloy is equal to 10
mm. The microhardness of the samples after quenching was 540 MPa in this case
(Table 4).

SPTS of the 1420 alloy led to the formation of a nanostructure with a mean
grain size of 70 nm (Fig. 39) [141] having a high level of internal elastic stresses
and strong distortions of the crystal lattice. After SPD there was a signi®cant
increase in the microhardness of the alloy up to 1750 MPa. This level of
microhardness was preserved even after of annealing for 30 min at 1508C. As the
temperature of annealing was increased a signi®cant decrease in the microhardness
of the alloy was observed. This decrease is connected with relaxation of the
structure and the onset of grain growth. Aging of samples at 1208C for 24 h did
not change the mean grain size of the matrix alloy but resulted in precipitation of
second phase particles having a size of about 20 nm. The microhardness of the
nanostructuctured 1420 alloy after aging was increased to 2300 MPa in this case.

The processes of aging occurring in Al±Fe based alloys are also rather
interesting. The components of these alloys are immiscible in the cast state but
can form a supersaturated solid solution after severe plastic deformation (Section

Table 4

Microhardness of aluminum alloys (MPa) before and after SPTS

Alloy 1420 Al-11wt%Fe

As-quenched 540 ±

After severe straining 1750 1650

After aging 2300 3020

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189160



F
ig
.
3
9
.
T
E
M

m
ic
ro
g
ra
p
h
s
o
f
A
1
1
4
2
0
a
ll
o
y
a
ft
er

q
u
en
ch
in
g
a
n
d

se
v
er
e
to
rs
io
n

st
ra
in
in
g
:
(a
)
b
ri
g
h
t
®
el
d

im
a
g
e
a
n
d

d
i�
ra
ct
io
n

p
a
tt
er
n
,
(b
)
d
a
rk

®
el
d

im
a
g
e.

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189 161



2.2) [142]. For example, the Al-11%Fe alloy in the initial cast state had a dendrite
type structure containing the aluminum matrix phase with a mean grain size of
about 15 mm and the Al13Fe14 dendrite phase with a monocline type structure.
SPD resulted in a homogeneous ultra ®ne-grained structure in which the
aluminium matrix had a mean grain size of about 100 nm and the Al13Fe14 was
homogeneously distributed in the form of separate particles, 0.3±1 mm in size. The
EDS analysis of the Al matrix showed that it contained additionally 2.2 wt%Fe in
the solid solution (Fig. 40), whereas the amount of Fe in particles of the Al13Fe14
phase was 22.6 at%.

The microhardness of the alloy in the initial state was 750 MPa, but after SPD
it was 1650 MPa, and increased signi®cantly after annealing at 1008C for 5 h
(Table 4). The latter shows the e�ect of intensive aging of the alloy. After aging
the microhardness in the Al-11%Fe alloy exceeded 3000 MPa.

4.2.2. Fatigue
Fatigue is the cyclic mechanical behavior of materials, and an increase in

strength of metals and alloys in the nanostructured state allows one to expect an
increase in fatigue strength as well. However, our present knowledge of the fatigue
behavior of nanostructured materials is rather poor and requires further expansion
[143±145]. It has been shown that the formation of nanostructures from SPD
results in a signi®cant increase in fatigue strength and durability (Section 4.4), but
some data obtained on low cyclic fatigue of copper [144,145] subjected to ECA
pressing seem contradictory. The fatigue behavior of copper processed by ECA
pressing over the strain value range Depl � 4� 10ÿ4 ÿ 1� 10ÿ3 was studied in the
work [145]. In Fig. 41 one can see curves of cyclic behavior of four copper
samples: two samples after ECA pressing, the third sample after additional short
time annealing at 473 K for 3 min, its grain size remaining the same, and ®nally,
the fourth sample after annealing at 773 K which results in signi®cant grain

Fig. 40. EDS spectrum of the A1-11%Fe alloy subjected to severe torison straining: (a) spectrum from

the matrix, (b) spectrum from the A113Fe4
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Fig. 41. Fatigue behavior of nanostructured copper: (a) curve of cyclic strengthening, (b) changes in the

parameter of Bauschinger energy depending on accumulated plastic deformation.

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189 163



growth, up to 50 mm. It is seen that after several cycles saturation is observed in
all samples, but the saturation stresses, hsi, di�er substantially.

Signi®cant di�erences in fatigue behavior of ultra ®ne-grained and coarse-
grained copper are seen in Fig. 41. Changes in the Bauschinger energy bE which
depends on accumulated plastic deformation are shown in this ®gure. The value
bE was calculated from the shape of the hysteresis loop by means of the equation
[145]

bE �
2sp � Depl ÿ

�
loop

s � de�
loop

s � de
�18�

where sp is the maximum stress attained at tension and compression, Depl is the
amplitude of cyclic deformation.

The larger the value of bE, the greater is the Bauschinger e�ect. From Fig. 41 it
is seen that in all states bE weakly depends on accumulated deformation but its
maximum value is observed in the ECA-pressed Cu subjected to additional short
time annealing. This attests to a noticeable in¯uence of recovery of the non-
equilibrium state of the grain boundaries on the fatigue behavior of the ultra ®ne-
grained copper.

In contrast, cyclic softening similar to conventional cold deformed copper was
manifested by ECA-pressed copper in [144]. Special investigations were conducted
recently in [146] to reveal the reasons responsible for these di�erences in fatigue
behavior of Cu after ECA-pressing. As noted in Section 2.2, di�erent types of
nanostructure can be formed depending on the regimes of ECA pressing. These
nanostructure types di�er signi®cantly in their homogeneity within the sample
volume and in the misorientations of the grains. This approach was used in [146]
where the comparative behavior of two types of ECA-pressed copper samples was
studied. One sample had a rather homogeneous ultra ®ne-grained structure, while
in the other there were banded structures with elongated grains and fragments of
low angle grain boundaries. The fatigue tests showed that under conditions of a
constant amplitude of deformation a stage of cyclic saturation (strengthening) is
observed in the ®rst sample, while in the second sample a stage of cyclic
dishardening (softening) is observed. Moreover, signi®cant di�erences in the
Bauschinger energy as well as in strain localization and surface morphology were
also observed in these samples. The results obtained demonstrate the signi®cant
in¯uence of the nanostructure type resulting from SPD on fatigue behavior and
this question requires further investigations.

4.2.3. Superplasticity
Superplasticity of materials is a phenomenon of very high ductility providing

hundreds and thousands elongation during tension (the most rigid mode of
mechanical tests) which is observed in microcrystalline materials with a grain size
being usually less than 10 mm and deformed in a de®nite temperature±strain rate
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interval, as a rule, T � 0:5±0:6Tm �Tm is the melting temperature) at the strain
rates 10ÿ3±10ÿ4 sÿ1 [147,148].

It is also well-known that superplastic ¯ow of such microcrystalline materials is
often described by a constitutive equation of the form:

Fig. 42. TEM micrograph of Ni3A1 alloy after severe torsion straining and annealing at 6508C: (a)
bright ®eld image; (b) microdi�raction pattern of two neighboring grains, indicated by arrows; (c)

HREM micrograph of typical grain boundary.

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189 165



_e � A
D � G � b
K � T

�
b

d

� p�
s
E

�n

�19�

where _e is the strain rate, D is the coe�cient of grain boundary di�usion, G is the
shear modulus, b is the Burgers vector, K is the Boltzmann constant, T is the
temperature of testing, d is the grain size, p is the grain size exponent (usually
equal to 2), s is the ¯ow stress and n is the stress exponent.

Based on this constitutive law of superplastic ¯ow one can expect [149,150] that
a decrease in grain size should provide a sharp increase in superplasticity at
relatively low temperatures and/or high strain rates. Therefore the development of
SPD methods for processing of nanostructured materials has provided new
opportunities in investigations of superplasticity in metallic materials and gave a
possibility to begin systematic experimental studies in this ®eld [111]. These
investigations were started in two directions: ®rst, processing of bulk large billets
with homogeneous structure with a grain size of less than a micrometer
(submicrocrystalline level) by means of ECA pressing or multiple forging;
secondly, processing of nanocrystalline structures in small discs by means of
severe plastic torsion straining.

We shall consider below some achievements in this area and comparative
features of superplastic behavior of several ultra ®ne-grained alloys processed by
two techniques Ð ECA pressing and severe torsion straining.

4.2.3.1. Nanocrystalline alloys. Superplastic behavior was studied in alloys, because
nanostructures are characterized usually by low stability at elevated temperatures
and, in fact, nanocrystalline pure metals are unstable often even at room tempera-
ture. However, nanostructures in alloys and intermetallics are more stable. Such
structures were processed in the boron doped intermetallic Ni3Al (Ni-3.5%Al-
7.8%Cr-0.6%Zr-0.02%B) [151] and the light weight aluminium alloy 1420 (Al-
5.5%Mg-2.2Li-0.12%Zr) [152,153] by means of torsion straining. This technique
(see Section 2.1) has the advantage of producing small discs (12 mm in diameter
and 0.5 mm in thickness) having uniform nanoscale microstructures. Tensile speci-
mens of 1 mm gauge length were electro discharge machined from torsion strain-
ing processed discs. The tensile tests were performed on a custom-built computer-
controlled constant strain rate testing machine [151,153].

After torsion straining a strong re®nement of structure was revealed in
intermetallic Ni3Al. The mean grain size was about 50 nm. This value remained
almost unchanged after annealing at T = 6508C (Fig. 42(a)), and even after
heating to 7508C the grain size did not exceed 100 nm. Microdi�raction patterns
taken from two neighbouring grains show that they are characterized by high
angle misorientations (Fig. 42(b)). Moreover, the appearance of some extra spots
on the di�raction patterns indicates a reordering in the alloy subjected to
annealing at 6508C. TEM/HREM observations indicated that the grains are
almost free from lattice dislocations, but the grain boundaries still retained their
non-equilibrium character because they are usually wavy and contained many

R.Z. Valiev et al. / Progress in Materials Science 45 (2000) 103±189166



defects, such as facets, steps and grain boundary dislocations (Fig. 42(c)). This
behavior as shown in Section 2.2, is typical for other metals processed by SPTS.

At 6508C nanostructured Ni3Al revealed superplastic behavior and the
appearance of an Ni3Al specimen after testing is shown in Fig. 43 in which the
upper specimen is the untested one. It is apparent from Fig. 43 that the specimens
exhibit very high tensile ductilities (several hundred percent elongation to failure)
without visible macroscopic necking. This con®rms the manifestation of
superplastic behavior. However, such superplastic behavior has several unusual
features.

In particular, the stress±strain curves for Ni3Al at a strain rate of 10ÿ3 sÿ1 and
6508C and 7258C show an extensive region of strain hardening at both
temperatures with the peak ¯ow stress ranging from 0.9±1.5 GPa (Fig. 44(a))
[151], which is the highest ¯ow stress reported in the literature for the Ni3Al
intermetallic. There was also found an unusual in¯uence of heat treatment on the
tensile behavior. When one sample was heat treated for 1 min at 7508C in argon
before tensile testing, the sample did not show superplastic behavior (Fig. 44(b))
even though there was no grain growth. It should be noted that superplasticity in
nanostructured Ni3Al has been observed at temperatures which are more than
4008C lower when compared with the corresponding microcrystalline Ni3Al [154].

In order to understand the mechanisms of unusual superplasticity in this
nanostructured alloy, special TEM/HREM investigations have been performed
where a thin foil was prepared from a gauge section of Ni3Al sample strained
about 300% (see Fig. 43). Although there is some grain growth during
superplastic deformation, the grain size remained less than 100 nm (Fig. 45(a)).
Grains were not elongated and we could not ®nd any evidence of large dislocation
activity inside the grains even though careful HREM investigations were

Fig. 43. Appearance of nanostructured Ni3A1 samples prior and after tension at temperature 6508C,
1� 10ÿ3, elongation 390% (a cross indicates the place where the foil was cut out for HREM/TEM)

and at temperature 7258C, 1 � 10ÿ3, elongation 560%.
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conducted taking advantage of annealing twins (Fig. 45(b)). Such twin boundaries
are known to trap and retain lattice dislocations easily [155]. However, we could
not detect any dislocations at these interfaces. This experiment supports
theoretical calculations demonstrating a di�culty of accommodation for grain
boundary sliding through generation of lattice dislocations in nanograins during
superplastic deformation [156]. Probably superplastic deformation of

Fig. 45. Micrographs of nanostructured Ni3A1: (a) TEM light ®eld image after tension, (b) HREM

image of twinning boundaries.
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nanomaterials occurs as a result of grain boundary sliding and some di�usional
accommodation without visible dislocation activity in the grains.

TEM micrographs of the nanostructured Al 1420 alloy produced by SPTS are
shown in Fig. 39. The average grain size of the as-prepared alloy was less than
100 nm. The selected area di�raction pattern is shown as an inset and is consistent
with the ultra®ne grained microstructure. The grains have mostly equiaxed shape.
After heating up 3008C there was some grain growth, but the mean grain size is
still less than 300 nm.

The specimens before and after testing at various temperatures are shown in
Fig. 46. The specimens show neck free elongation that is characteristic of
superplastic ¯ow. Another important feature is the shape of the ¯ow curves, where
a signi®cant work hardening at all strain rates was observed and the work
hardening rate was higher at higher strain rates [153]. Nevertheless, this alloy
demonstrates superplasticity at very high strain rates, up to 5 � 10ÿ1 sÿ1, at a
relatively low temperature of 3008C [153]. The high ¯ow stresses and signi®cant
work hardening observed in Ni3Al and Al 1420 have suggested that details of
superplasticity are fundamentally di�erent in nanostructured materials and this
needs further investigations [156].

Submicrocrystalline alloys. Recent investigations have shown that the
application of another SPD method, i.e. ECA pressing not only decreases
signi®cantly the temperature of superplastic ¯ow but also produces high strain
rate superplasticity in ultra®ne grained alloys having a grain size of 0.5±1.0 mm as
well [157,158] and it was shown [159] that the presence of mainly high angle grain
boundaries is one of the most important requirements to obtain high strain rate
superplasticity in cast aluminium alloys.

Further works on decreasing temperature of ECA pressing in alloy 1420
resulted in obtaining a grain size of 0.4 mm and a two-phase structure containing
cagulated particles of the second-phase, 0.1±0.2 mm in size [160]. Using EDS

Fig. 46. View of the A1 1420 alloy samples after tensile tests.
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analysis it was shown that these particles are T-Al2LiMg phase which can be
formed in Al±Li±Mg alloys at temperatures above 2008C [161]. This alloy is
reasonably stable up to a high temperature of 4008C, since the grain size during
heating remains less than 1 mm, though some relaxation of the structure occurs,
attributed to some decrease in a level of internal stresses (Fig. 47). The alloy with
the processed structure demonstrates very high strain rate superplastic properties.
In particular, testing at 4008C and a strain rate of 10ÿ1 sÿ1 showed an elongation
to failure of 1240% (Fig. 48). At the same time, a low ¯ow stress of less than 30
MPa was observed. Even at the high strain rate of 1 sÿ1 the alloy exhibits
enhanced superplasticity. Under these conditions elongation to failure is about
1000%. The samples are shown in Fig. 48 and exhibit uniform elongation without
necking during deformation. These results demonstrate the manifestation of
superplasticity at the highest strain rates known in the literature for commercial
cast alloys.

Note that an elongation to failure of more than 1000% was also observed in
submicrocrystalline Ti alloy processed by multiple forging [162], but the strain rate
did not exceed 10ÿ3 sÿ1 in that case.

Thus the application of SPD techniques for processing of ultra ®ne-grained
structures provided an opportunity to attain enhanced superplastic properties,
namely low temperature and high strain rate superplasticity, in a number of
alloys. Nanocrystalline alloys exhibit enhanced superplastic behavior, but this
behavior is connected with signi®cant strain hardening that is caused by a change
in deformation mechanisms, probably due a di�culty of dislocation
accommodation of grain boundary sliding in small grains [155]. High superplastic
properties revealed in submicrocrystalline alloys depend not only on the small
grain size, but also on the type of micro or nanostructure formed during
processing.

The observations of superplasticity in ultra ®ne-grained materials at relatively

Fig. 47. Microstructure of the A1 1420 alloy after ECA pressing.
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low temperatures and very high strain rates demonstrate the potential for
developing di�erent commercial alloys to extend the range of superplastic forming
operations employed in current practice. However, to obtain outstanding
superplastic properties in nanostructured alloys a precise control of their
microstructure and phase composition is required.

4.3. Other physical and engineering properties

Formation of nanostructures from SPD methods results in changes of other
properties of direct engineering interest. Such properties as magnetic hysteresis of
magnetic materials, optical properties of semiconductors and corrosion properties
of metals are considered below.

4.3.1. Magnetic hysteresis
A number of recent investigations show the strong in¯uence of severe plastic

deformation on magnetic hysteresis characteristics of soft magnetic metals (Ni
[118,119], Co [163]) and hard magnetic alloys (Fe±Cr±Co [164] and Pr±Fe±B±Cu
[165]).

A sharp increase in the coercive force was revealed in pure metals after SPD.
The results of investigations of the coercive force dependence on temperature of
annealing in nanostructured nickel [119] showed its close connection with mean
grain size and the non-equilibrium state of the grain boundaries. For example,
nanostructured samples exposed to annealing at 100 and 2008C have di�erent
values of coercive force Hc by almost 40%, though their grain sizes are almost the
same. At the same time, at 2008C an intense recovery of non-equilibrium grain
boundaries was observed. As the temperature of annealing increases, a further
decrease in the value of Hc was correlated with increasing grain size. Thus, the
sharp increase in the coercive force in the nanostructured nickel after SPD is

Fig. 48. Appearance of the A1 1420 alloy processed by ECA pressing before and after tensile test at

4008C with a strain rate of 10ÿ1sÿ1.
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connected not only with the small grain size but also with the state of the grain
boundaries. An analogous regularity was revealed in cobalt exposed to SPTS.
TEM investigations of the domain structure of cobalt after SPTS with a grain size
of about 100 nm used the Lorentz method [166]. It was established that the
magnetic domain sizes were signi®cantly larger than the grains sizes and
remagnetization was conditioned by movement of domain walls, but at the same
time this movement was hampered by grain boundaries with a high density of
defects.

A signi®cant increase in the coercive force Hc was also observed in hard
magnetic alloys processed by SPD. This is very important for practical application

Fig. 49. X-ray di�raction patrtern of cast (a), deformed (b,c) and annealed at 6008C, for 0.5 h (d) of

the Pr20Fe73.5B5Cu1.5 alloy.
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and manufacture of permanent magnets. However, the origin of Hc changes in
these alloys has a more complex character and it is caused not only by the
formation of a nanostructure but also by changes in the phase composition. Let
us consider more thoroughly all these points in R±Fe±B (R = Nd, Pr) system
alloys which have attracted much research and practical interest in recent years.
These alloys are used for fabrication of sintered [167] and hot deformed [168]
permanent magnets with record values of magnetic force. The in¯uence of SPTS
at room temperature and subsequent annealing on magnetic properties and
structural changes in the cast Pr20Fe73.5B5Cu1.5 alloy was studied in [165].

According to the data of metallographic and X-ray analyses (Fig. 49(a)), in
addition to the basic tetragonal R2Fe14B phase (2:14:1), bcc �a-Fe type) and hcp
(Pr rich) phases were present in the initial cast alloy. The basic magnetic phase
2:14:1 was in the form of dendritic grains with average sizes of 14 mm in length
and 3 mm in thickness, and a-Fe additions occupied about 8 vol.% and the non-
ferrite hcp phase occupied 25 vol%.

At small strains the alloy is characterized by stable phase composition and
broadening of X-ray di�raction lines and spots on di�raction patterns (Fig. 49(a)
and (b)). The broadening of 2:14:1 phase lines is especially signi®cant. The
broadening is connected with the formation of a substructure with a mean
subgrain size of less than 300 nm and a high density of dislocations.

With increasing strain the amount of the 2:14:1 phase relative to the amount of
the bcc phase decreases, and in the alloy with the high strain (Fig. 49(c)) an
amorphous phase is observed within the whole sample volume, while the 2:14:1
phase and other crystalline phases are not detected.

Severe plastic deformation exerts signi®cant in¯uence on the magnetic hysteresis
properties of the cast Pr20Fe73.5B5Cu1.5 alloy. Fig. 50 shows Hc values of the

Fig. 50. Dependence of the coercitive force Hc of the Pr20Fe73.5B5Cu1.5 alloy in as-deformed (1) and

annealed at 6008C (b) states as function of the angle of rotation of anvils j:
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alloys processed at di�erent angles of rotation of the anvils. In the initial state, Hc

of the alloy is 20 kA/m (this value is marked by a triangle in Fig. 50). After upset
straining Hc increases to 192 kA/m, rises further with increasing angle of rotation,
and achieves its maximum over the angle range 2±5.

Annealing of the deformed samples restores the phase composition of the initial
alloy, but the grain size of the 2:14:1 phase does not exceed 300 nm and the
amount of the a-Fe phase decreases sharply. As a result, annealing leads to a
signi®cant increase in the Hc value (Fig. 50).

Thus, the application of the SPD method at room temperature with subsequent
annealing resulted in a record value of Hc > 1600 kA/m for the Pr20Fe73.5B5Cu1.5
alloy. This value exceeds signi®cantly Hc values in permanent magnets fabricated
out of the same alloy via either sintering or hot deformation.

4.3.2. Optical properties of semiconductors
In Section 2.2 it was shown that SPD methods can be used for the formation of

nanostructures not only in metals and alloys but also in semiconductors widely
used in electronics. In recent years, optical properties of nanostructured silicon
and germanium have attracted much interest due to luminescence observed in the
visible area of spectrum. These e�ects were revealed in porous silicon processed by

Fig. 51. Raman spectra of nanostructured silicon.
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chemical etching [169,170], and in thin ®lms of silicon [171] and germanium [172].
In this connection, it seems interesting to study optical properties of bulk
nanostructured silicon and germanium processed by SPD methods. Raman
scattering and photoluminescence spectra were studied in these samples [63,64].

Using SPTS, a su�ciently homogenous granular nanostructure was formed in
germanium and silicon. The nanostructure was characterized by a log normal
grain size distribution with a mean grain size of 24 nm in germanium and 17 nm
in silicon (Section 2.2).

The Raman spectrum of single crystal silicon revealed a symmetrical pro®le
with a maximum at 521 cmÿ1 and a full width at half maximum (FWHM) of
about 5.0 cmÿ1 (Fig. 51) [64]. Signi®cant changes were revealed in the spectrum of
nanostructured silicon, in particular a decrease of peak intensity, an increase of
FWHM to 14.2 cmÿ1, an increase in peak asymmetry and a peak shift of about
2.5 cmÿ1 to low frequencies.

In single crystal germanium the Raman spectrum had the form of an
asymmetric peak with a maximum at 301 cmÿ1 and FWHM of 5.1 cm (Fig. 52).
Changes occurring in the spectrum of nanostructured germanium were similar to

Fig. 52. Raman spectra of nanostructed germanium.
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nanostructured silicon, namely a decrease in peak intensity, increase in FWHM to
14 cmÿ1, increase in peak asymmetry and shift to low frequency [63].

The luminescence spectrum of nanostructured silicon revealed at room
temperature had the form of an asymmetric peak disposed in the visible area of
spectrum with a maximum at 650 nm and an FWHM of about 80 nm (Fig. 53).
An analogous luminescence spectrum in the visible area of the spectrum was
observed in porous silicon [170] as well as in thin ®lms of silicon [171].

Notions of quantum con®nement are often used to describe the luminescence
spectrum observed in porous and thin ®lm silicon and germanium [172]. This
e�ect assumes the enlargement of the band gap in semiconductors due to their
extremely small crystal size. As a result, the occurrence of additional levels of
energy leads to some changes in the luminescence spectrum.

For realization of quantum con®nement the mean grain size in nanostructured
semiconductors should be less than some critical size. In the case of silicon this
calculated value is equal to 5 nm [170] and for germanium it is 24 nm [172].
Moreover, the noticeable shift in the luminescence spectrum from infrared to
visible is possible only when the mean grain size is less than 3 nm in silicon and
3.5 nm in germanium, i.e. the grain sizes should be signi®cantly less than the ones
observed by TEM. This gap can be explained if one accepts that only the perfect
crystal interior of grains makes a major contribution to the photoluminescence
spectrum in nanostructured semiconductors. In accordance with the structural
model of NSM discussed in Section 2.2, undistorted areas in SPD materials are
signi®cantly smaller than the mean grain size.

Fig. 53. Photoluminescence spectrum of nanostructured silicon.
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4.3.3. Corrosion behavior
The corrosion behavior of nanostructured materials has been scarcely studied to

date. Aust and co-authors have shown that this kind of material may possess
enhanced corrosion properties in comparison with both their crystalline and
amorphous counterparts [173]. On the other hand signi®cant degradation of
corrosion resistance in nanocrystalline Ni±P has also been reported for grain sizes
of 8.4 and 44.6 nm [174]. Moreover, the same researches have shown that the
good corrosion properties of pure nickel remain unchanged in the nanostructured
state [175]. This ambiguity makes it di�cult to predict the electrochemical
behavior of nanomaterials from the known properties of their coarse-grained and
amorphous analogs. One can reasonably suppose that the corrosion properties of
NSM depend stongly on the processing technique, thermal history and material
purity and they need futher investigations including SPD materials.

Fig. 54. Potentiodynamic anodic polarization curves measured in Livingston solution at 303 K for

nanostructured copper subjected to di�erent preliminary heat treatments (see text for details) (a) and

for conventional polycrystalline high-purity copper (b).
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There is one important report on the general corrosion behavior of ultra ®ne-

grained Cu produced by severe plastic deformation via ECA pressing [176]. The

samples were either left in the as-deformed state (State 1) or subjected to a short

time isothermal annealing in a mu�e furnance at 473 K for 3 min (State 2) or 10

min (State 3). For comparison coarse-grained reference specimens with a mean

grain size of 50 mm were obtained from the as-received ECA pressed state by

annealing at 823 K for 30 min in vacuum (State 4). Potentiodynamic

electrochemical measurements were carried out in a standard cell containing a

saturated calomel reference electrode. All tests were performed in the modi®ed

Livingston etchant [177] (HCl:30 ml + CH3COOH:10 ml + H2O:410 ml).

Fig. 54 shows typical potentiodynamic anodic polarization curves obtained at

303 K for ultra ®ne-grained and for annealed Cu. Two active-passive transitions

are revealed from the polarization curves. High purity copper immersed into

sulfuric acid or alkaline solutions usually shows a single passive region associated

with cuprous oxide Cu2O ®lm formation on specimen surface. The presence of a

secondary active-passive transition from 100 to 300 m VSCE and passive region

from about 300 m VSCE for ultra ®ne-grained copper immersed into the

Livingston electrolyte cannot be explained by the impurity content of this material

because 99.9999% purity Cu shows similar polarization behavior, Fig. 54(b). Two

stages of passivation can presumably be associated with two stages of protective

®lm formation [178,179]. The steady-state anodic current is achieved at secondary

passivation. Together with passivation potential this current density serves as a

quantitative characteristic of general corrosion. One can see that the active-passive

behavior of the ECA-pressed Cu (Fig. 54(a), curve `State 1') is similar to that of

conventional Cu (Fig. 54(a), curve `State 4'). However, some di�erences can be

noticed.

The shape of the polarization curve was not changed substantially with testing

temperature and the open circuit corrosion potential, Ecorr, was approximately the

same for all the specimens tested (ÿ200210 mV). All other characteristics of the

polarization curves were sensitive to the structural state of material, changing

uniformly with solution temperature. Lowering the electrolyte temperature

necessarily shifts the passivation potential in the active direction and reduces the

primary critical passivation current density for all state of marerial. This behavior

is usually observed for passivating conventional metals. The di�erences between

the ultra ®ne-grained and conventional polycrystals tend to diminish at high

potentials (in the transpassive region). At all testing temperatures the secondary

passive current density in copper in State 1 is higher in comparison with results on

coarse-grained reference samples (State 4). This means that the steady-state rate of

dissolution in State 1 is greater than in State 4. This demonstrates the decreased

general corrosion resistance of ultra ®ne-grained copper in comparison with the

relatively coarse-grained sample. This is consistent, in principle, with ®ndings

reported in [174,175] for nanostructured Ni and Ni±P alloy which possess poorer

general corrosion properties than their coarse-grained counterparts.

Authors [176] also investigated the morphology of corrosion damage and the
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e�ect of heat treatment on the corrosion behavior of ultra ®ne-grained copper,
leading to three main conclusions:

First, the rate of dissolution at a given potential in the ultra ®ne-grained copper
is 10% higher in comparison with relatively coarse-grained polycrystalline copper
of the same purity. This rate depends strongly on the heat treatment applied to
the initial ECA pressed material: short time (3 min) annealing at 473 K results in
partial recovery of internal stresses and partial recrystallization but signi®cantly
reduces corrosion properties. Second, signi®cant di�erences in the corrosion
behavior of the as-received ECA pressed Cu and Cu subjected to preliminary
annealing, is related to the degree of corrosion localization. Highly localized
corrosion was observed also in relatively coarse-grained copper where the
corrosion damage is almost entirely associated with grain boundaries. Although
the total fraction of grain boundaries in the ECA pressed materials is much
greater than that in conventional polycrystals, the surface relief in the
nanostructured state is rather smooth and corrosion pits are distributed uniformly.
Third, the homogeneity of corrosion damage makes the ECA pressed structure
more attractive for practical applications in aggressive media in comparison with
conventional polycrystals susceptible to localized intergranular corrosion.

4.4. The potential for practical applications

In this concluding section let us consider directions being most advantageous
for practical applications of SPD nanostructured materials in the near future and
some questions requiring further investigations. Many of the properties of
nanostructured materials considered above are rather attractive for their practical
application. Moreover, fabrication of large scale bulk billets by means of SPD

Fig. 55. View of the article of ``Piston'' type fabricated from the nanostructed A1 1420 alloy which is

supposed to be used in small overall internal combustion engines (it is shown in the ®gure behind the

piston).
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methods provides an opportunity to manufacture pilot articels and their
approbation. From this point of view one of the most important directions of
practical use are engineering of new powerful permanent magnets on the basis of
nanostructured ferromangets since severe plastic deformation results in a
signi®cant increase in the hysteresis properties of hard magnetic alloys (Section
4.3).

It is well known [147,148] that superplastic forming is a highly e�cient method
of processing of complex shape articles. In this connection, the manifestation of
superplasticity in ultra ®ne-grained SPD materials at relatively low temperatures
and/or high strain rates is rather advanced in terms of increasing the productivity
of forming operations and the durability of die sets. The example of possible
practical application of nanostructured Al alloys is shown in the Fig. 55. It
presents a complex shape article of `Piston' type which was fabricated from the
nanostructured Al 1420 alloy by superplastic forming using the high strain rate
superplasticity. This article can be used in small overall internal combustion
engine presented in Fig. 55. The application of the nanostructured alloy allowed
to conduct superplastic forming at temperature 3508C that is much lower than
temperature of forming of the microcrystalline alloy (4508C).

Until recent years, the problem of practical application of nanostructured
materials as structural materials has remained rather disputable. The most
important demands which these materials should meet are states of high strength
and ductility and elevated fatigue characteristics. Due to the formation of
nanostructures with high angle grain boundaries predominating and an increase in
homogeneity resulted from SPD methods, this problem of their structural use can
be solved positively. The engineering of nanostructured titanium alloy [180] for
manufacture of high strength threaded articles such as bolts which are widely used
in automobile and aircraft industries [181] can be taken as an interesting example.

Processing of bulk nanostructured billets out of Russian alloy VT1±0
(commercial pure Ti) was realized via ECA pressing of rods, up to 30 mm in

Fig. 56. Typical TEM microstructures of the alloy VT-1-0 after ECA pressing by di�erent routes: (a)

route 1, (b) route 2.
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diameter and 120 mm in length. Two routes were studied. In the ®rst case (route
1) the billet was rotated at an angle of 908 after each pass. In the second case
(route 2) the angle of rotation was 1808. Structural investigations were conducted
by TEM using thin foils cut out in parallel and perpendicular sections of the
billets after ECA pressing. Mechanical tensile tests were conducted using standard
samples (Russian standard `GOST 1497-84'). A value of fatigue endurance was
determined by Locati's method for accelerated testing [182].

Typical microstructures of the alloy VT1±0 after ECA pressing by route 1 and
route 2 are shown in Fig. 56(a) and (b), respectively. It is seen that in the ®rst case
the homogeneity of the processed ultra ®ne-grained structure is much higher than
in the second one. Moreover, analysis of electron di�raction patterns showed that
ECA pressing by route 1 leads to formation of a mean grain size of 200±300 nm
and granular structure with mostly high angle grain boundaries. ECA pressing by
route 2 results in a similar mean grain size but a structure of a mixed type, which
contains small and high angle grain boundaries. These results con®rm the
importance of applied route for structure formation via ECA pressing (see also
Section 2.2).

The results of mechanical and fatigue tests of the ECA pressed billets of the
VT1±0 alloy are presented in Table 5.

The tabular data show that formation of nanostructures by ECA pressing leads
to a considerable increase of strength and satisfactory ductility. This e�ect is
especially strong by ECA pressing using route 1. The fatigue limit of the VT1±0
alloy after ECA pressing is also increased considerably: 60% after ECA pressing
by route 1 and 40% after ECA pressing by route 2. This di�erence is again due to
the variation in ECA pressing regimes and the resulting nanostructures. Thus the
type of nanostructure has a strong in¯uence on the mechanical and fatigue
properties of ultra ®ne-grained metals, even if the mean grain size is
approximately the same. It was discussed above [109] how the defect structure of

Fig. 57. High strength thread articles out of SPD Ti alloy.
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the grain boundaries is a key factor in¯uencing the mechanical behavior of
nanostructured materials. The VT1±0 data show therefore the important role of
uniform microstructure as well.

Now let us consider an interesting example of the application of processed
nanostructured material. This is high strength threaded articles for application as
fasteners widely used in the aircraft and automobile industries and in medical
practice. (Fig. 57) shows the example of the threaded bolts, which were
manufactured from billets out of the alloy VT1±0, in the initial as-received state,
and processed by ECA pressing. This thread was formed by plastic forming using
a rolling machine for this procedure [183]. The obtained stud-bolts were used as
samples for low cyclic fatigue tests. These stud-bolts were tested on a special
testing machine [183] with a loading scheme of: tension at pulsing cycle at smax �
450 MPa, smin � 0: Three samples of each state were tested. The results of testing
are also shown in Table 5, too.

It is seen that formation of nanostructures in these articles provides an essential
increase of cyclic endurance of thread in a low cyclic area, but it depends again
from the processing route. The conducted investigations have demonstrated that
the preliminary formation of nanostructure contributes to a signi®cant increase in
cyclic fatigue endurance of thread in fastener titanium articles.
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