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OverviewOverviewNanomechanical Characterization

How would you…

…describe the overall signifi cance 
of this paper?

This paper discusses experimental 
techniques for analyzing the local 
microstructure that results from 
deformation phenomena at small 
scales. Three characterization 
techniques are used to analyze 
nanoindentation-induced plasticity: 
etch-pit analysis, electron backscatter 
diffraction, and in situ TEM. No 
one technique describes the whole 
story, and multiple techniques are 
needed at different length scales to 
fully understand the deformation 
mechanisms that determine strength 
and ductility at small length scales.

…describe this work to a 
materials science and engineering 
professional with no experience in 
your technical specialty?

To understand the deformation 
phenomena that occur in a material 
during nanoindentation testing, 
complimentary experimental 
techniques are critical. This 
overview presents several methods 
capable of analyzing the local 
microstructure of materials 
undergoing nanoindentation 
across different length scales, 
including etch-pit analysis, electron 
backscatter diffraction, and in situ 
nanoindentation in a transmission 
electron microscope. 

…describe this work to a 
layperson?

Measuring the hardness of a material 
is relatively easy—you simply press 
a sharp diamond indenter into the 
surface of a material, measure the 
force, and divide by the area of 
the resulting indentation. What is 
actually happening underneath the 
indenter is more diffi cult to assess. 
This paper describes methods of 
characterizing the deformation 
processes that occur at different 
length-scales underneath small 
indentations, that serve to better 
describe what determines the 
hardness of a material.

For a better mechanistic understand-
ing of the deformation phenomena that 
occur during nanoindentation testing, 
complimentary experimental techniques 
are critical. This overview presents sev-
eral methods capable of analyzing the 
local microstructure of materials under-
going nanoindentation across different 
length scales, including etch pit analy-
sis, electron backscatter diffraction, and 
in situ nanoindentation in a transmission 
electron microscope. Case studies of de-
formation mechanisms are provided, 
and the benefi ts and limitations of these 
complimentary experimental techniques 
are discussed.

INTRODUCTON

 Measuring the hardness of a mate-
rial is a simple principle dating back to 
Brinell.1 A probe with a well-defi ned 
geometry, usually pyramidal, spherical, 
or conical, is placed on a testing sample 
and a load is applied. The hardness (H) 
of the material can then be defi ned as the 
load divided by the resulting projected 
area of the residual indent.2 The simple 
and almost non-destructive measurement 
principle has led to the application of in-
dentation techniques in various fi elds in 
material science, from brittle ceramics3 
to soft tissues.4

 Signifi cant advances in indentation 
techniques were made in the last 15 years 
based on instrumented indentation tech-
niques, where the load is continuously 
measured as a function of the penetration 
depth.5,6 Using the load versus displace-
ment data and the unloading part of these 
curves, the contact stiffness can be mea-
sured and used for estimating the contact 
depth as well as the contact area between 
the tip and the sample.7,8 It is regarded 
as advantageous to employ multiple 
partial unload segments or utilize a dy-
namic stiffness measurement technique 
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to assess the stiffness during a single 
indent. However, it was shown recently 
that these testing procedures can result 
in lower measured hardness for various 
metals.9,10 The quantitative analysis of 
such indentation data requires the deter-
mination of the tip shape (the so-called 
tip area function) and machine compli-
ance.11–13 With appropriate calibration, 
the modulus and hardness can be quanti-
fi ed at penetration depths as shallow as 
tens of nanometers.5,14 For monolithic 
materials a depth-independent modulus 
is a good indication for a properly cali-
brated tip area function. Therefore, it is 
advantageous to plot these two quanti-
ties, hardness and modulus, as a function 
of the indentation depth15,16 in order to 
ascertain the reliability of the hardness 
calculation. Observations of a depth-de-
pendent elastic modulus in the case of a 
monolithic material may imply certain 
artifacts of the experiments, such as im-
proper load-frame calibration, inaccurate 
tip area function, or surface roughness.
 In the case of non-monolithic materi-
als, where the modulus cannot be used 
to validate the tip area function, one 
approach to increase the accuracy of 
hardness measurements is to make di-
rect measurement of the contact area. 
Optical microscopy or scanning electron 
microscopy (SEM) is useful, but cannot 
typically be used for sub-micrometer in-
dentations. At this length scale, atomic-
force microscopy (AFM) techniques 
are useful, and are available on many 
commercial indenter systems to locally 
image the sample surface before and 
after an indentation.6 By this approach, 
nanoindents can be placed, for example, 
into the center of grains,17 close to select-
ed boundaries,18 or on individual phases 
in the material.19,20 Of course this limits 
the study to post-deformation character-
ization. For in situ observation of the de-
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formation evolution during indentation, 
the indentation system may be placed in 
an SEM21,22 or in a transmission electron 
microscope (TEM).23

 While hardness H is the extractable 
plastic “property” from indentation ex-
periments, it is usually of interest from 
a materials characterization perspective 
to assess the yield strength. To this end, 
there have been bulk estimations that link 
the hardness determined from indenta-
tion to the yield strength such as the Ta-
bor rule24 or the Marsh relation.25 They 
work relatively well for indents that are 
large compared to the material micro-
structure. However, there is an inherent 
drawback to relating the bulk properties 
of a material to a nanoindentation test 
even in the case of monolithic materials: 
Plasticity in these small dimensions is 
a stochastic process,26 governed by the 
discrete availability of features required 
to accommodate the prescribed deforma-
tion, for example individual dislocations, 
dislocation sources, or various kinds 
of boundaries. At very small scales the 
infl uence of the evolving deformation 
structure interacting with the surround-
ing microstructure is such that even the 
seemingly simple question of determin-
ing a material’s yield point can become 
a subject for debate.

INDENTATION SIZE EFFECT

 With ever decreasing indent size, dif-
ferent physical effects become impor-
tant and the interaction of the indenter 
stress fi eld with the local microstructure 
needs to be considered. This leads right 
to the question whether a material length 
scale exists that determines the mate-
rial response. It is accepted that in the 
macroscopic polycrystalline bulk limit 
this length scale is set by the micro-
structure in terms of the smallest present 
obstacle blocking dislocations,27 while 
at the micrometer scale usually the av-
erage dislocation spacing is regarded 
as the important length scale. But what 
if there is seemingly no length scale or 
microstructure involved? Even for sin-
gle-crystalline materials, where these 
conditions are fulfi lled, it was reported 
that the hardness is strongly dependent 
on the depth of indentation. Specifi cally, 
the hardness has been shown to decrease 
with increasing indentation depth, a fea-
ture termed the indentation size effect 
(ISE).28–31 Various theories regarding the 

ISE have been discussed in the indenta-
tion literature.
 The model of W.D. Nix and H. Gao,31 
predicting a scaling of the hardness with 
the inverse square root of the indentation 
depth, is perhaps the most widely cited, 
as well as the most widely debated. The 
model is based on strain gradient plastic-
ity (SGP) theories,32–35 and the concept 
is summarized in the following: Assume 
geometric self similarity of the indenter 
tip and the half-hemispherical plastic 
zone beneath the indent. Accommo-
dation of the strain gradient caused by 
the indenter geometry is accomplished 
by geometrically necessary disloca-
tions (GNDs).36 The line length of these 
GNDs is proportional to h2, where h is 
the indentation depth; the deformed 
volume is proportional to h3. Thus, the 
GND density should be proportional to 
1/h. The GNDs contribute to the local 
Taylor hardening and thus lead to higher 
hardness for smaller indents. From a fi t 
of the indentation data to the Nix–Gao 
model a length scale can be extracted, 
which is expected to be characteristic 
for the material.31,37 Combining Tabor’s 
model on representative strain with the 
Nix–Gao approach, the hardness can be 
modeled from macroscopic stress ver-
sus strain curves to the depth-dependent 
hardness, even including the initiation 
of plasticity in the pop-in behavior.38,39 
While the Nix–Gao model can be ap-
plied to indentations, its physical basis 
is still under debate, and its validity can-
not be addressed alone with load versus 
displacement characteristics.
 Another rationale for the ISE is based 
on nucleation of dislocations. At very 
small indentation depths of several tens 
of nanometers, the material deforms 
initially elastically and sustains unusu-
ally high stresses until a critical stress is 
reached to nucleate defects required for 
the commencement of plasticity. Once 
this stress is reached, plastic deformation 
progresses in a discrete manner, leading 
to a staircase appearance in the load ver-
sus displacement behavior. Such incipi-
ent plasticity in indentation was studied 
by examination of the fi rst pop-in events 
occurring during nanoindentation.14,20,40–

45 Describing this atomistic process by 
Hertzian contact mechanics,46 contact 
pressures close to the theoretical shear 
strength of the material were evaluated 
before the pop-in event and related to 

dislocation nucleation events. Atomistic 
simulations of the indentation process of 
a perfect crystal47–49 observed dislocation 
nucleation either heterogeneous from 
surface ledges or homogeneous below 
the indenter tip. The previously men-
tioned discrete and stochastic nature of 
plasticity in these small dimensions26 is a 
distinct important feature, but neglected 
by the typical continuum-type analyses 
of hardness data. This may limit the ap-
plicability of such approaches.
 It is clear that a deeper understanding 
of the mechanisms of plastic deforma-
tion during nanoindentation is essential 
for a more sophisticated mechanistic de-
scription, ranging from the macroscopic 
scale down to the nanometer scale. This 
demands the combination of nanoinden-
tation techniques with other methods 
that are capable of locally analyzing the 
sample microstructure at the appropriate 
length scales. While this applies for any 
material, the focus of this article will be 
on crystalline materials, since most of 
the work in this area has been on crystal-
line metals or ceramics.

ETCH PIT METHODS

 Understanding of deformation mech-
anisms of nanoindentation in crystalline 
materials requires the characterization of 
the associated dislocation structure. 
However, driven by the complex stress 
fi eld underneath indentations, many slip 
systems can be activated in the plastic 
volume. This is associated with an inho-
mogeneous distribution of dislocations 
and locally high dislocation densities. 
Defi ning and measuring the dislocation 
density as a single scalar quantity is 
therefore an oversimplifi cation of the 
problem. It is therefore of interest to con-
sider both the distribution of slip togeth-
er with the local dislocation density 
through spatially resolved measure-
ments. To determine a local dislocation 
density can be diffi cult. A very conve-
nient way to achieve this is through the 
etch pit method.
 Ever since the work of Gilman and 
others, dislocation etch pit techniques 
on ionic crystals and later on metals 
have been used for fundamental studies 
of dislocation interactions.50–52 During 
etching, dislocation lines exiting the 
surface are more strongly attacked than 
the defect-free bulk material in between. 
The dislocations are then imaged as etch 
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pits in the surface, which additionally re-
veal the crystallographic symmetry. Ion-
ic crystals are usually easily cleaved, al-
lowing the preparation of a defi ned local 
crystallographic orientation with atomic 
level roughness. Therefore, the etch at-
tack is well controlled and the disloca-
tion structures are more easily revealed 
compared to metals. Etch pit techniques 
in conjunction with optical microscopy 
allow the determination of deformation 
structures like small-angle grain bound-
aries or individual dislocations in the 
grain interior.53 Optical microscopy is 
limited in terms of lateral resolution, so 
SEM and other techniques can be used 
to study dislocation arrangements with 
small spacing. However, it has been 
shown that surface-sensitive techniques 
like AFM are well suited for revealing 
the etch pit structure. Minimum disloca-
tion spacing in the order of 50 nm have 
been resolved by using the defl ection 
mode signal for differentiation between 
overlapping etch pits,54 yielding an up-
per limit to the detectable dislocation 
density of ~1013 cm–2. Y. Gaillard et al.55 
revealed the dislocation structure around 
nanoindentation by sequential etching 
using etch pit techniques and AFM. For 
CaF

2
, the etch pit rosette pattern around 

indentations has been studied previ-
ously.56 However, no detailed analysis 
of dislocation densities and size effects 
is given in these contributions.
 The etch pit technique can be easily 
applied to CaF

2
, making it an interest-

ing model material for testing the ISE. 
CaF

2
 is an ionic crystal with the fl uo-

rite crystal structure. The lattice has a 
face-centered cubic (fcc) structure with 
three sub-lattices. CaF

2
 cleaves on the 

{111} plane and slips on a {100} plane 
in <110> directions.57 By cyclically 
changing the temperature by immers-
ing the specimen in water baths, CaF

2
 

is cleaved along {111} planes. With this 
technique, a virtually deformation-free 
surface with atomic level roughness and 
mean dislocation spacing of ~60 μm 
is obtained. Thus, many artifacts that 
might affect the hardness measurement 
are circumvented. The presented mea-
surements were achieved with little or 
no material preparation and serve as a 
good starting point for discussing the 
physical basis of the ISE.
 The indentation tests were carried out 
using a calibrated Berkovich indenter tip 

Figure 1. (a) Load versus displacement data for determining the depth-dependent hardness 
of CaF2. A discrete well-defi ned transition from elastic to plastic deformation (pop-in) is 
found. (b) The depth-dependent hardness obtained from the load versus displacement data 
depicts a pronounced ISE. Figure adapted from Reference 58.

a b

Figure 3. (a) The evaluated radial dislocation density for the two indents shown in Figure 2 
for fi ve different radii. (b) Radial dislocation density normalized by the maximum indentation 
depth hmax. Figure adapted from Reference 58.

a b

Figure 2. Atomic force microscopy defl ection mode images showing dislocation structures 
around indentations into CaF2. (a, c) Indentation with a peak load of 1 mN and a maximum 
penetration depth of 110 nm. (b, d) Indentation with a peak load of 5 mN and a corresponding 
maximum depth of 303 nm. Note that (a, b) were taken directly after indentation, while (c, 
d) depict the same indents after an additional polishing step. The inserts in (b, d) show the 
surface profi les for the 1 mN indentations with the same scaling as the 5 mN indentations 
for comparison reasons. Figure adapted from Reference 58.
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Figure 4. An inclined SEM view of a 
cross section through the center of a 
platinum covered Vickers indent. The 
local orientation changes beneath the 
indent can be deduced from the con-
trast variations and are indicated by 
arrows. The inset presents a top view 
of the uncovered indent and the sur-
rounding markers. Data reproduced 
from Reference 63.

a b

Figure 5. (a) An inverse pole fi g-
ure (IPF) map and correspond-
ing color code of the cross sec-
tion shown in Figure 4. Three 
distinct areas are marked in the 
IPF map and the color code. (b) 
Orientation deviation (OD) map 
calculated from the same EBSD 
data. The color coding refers to 
the orientation deviation from 
the undeformed crystal. Data 
reproduced from Reference 63.

with the machine running in load control 
using a loading partial unloading profi le 
for obtaining a high data density on 
hardness values. A detailed discussion 
on the experimental settings as well as 
the observed dislocation structure can be 
found in Reference 58. Figure 1 shows 
the basic experimental data on load ver-
sus displacement and the evaluated data 
on depth dependent hardness. The initial 
deformation seems to follow the Hertz-
ian elastic contact and only after the 
so-called pop-in a residual permanent 
indentation depth can be found in the 
data. The fi rst measures on hardness are 
obtained at indentation depths of around 
100 nm and it is found that the hardness 
gradually decreases with increasing in-
dentation depths. The hardness is plot-
ted as a function of the displacement 
into the surface on a semi-logarithmic 
scale, so that the whole depth range is 
visible within one plot (Figure 1b). Us-
ing this data to extrapolate the macro-
scopic hardness H

0
, the hardness as a 

function of indentation depth H(h) can 
be modeled with a modifi ed Nix–Gao 

approach. An important factor there is 
the storage volume for GNDs, which 
is introduced via the factor f into the 
model. The fi t (dotted line) gives a very 
good description of the measured hard-
ness in the whole range of indentation 
depth from 100 nm to 3,500 nm.58 From 
this data one clearly observes that the re-
sidual impression is formed initially by 
a pop-in and that only subsequently a 
depth dependent hardness is observed.
 The important point to consider is the 
local distribution of dislocations. There-
fore, the resulting etch pit structure of 
the indented crystals was imaged. It is 
assumed that these etch pits are direct-
ly related to the dislocation structure. 
Figure 2 shows AFM images of the in-
dented CaF

2
 surfaces in defl ection mode 

contrast. Defl ection mode images are 
particularly helpful when changes of 
the surface slope instead of the surface 
topography are of interest. Regions on 
the surface with small changes in topog-
raphy are imaged with the same defl ec-
tion mode signal, while edges or chang-
ing slopes of the surface are highlighted. 

This can be seen for example in Figure 
2b, where the large black and white tri-
angle represents the residual impression. 
With the change in surface slope at the 
middle of the indentation, the color of 
the image changes from black to white.
 The small triangles adjacent to the 
large indentation are the dislocation etch 
pits, which refl ect the symmetry of the 
indented {111} crystal plane. The sides 
of the etch pits represent <110> direc-
tions. Figure 2a and b depict the original 
surface after indentation. It is notable that 
the geometry of the indenter is clearly 
visible as a triangle. From the etch pit 
pattern the size of the plastic zone on 
the surface can be estimated. However, 
within the residual indentation no clear 
etch pit pattern is visible. This might be 
related to the fact that the indented con-
tact area is highly deformed and more-
over inclined with respect to the original 
{111} surface. The situation changes 
when removing an ~60 nm thick surface 
layer by polishing the crystal with SiO

2
 

suspension. The deformation zone is 
now clearly oriented along the <110> di-
rections yielding a three-folded-symme-
try (Figure 2c and d). Moreover, a clear 
dislocation structure with dislocation 
spacing well below the initial ∼60 μm 
is now observable. The size of the etch 
pits depends on the dislocation density 
in its neighborhood. While the etch pits 
in the center of the indentation are quite 
small, large etch pits are observed at the 
outer areas of the plastic zone because 
for a low dislocation density the etching 
attack is localized at few dislocations. 
At higher densities, the etching attack is 
distributed over many dislocation lines, 
thus yielding smaller etch pits. In ad-
dition to the individual etch pits, a line 
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pattern becomes visible. Since no sur-
face feature was visible before polishing, 
the line feature stems from the etching 
process. Presumably the lines are asso-
ciated with the combined etching of the 
dislocation line and the inclined surface 
of the residual impression.
 A quantifi cation of the dislocation 
pattern was only possible after surface 
layer removal, since only then disloca-
tions directly underneath the residual 
impression were clearly imaged. The 
dislocation density was quantifi ed in ra-
dial coordinates around the center of the 
indentation using the coordinates of the 
individual dislocation etch pits. The ra-
dial dislocation density ρ(r) is given by 
two times the number of etch pits N in a 
given area with the radius of r, divided

by this analyzed area:                    . The

factor of two stems from stereographic 
considerations on analyzing a line length 
in a volume using the intersection points 
per area. The maximum radius is directly 
given by the observed extension of the 
plastic zone.
 Figure 3 shows the radial dislocation 
density for the two different indentation 
depths at fi ve discrete equidistant radii. 
The dislocation density at the maximum 
radius for each of the indentations is the 
total dislocation density found within the 
extension of the plastic zone. The dislo-
cation densities clearly depend on the 
maximum load. At the lower load, where 
the displacement into the surface is three 
times lower compared to the higher load, 
the dislocation density is ~3 times high-
er. The two data sets indicate a depen-
dence of the dislocation density on the 
analyzed area: The smaller the analyzed 
area the larger the dislocation density.
 For better comparison of the two dis-
location microstructures, the radial dis-
location densities are normalized by the 
maximum indentation depth (Figure 3b). 
By doing so the two data sets are com-
pared at the same depth-to-radius ratio. 
For a macroscopic indentation or in fi -
nite element simulations, this plot should 
yield the same stress distribution, regard-
less of the indentation depth.
 Figure 3b is furthermore somewhat 
similar to the Nix–Gao plot,31 where H² 
is plotted vs. 1/h. In the present case h

max
 

is constant and r is varied along with the 
size of the plastic zone. For both loads, 
the dislocation density increases with 1/

r, yielding larger densities at the center 
of the indent. Comparing the two densi-
ties to each other at the same h

max
/r ratio, 

it is quite striking that ρ
1mN

 / ρ
5mN

 ≈ 3, 
independent of the computed area. The 
dislocation density around the smaller 
indentation is thus larger than the dislo-
cation density of the larger indentation, 
as predicted by the Nix–Gao model.31

 The analyzed dislocation distribution 
underneath the indenter stems from sev-
eral factors. On a macroscopic scale, the 
strain fi eld around the indenter depends 
on the angle of the indenter and is self-
similar with respect to depth. It is there-
fore expected that, on a macroscopic 
scale, the dislocation distribution around 
the indents should be self-similar and 
thus also scale with the indentation 
depth. At small scales, the material re-
sponse depends also on the local strain 
gradient and therefore on the contact 
area or depth of indentation. The dislo-
cation density around indentations at 
small scales is thus not directly compa-
rable to large indentations. In general, 
modifi cations due to strain gradients will 
occur in the small scale case. Conse-
quently, the difference in dislocation dis-
tribution around the two examined in-
dentations is attributed to different strain 
gradients.
 The next question is how the ratio of 
dislocation densities compares to the 
actual hardness measurements. There-
fore, the hardness increase is compared 
to the increase in dislocation density. 
Without having any further information 
on the nature of these dislocations, both 
GNDs and statistically stored disloca-
tions (SSDs) are imaged during this 
test. Since the relative size of the plasti-
cally deformed volume and all other 
factors affecting the hardness are the 
same for both indentation depths, only 
the dislocation density should infl uence 
the measured hardness. The ISE is 
quantifi ed by using the hardness ratio 
and the ratio of the square root of the 
total dislocation density.38,58 A hardness

ratio                    is found, the ratio of 

the root of dislocation densities yields

                                              , 

approximately independent of the ana-
lyzed volume. Both values point in 

the same direction, yielding a higher 
strength for the smaller indentation 
depth. Additional consideration of the 
frictional stress, which also accounts 
for the hardness of CaF

2
, can resolve the 

discrepancy between measured hardness 
and the dislocation density based esti-
mate on hardness.58

 ELECTRON BACKSCATTER 
DIFFRACTION 

METHODS

 While etch pit techniques are easily 
applied to surfaces, they cannot be eas-
ily extended to sub-surface characteriza-
tion. Furthermore, without sectioning 
techniques, the etch pit methods are lim-
ited to the dislocations that penetrate the 
surface, while they are not sensitive to 
dislocations lying parallel to the surface 
or certain prismatic loops. To address 
the local crystal microstructure below 
nanoindentations, a few methods are 
available. Some TEM investigations use 
subsequent thinning steps of the sample 
backside to prepare plan view TEM 
specimens.59–62 Unfortunately, the plan 
view geometry provides only the pro-
jection of the dislocation lines and leads 
in general to an area of high dislocation 
density in the center of the indent. This 
prevents further analysis of this heavily 
deformed zone.61

 A more comprehensive understand-
ing of the indentation process can be 
addressed by microstructural charac-
terization of the indent in cross section. 
Therefore, a site specifi c preparation in 
conjunction with a characterization tech-
nique providing a high lateral resolution 
is needed. This can be accomplished by 
combining focused ion beam (FIB) mill-
ing for cross-section preparation with 
electron backscatter diffraction (EBSD) 
techniques to characterize the local mi-
crostructure beneath the sectioned na-
noindentations.15,16,63–65

 The preparation of indent cross sec-
tions with an FIB requires placing of the 
indents close to a sample edge in order to 
minimize milling time. First the sample 
surface is electrochemically polished, 
resulting in a better surface condition for 
subsequent indentation than mechanical 
polishing.42,66 Second the perpendicular 
sample side is carefully polished using a 
1 µm grained alumina suspension to form 
a sharp edge again. Using FIB, the width 
of the deformation layer introduced by 
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this mechanical preparation was deter-
mined to be ~5 µm for monolithic copper. 
The indentations were placed with suf-
fi cient distance to this deformed region. 
The experimental details concerning the 
indentation setup are given in Refer-
ences 16 and 63. A pronounced ISE was 
observed in all cases.15,16,63 For example, 
the hardness of a {111} oriented copper 
single crystal decreased from 2.75 GPa 
at an indentation depth of 35 nm to ~0.6 
GPa at a depth of ~250 μm.65

 Before cross-sectioning the indent, 
the center is marked by thin FIB milled 
features to ease the subsequent site spe-
cifi c preparation. Subsequently, the top 
surface of the indent and its surrounding 
are covered by an approximately 500 nm 
thick tungsten or platinum protection 
layer for two purposes: First, it protects 
the surface region from the ion bom-
bardment during sectioning.67–69 Second, 
it allows EBSD analysis of the surface 
near region, since the strong background 
changes close to the edge would compli-
cate the measurement. This is of particu-
lar importance for very shallow indents, 
where the fi rst 100 nm of the protection 
layer are deposited by electron beam 
deposition instead of the commonly ap-
plied ion beam deposition. Focused ion 
beam milling starts with high milling 
currents (e.g., 2 nA) for high milling ef-
fi ciency, while fi nal steps utilize small 
currents (e.g., 100 pA) for a more precise 
geometry. An example of a cross section 
through the center of a Vickers indent is 
given in Figure 4. The inset shows the 
top view of the indent and the surround-
ing position markers before the protec-
tion layer was applied.63

 Electron backscatter diffraction anal-
ysis was performed with a resolution of 
20 nm. This sub-surface resolution is 
hard to achieve by conventional etch-
ing techniques. The result of an EBSD 
scan is the two-dimensional mapping 
of the local crystal orientation, given by 
three Euler angles.70 For illustration in 
an inverse pole fi gure (IPF) map a color 
code is applied. While this is well suited 
to depict different grains or heavily de-
formed structures, the slight orientation 
differences occurring beneath an indent 
are hard to distinguish using this color 
coding. This can be seen in Figure 5a, 
which presents one IPF map to the rela-
tively large indent shown in Figure 4. 
Therefore, orientation deviation (OD) 

maps are generated from the EBSD data, 
where for every data point the orientation 
deviation with respect to the undeformed 
crystal is plotted. This undeformed ori-
entation can be determined by various 
techniques. However, using EBSD it is 
straightforward to measure it in a region 
with suffi cient distance to the plastic 
zone of the indent, as long as the FIB 
polished region is large enough to en-
compass it. The OD map corresponding 
to the IPF map of Figure 5a is shown in 
Figure 5b. Here the plastically deformed 
zone can be distinguished more easily. 
However, plotting the data this way rep-
resents only the amount of crystal rota-
tion; the directional information is lost. 
For example, from the IPF map shown 
in Figure 5a, or for higher accuracy from 
a pole fi gure plot of the area of interest,16 
it is seen that areas B and C are rotated 
in opposite directions with respect to the 
undeformed area A, (see also the arrows 
in the color code). This conclusion can-
not be drawn from Figure 5b.
 The experimental setup described can 
be applied to indentations with dimen-
sions of several micrometers down to the 
sub-micrometer regime, which critically 
spans the bulk to discrete plasticity re-
gimes. It is precisely across these length 
scales where the ISE is present and, more 
generally, where nanoindentation stud-
ies fi nd their role in materials science. 
Clearly, the application of orientation 
measurements to nanoindentation-in-
duced deformation structures will allow 
a more comprehensive understanding of 
the slip activity which governs the load 
versus displacement characteristics mea-
sured in nanoindentation. Moreover, this 
kind of analysis is not limited to cross 
sections through the indent center. Se-
rial sectioning of the same indent was 
demonstrated elsewhere.63 Furthermore, 

sectioning along selected glide planes of 
interest can also be accomplished. Thus, 
the full three-dimensional microstruc-
ture below nanoindentations can be de-
termined.
 Following the case study considered 
with etch pit techniques, the validity of 
the Nix–Gao model31 can be investigated 
with the cross-sectional EBSD method. 
Two important assumptions of this con-
cept can be analyzed with the EBSD 
technique. First, the model assumes a 
hemispherical plastic zone, and second, 
self-similarity of the evolving deforma-
tion structure is assumed.
 From a qualitative view at the shape of 
the deformed zone depicted in Figure 5, 
it becomes clear that it deviates from the 
assumption of a half-sphere. There are 
reports of differently shaped deforma-
tion areas, depending on the indenter ge-
ometry.16,63,64 This contradicts one of the 
basic assumptions of the Nix–Gao mod-
el, but can be corrected by using a cor-
rection factor that takes into account the 
actual dislocation storage volume.38,39,71

 Regarding self-similarity, the strain 
gradient caused by the indenter as de-
scribed by W.D. Nix and H. Gao31 is 
given solely by the indenter geometry 
and is therefore constant for self-similar 
indenter shapes. An interesting differ-
ence between etch pit techniques and 
EBSD in this context is that the former 
is sensitive to all dislocations, while the 
latter detects only GNDs and is insensi-
tive to SSDs. Thus, the misorientations 
observed by EBSD are caused by GNDs 
and are therefore directly related to 
strain gradients.63

 Following the Nix–Gao model,31 the 
observed misorientations, respectively 
strain gradients, should depend only on 
the indenter angle and not on the indent 
size. This was checked by investigating 

Figure 6. Maximum misorienta-
tion angle measured along the 
fl anks of the indent for different 
sized Vickers indents into fcc 
copper (closed squares) and 
bcc tungsten (open squares). 
Data reproduced from Refer-
ence 63.
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the maximum misorientation observed 
along the indent fl anks for different 
indent sizes. The results are shown in 
Figure 6 for Vickers indents into copper 
and tungsten. In contrast to the model, 
an increasing misorientation angle with 
increasing indent size is observed, which 
approaches the indenter limit angle for 

large indents. Transmission electron mi-
croscopy investigations of FIB prepared 
cross sections through Berkovich indents 
into (001) oriented copper single crystals 
confi rmed these fi ndings.72

 Another interesting observation 
shown in Figure 6 is that the measured 
misorientations do not differ signifi -

cantly between the fcc copper and the 
body-centered cubic (bcc) tungsten. 
Moreover, no signifi cant infl uence of the 
crystal orientation or the crystal struc-
ture on the shape of the deformed zone 
was observed,63 while surface investiga-
tions of slip lines around indentations 
depict differences for various crystal ori-
entations.73 The high stress beneath the 
indenter activates several slip systems, 
which causes a more or less orientation 
independent multi-slip deformation pat-
tern. The situation changes near the free 
surface where the stress fi eld diminishes. 
A further analysis on silver, copper, and 
nickel, all having an fcc crystal structure 
but different stacking fault energies of 16 
mJ·m–2, 40 mJ·m–2, and 125 mJ·m–2, re-
spectively, found no detectable infl uence 
of the stacking fault energy on the in-
dentation-induced deformation patterns 
at room temperature.15 The above results 
show the importance of cross-sectional 
investigations to support and extend the 
insights from surface investigations.
 A detailed analysis focused on the size-
dependent formation of individual struc-
tures in the plastic zone to track down 
changes in the deformation structures 
forming during nanoindentation.16,65 The 
results for central cross sections through 
cube corner indents in single-crystal 
copper with a (111) surface normal are 
depicted in Figure 7. Note that for the 
orientation deviation maps different 
color codes are applied. Again increas-
ing maximum misorientations with in-
creasing indentation size are observed. 
Focusing on the left-hand side of the 
indents, different deformation structures 
are observed for the investigated indent 
sizes. In the case of small indents (α) 
only two misoriented areas with dif-
fuse borders appear. For intermediate 
indents (β) three clearly distinguishable 
regimes with differing orientation with 
respect to the undeformed material are 
indicated. Transmission electron mi-
croscopy investigations of these indents 
analyzed by EBSD were performed and 
confi rmed the formation of small angle 
grain boundary-like dislocation arrange-
ments and subgrains for indents in this 
size range.74,75 The largest investigated 
indents (γ) depict two areas where severe 
deformation took place. Both regions 
show a fragmented substructure forma-
tion.
 These different deformation structures 

Figure 7. Size-dependent deformation patterns for the central cross section of cube 
corner indents (indicated in the schematic drawing) into monolithic copper with a (111) 
surface normal. On the left hand side of the indents, various deformation structures are 
observed. For small indents (α) only two regions with diffuse borders are present. In the 
intermediate size regime (β) three areas with clearly visible borders can be distinguished. 
For very large indents (γ) two regions with a fragmented microstructure are observed. 
Data reproduced from References 16 and 65.
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govern the hardness of the material in 
the different regimes. Correlating size-
dependent hardness plots with the defor-
mation structures, differing slopes of the 
plots were identifi ed, in accordance with 
the observed changes of the deformation 
patterns.16,22,65 While the Nix–Gao mod-
el31 envisions a single, self-similar defor-
mation mechanism, the observation of 
varying deformation regimes poses the 
question as to whether such a model is 
too simple.
 The presented EBSD results and sup-
porting TEM investigations,74,75 suggest 
that deformation for the intermediate 
indents, and thus in the presence of a 
suffi cient number of dislocation sources, 

is governed by pile-up of dislocations at 
the indenter fl anks and in areas where 
the sign of the local shear stress fi eld 
changes.76 In the case of the largest in-
dents, the observed fragmentation, as 
known for low and medium deformed 
single crystals,77 leads to a substructure 
size that governs the hardness of the ma-
terial. For shallow indents the limitation 
of dislocation sources requires far reach-
ing dislocation loops to accommodate 
the deformation.16

IN SITU TRANSMISSION 
ELECTRON MICROSCOPY

 While conventional instrumented na-
noindentation tests are able to quanti-

tatively measure the mechanical behav-
ior of materials, the discrete deforma-
tion mechanisms that contribute to the 
measured behavior are rarely observed 
directly. Typically, the mode of defor-
mation during a nanoindentation test is 
only studied ex post facto, or by indirect 
techniques such as in situ Raman spec-
troscopy78 and in situ electrical resistiv-
ity measurements.79 However, to truly 
observe the microstructural response of 
a material during indentation the defor-
mation must be imaged at a resolution on 
the same order as the size of the defects 
created. A TEM can provide sub-nano-
meter resolution with the ability to im-
age sub-surface phenomena such as the 

Figure 9. Quantitative in situ TEM nanoindentation of an initially dislocation-free submicrometer aluminum grain using a Berkovich conductive 
diamond indenter.85 (a) The diamond indenter approaches the defect-free aluminum grain from the bottom of the video frame. (b) Displacement-
controlled load versus displacement curve. (c) The microstructure change resulting from the fi rst dislocation burst, occurring before sustained contact 
(denoted by the large increases in load that occur around 70 nm in displacement in (b)) is established. Figure adapted from Reference 85.
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Figure 8. Time series TEM images of an aluminum grain showing the evolution of elastic-plastic deformation during an in situ nanoindentation 
experiment. The time elapsed from image (a) is given in seconds in the upper right corner of each frame. At (a) the grain is initially defect-free. 
At (b) the diamond indenter makes contact with the surface and elastic strain contours can be seen within the grain. Somewhere between 
images (c) and (d) dislocations are nucleated. (e) and (f) show the progression of dislocation plasticity as dislocations fi ll the grain. Figure 
taken from Reference 86.
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creation of dislocations and nucleation 
of phase transformations. However, 
the phenomenological interpretation of 
nanoindentation tests, and indeed the 
mechanical behavior of solids at their 
elastic limit, can be addressed by the ex-
perimental technique of in situ nanoin-
dentation in a TEM. This experimental 
technique has shown direct observations 
of the nanoindentation-induced defor-
mation behavior in bulk materials80,81 
and thin fi lms.23,82–85

 In order to perform a nanoindentation 
test inside a TEM, the sample must be 
oriented so that it can both be approached 
by the indenter tip and imaged with the 
electron beam. In addition, the sample 
thickness must be small enough to be 
electron transparent while also large 
enough to allow for indentation with a 
fi nite-sized tip. In most cases, sample 
thicknesses are on the order of 200–300 
nm and a 75 nm radius of curvature is 
determined for the diamond tip (for fur-
ther details see References 23, 80–85).
 During an in situ nanoindentation test, 
video-rate images that are captured can 
be interpreted as quasi-static images of 
the equilibrium confi guration of defects. 
Figure 8 illustrates this point by show-
ing a series of six images taken from a 
video during an in situ nanoindentation 
experiment.86 In Figure 8a, a diamond 
nanoindentation tip is approaching an 
aluminum grain that is ~400 nm in di-
ameter. Figure 8b and c show images of 
the evolution of the induced strain con-
tours during the initial stages of inden-
tation, and correspond to purely elastic 
deformation in the absence of any pre-
existing dislocations that could cause 
plasticity. Figure 8d shows the fi rst indi-
cation of plastic deformation, in which 
dislocations are nucleated; a set of pris-
matic loops is observed. Previous in 
situ nanoindentation studies on similar 
samples have also shown the nucleation 
of prismatic loops.85 Figure 8c and d are 
consecutive frames of the video, and are 
1/30th of a second apart. As can be seen, 
the exact location of the nucleation event 
is not discernable, since the evolution of 
the dislocation confi guration has pro-
ceeded beyond the point at which that 
might be possible. Figure 8e and f shows 
the large increase in dislocation density 
achieved as deformation proceeds, and 
dislocations tangle and multiply.
 Although the precise nucleation site 

may be diffi cult, if not impossible, to 
establish from such experiments, in situ 
indentation experiments provide unique 
advantages over ex situ TEM analysis 
of post-indent dislocation confi gura-
tions. In addition to the diffi culty in pre-
paring TEM samples after indentations 
have been conducted, the strong image 
forces exerted on the dislocations by the 
free surface can lead to very different 
structures after the sample has been un-
loaded.
 Furthermore, being able to directly 
correlate the microstructural evolution 
in a material with the quantitative force 
responses can lead to valuable insight 
for the interpretation of ex situ nanoin-
dentation experiments. For instance, a 
recent quantitative in situ nanoindenta-
tion study of defect generation in alumi-
num thin fi lms found that the initiation 
of dislocation plasticity can occur be-
fore sustained contact loading, at force 
levels that are barely discernable during 
instrumented nanoindentation.85 In this 
study, the correlation of the in situ video 
and the load versus displacement curve 
showed that the initiation of defects oc-
curred prior to the fi rst sustained load 
drop that would normally be interpreted 
as the yield point in a displacement-con-
trolled experiment (see Figure 9).85 It 
was already noted that for in situ TEM 
studies such as this the available crystal 
volume is limited by the requirement of 
electron transparency. Fundamentally, 
this has the consequence that the ana-
lyzed volumes are smaller than what can 
be characterized by the other techniques 
described in this paper. For example, 
the volume imaged in Figure 9 is much 
smaller than what would be represented 
by the Nix–Gao model, and in fact the 
extent of the dislocation arrangement is 
controlled by the microstructure of the 
thin fi lm (blocked by the grain bound-
aries) as opposed to any fundamental 
length scale that might be seen in a single 
crystal. Thus, more widespread disloca-
tion arrangements need to be character-
ized by other techniques such as etch pit 
analysis,58 EBSD investigations,16 and 
post ex situ TEM examinations.75

 Nevertheless, the experimental tech-
nique of in situ nanoindentation in 
a TEM has been shown to provide a 
unique capability for investigating the 
nanomechanical behavior of small solid 
volumes. Through quantitative in situ 

testing, a direct correlation is made be-
tween the microstructural evolution in 
a material and the load versus displace-
ment signal generated by the indentation 
system. This capability is essential to 
fully understand the mechanisms asso-
ciated with indentation phenomena and 
the fundamental deformation behavior 
of materials.

CONCLUSIONS

 The presented techniques provide a 
wide range of additional information re-
garding the local microstructure of the 
indented volume, which is not acces-
sible solely from the analysis of the load 
versus displacement data from nanoin-
dentation experiments.
 Etch pit methods depict the local ar-
rangement of GNDs and SSDs in the 
plastic zone. This allows for the quan-
tifi cation of strain gradients and local 
fl uctuations of the dislocation density 
with respect to indent size, indenter ge-
ometry and crystal orientation. Similar 
issues can be addressed by EBSD in-
vestigations, but this technique senses 
only GNDs and the orientation changes 
associated. The deduced orientation gra-
dients are therefore equivalent to strain 
gradients,63 since they are caused by 
the presence of GNDs. In the presented 
cases, the commonly harder accessible 
indent cross sections were investigated 
to complement the information from the 
surface etch pit results. There are differ-
ences between the two presented case 
studies, caused by the different indent-
ers as well as friction stresses associated 
with different materials. At the same 
indentation depth, a Berkovich tip sam-
ples a much larger volume compared to 
a cube corner. Furthermore, the friction 
stress for CaF

2
 is very high and leads to 

a confi ned plastic zone, while it is very 
low for copper, thus allowing the dislo-
cations to move far into the underlying 
material. Nevertheless, the data gained 
with these techniques are essential to 
proceed from simple isotropic continu-
um models of the indentation process to 
more sophisticated descriptions taking 
into account the crystal anisotropy and 
size-dependent spatially varying strain 
gradients.
 In situ nanoindentation in the TEM 
fi nally offers direct quantitative insight 
into incipient plasticity, since dislocation 
nucleation sites and nucleation stresses 
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can be deduced with high local resolu-
tion. The results shown indicate that the 
initially defect-free grain is fi lled with 
dislocations at marginal loads,85 and that 
what is commonly regarded as the load-
ing of a pristine single crystal appears to 
be more accurately described as indent-
ing a crystal containing a high disloca-
tion density.
 The presented approaches all provide 
valuable insights, but differ in the in-
vestigated material and experimental 
parameters. Combination of all three 
approaches for a systematic study of a 
selected material system, using identi-
cal experimental parameters, might be 
a challenging but very promising goal. 
While etch pit methods and EBSD tech-
niques would cover the three-dimen-
sional microstructural evolution over a 
wide range of indentation sizes, in situ 
TEM nanoindentation would focus on 
initiation and temporal evolution of in-
cipient plasticity. A study such as this 
would provide a unique assembly of in-
formation for complete analysis of the 
indentation process.
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OverviewOverviewNanomechanical Characterization

This article reviews concepts and 
techniques for performing instrumented 
tensile testing of materials at small di-
mensions. State-of-the-art methods to 
probe tensile behavior of micro- and 
nanoscaled materials span many orders 
of magnitudes of force and displace-
ment, often requiring a custom solution 
for each new material discovery. We 
discuss the experimental opportunities, 
challenges, and pitfalls in concert with 
the scientifi c insights revealed from ten-
sile investigations at length scales 
where conventional wisdom is chal-
lenged on how materials deform.

INTRODUCTION

Developing mechanical tensile test-
ing techniques and methodologies of 
materials in miniscule dimensions to 
accompany the accelerating pace of 
technological miniaturization has been 
a challenging task. Novel device archi-
tectures have been proposed that utilize 
tiny building blocks (e.g., hybrid mate-
rials, nanocomposites, microelectrome-
chanical systems [MEMS] and nano-
electromechanical systems [NEMS] 
materials, nanostructured thin fi lms, 
nanoporous structures, nanowires, and 
nanotubes) because of their superior 
properties, even in the absence of a 
complete understanding of the govern-
ing mechanisms for deformation. The 
race is on to uncover the mechanisms 
that give rise to different properties 
when atomic scales are approached and 

Micro- and Nanoscale Tensile 
Testing of Materials

D.S. Gianola and C. Eberl

small-scale tensile (i.e., stretching or 
pulling) testing approaches, where load 
is applied uniaxially and the resulting 
stress and strain state is nominally uni-
form in the specimen. Simply stated, 
micro- and nanotensile approaches dif-
fer in comparison to other small-scale 
methods in that the interpretation of 
data is relatively straightforward, while 
the technical hurdles can be high. Con-
versely, techniques such as nanoinden-
tation are relatively simple to execute, 
while the interpretation can be chal-
lenging.

TENSILE TESTING 
APPROACHES AND 

TECHNIQUES

 There are several experimental hur-
dles that must be overcome to do proper 
tensile testing of materials in order to 
obtain precise mechanical property 
measurements. In the macro-world, the 
majority of these issues has been stud-
ied in detail and in many cases stan-
dardized (e.g., ASTM standards). The 
pertinent questions at the micro- and 
nanoscale become: What techniques 
can we simply scale down from large-
scale approaches, and at what point do 
we need radically different methodolo-
gies to deal with reduced dimensions? 
The following sections systematically 
address the steps necessary to realize a 
tensile test at small scales and highlight 
several unique approaches that research-
ers in the fi eld have developed to over-
come these challenges.
 The synthesis of materials with re-
duced dimensions (e.g., coating materi-
als, novel nanostructures, thin fi lms) is 
a burgeoning fi eld of research. Metrol-
ogy for accurate sample measurement 
and micro- and nanostructural charac-
terization must be juxtaposed with syn-
thesis and testing. These topics are de-

change our thinking on how materials 
deform. Yet, the accurate and reliable 
testing at these length scales is shrouded 
with uncertainty.
 The following experimental ques-
tions arise: How can we fabricate small 
specimens with good geometric toler-
ances? How do we measure the dimen-
sions of small samples that cannot be 
imaged with conventional optical meth-
ods? How can we measure and apply 
small forces with high dynamic range? 
How do we manipulate and grip small 
specimens?
 This article focuses on instrumented 
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How would you…

…describe the overall signifi cance 
of this paper?

In this paper we review state-of-
the-art small-scale tensile testing 
techniques spanning several orders 
of magnitude of size and highlight 
exemplary case studies that have 
a signifi cant impact on various 
subjects in materials science. 

…describe this work to a 
materials science and engineering 
professional with no experience in 
your technical specialty?

 As technology miniaturizes, we 
need new techniques to probe the 
mechanical response of materials 
at pertinent length scales. Some 
methods we can simply scale 
down in size, but at increasingly 
small scales when test specimens 
have dimensions smaller than the 
diameter of a human hair (~50 μm), 
we need radically new approaches. 
Here we review tensile techniques at 
the micro- and nanoscale.

…describe this work to a 
layperson?

Here, we discuss approaches to 
scale down tensile testing to probe 
mechanical properties of materials 
from the millimeter to the nanometer 
scale. 
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serving of their own attention (see, for 
example, Reference 1), and major prog-
ress has been made in the last decades; 
advances have been made in marriage 
with the development of novel micros-
copy technologies. Here the emphasis 
will be placed entirely on the issues and 
challenges pertaining to mechanical 

Figure 1. Specimen manipulation strategies 
are illustrated schematically across the length 
scales involved in micro- and nanotensile testing. 
The top row shows examples of specimens that 
can be handled using tweezers. The middle and 
bottom rows require manipulators to harvest and 
transfer specimens to a testing platform, and 
differ in the necessary motion fi delity. (LIGA Ni 
image reprinted, with permission, from the Annual 
Review of Materials Research, Volume 37 ©2007 
by Annual Reviews. Thin fi lm image reprinted with 
permission from SPIE.)

Figure 2. Scanning electron microscopy images 
showing strategies for harvesting, manipulating, 
and attaching quasi-1-D nanostructures. A 
nanomanipulator is operated in the SEM and 
can be attached to a specimen using local 
platinum deposition. Transfer and alignment can 
be accomplished by using the FIB to cut the 
specimen. A close-up view of platinum “tape” used 
for gripping during tensile testing, as deposited 
with the assistance of the e-beam.

Figure 3. The force versus displacement range 
offered by a variety of small-scale tensile testing 
techniques, spanning approximately eight 
decades of force and displacement range.21,30,40–

43,50,60,85,92,111 The lower point represents the 
resolution of the system, while the upper point 
is the maximum allowable value. This plot gives 
guidelines for recommended testing approaches. 
(Figure courtesy of Steffen Orso.44)
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testing of small-scale materials.

Specimen Harvesting, 
Manipulation, and Gripping

 Specimens at the larger end of the 
length scales covered in this overview 
(envelope dimensions of several mm × 
hundreds of μm × tens to hundreds of 

μm, see, e.g., Figure 1) can be handled 
in much the same way that conventional 
tensile specimens are. Sharp tweezers 
can often be used for manipulating 
specimens, and more controlled air 
tweezers for soft and ductile specimens. 
In a recent review on microscale me-
chanical characterization, K.J. Hemker 
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and W.N. Sharpe2 highlighted tech-
niques for fabricating and handling 
freestanding microspecimens and pre-
sented examples of the insightful results 
obtained from testing for a broad range 
of materials applications.
 However, many micro- and nano-
scale specimens are typically very frag-
ile and cannot withstand the brutality of 
conventional handling tools (e.g., twee-
zers, hands). Two general categories of 
remedies are employed to accomplish 
specimen handling: mounting the speci-
men on a support structure that is large 
and/or stiff enough to handle easily with 
typical tools, and harvesting individual 
specimens from the location where they 
were grown, assembled, or dispersed 
using micro- and nanomanipulators and 
transferring them to a testing device. 
Figure 1 illustrates examples of speci-
men geometries as a function of size 
and manipulation scheme. 
 A support structure can easily be inte-
grated into a microfabrication or MEMS 
processing scheme in order to test free-
standing thin fi lms. Both additive (e.g., 
deposition of layers on a substrate) and 
subtractive (e.g., etching through lay-
ers, removal of sacrifi cial layers) pro-
cesses can be used in the process fl ow 
to implement a platform that consists of 
a thin fi lm that is anchored to a substrate 
but released in the gage section. C.A. 
Neugebauer3 developed such a method 
using gold fi lms and a rock salt substrate 
as far back as 1960. D.T. Read and J.W. 
Dalley,4 and later W.N. Sharpe, Jr. and 
colleagues,5 extended this technique 
for testing fi lms that are deposited on 
a silicon substrate. As shown in Figure 
1, a freestanding polysilicon thin fi lm 
specimen (3 μm thick) is framed by a 
silicon supporting structure consisting 
of 500 μm thick silicon grips and sup-
port strips on the periphery.5 This die is 
handled easily with tweezers, and can 
be integrated into a tensile testing plat-
form. Prior to testing, the support strips 
can be cut with a diamond-impregnated 
rotary tool so that the loads are only in-
curred by the thin fi lm. This technique 
has been successfully utilized for the 
testing of Ti-Al-Ti,4 polysilicon,6 nano-
crystalline aluminum,7 gold,8,9 SiN,10 
and SiC.11 
 An alternative method involves sur-
face micromachining of thin-fi lm ma-
terials on the surface of a substrate 

and subsequently removing sacrifi cial 
layers or etching below specimens to 
release the gage section, as introduced 
by T. Tsuchiya et al.12 Figure 1 shows 
the so-called narrow thin-fi lm specimen 
geometry of W.N. Sharpe et al.13 One 
end of the specimen remains anchored 
to the substrate, while the other consists 
of a large paddle with arrays of pat-
terned etch holes that allows for release 
from the substrate during etching. This 
paddle is attached to anchors that can be 
cut before testing using a sharp micro-
manipulator. The large paddle can be 
gripped electrostatically12 or by gluing 
a stiff fi ber and attaching the other end 
to a load cell.13–17 One advantage of this 
method is the ability to test specimens 
in a more parallel fashion, since the 
alignment of the loading device needs 
to be accomplished only once per die. 
D.T. Read et al.18 proposed an alterna-
tive paddle geometry that has been used 
by others19,20 consisting of an annular 
ring on the free side of the specimen, 
allowing for a separate hook structure 
to apply forces to the specimen. 
 Co-fabrication of the specimen and 
testing apparatus has been proven to be 
an attractive strategy in situations where 
the materials synthesis can be integrated 
in the device process fl ow. This is par-
ticularly appealing for materials used in 
microelectronics, MEMS, and NEMS 
synthesized by vapor deposition meth-
ods, and allows for batch processing 
and testing of many specimens on a sin-
gle wafer. Co-fabrication has the clear 
advantage of circumventing gripping 
and alignment issues by incorporating 
the specimen into the device fabrication 
using multiple photolithography masks, 
for example. M.A. Haque and M.T.A. 
Saif have co-fabricated and performed 
tensile testing of thin metal fi lms as thin 
as 30 nm21 and H.D. Espinosa and col-
leagues have employed this strategy to 
test polysilicon specimens and one-di-
mensional (1-D) nanostructures.22

 The described strategies for specimen 
manipulation are not always feasible 
when a specimen’s largest dimension 
is less than several tens of micrometers, 
as in the case of nanotubes, nanowires, 
nanobelts, and some biomaterials. Y. 
Zhu, C. Ke, and H.D. Espinosa23 re-
cently reviewed the state of the art of 
mechanical characterization of 1-D 
nanostructures, and point out that one 

of the largest challenges is the handling 
of extremely small specimens. Micro- 
and nanomanipulators can be used in 
conjunction with high-resolution imag-
ing systems to locate, attach, transfer, 
and manipulate these structures to the 
desired testing platform. For example, 
several commercial nanomanipulators 
with multiple degrees of freedom are 
now available that make use of piezo-
electric materials combined with so-
called inertial drive mechanisms. These 
actuators exploit the difference between 
the static and dynamic coeffi cients of 
friction, offering sub-nanometer resolu-
tion with millimeter to centimeter rang-
es (examples of commercially available 
systems include Kleindiek Nanotech-
nik, Omniprobe, and Klocke Nanotech-
nik). By attaching fi ne tapered probes 
(typically sharpened by electropolish-
ing, and many times re-sharpened by 
the focused ion beam [FIB]), tiny speci-
mens can be manipulated and harvested 
with no to minimal handling damage. 
In situations where specimens can no 
longer be imaged using white-light op-
tical microscopy, nanomanipulators can 
be integrated into transmission electron 
microscopy (TEM),24,25 scanning elec-
tron microscopy (SEM), and/or FIB26 
environments where they can be used 
in conjunction with local deposition 
systems for specimen attachment.
 Common approaches for in situ attach-
ment include local deposition or accu-
mulation of hydrocarbons present in the 
vacuum system using a focused e-beam 
(EBID),27 or the local injection of a pre-
cursor gas (called a gas injection sys-
tem, or GIS) that adsorbs to the sample 
surface and can be locally decomposed 
using EBID or an ion beam (IBID). The 
desired compound is deposited where 
the beam is scanned, and the reaction 
products are volatile and can be pumped 
away. This method has been utilized ex-
tensively,28,29 and GIS systems currently 
exist with the capability of depositing 
gold, platinum, and tungsten. The GIS 
method has also been used for local 
metal deposition to grip specimens for 
tensile testing. For example, S. Orso et 
al. used IBID to deposit “fi xation tape” 
of tungsten to individual setae from the 
leg of a beetle for subsequent tensile 
testing.30 Figure 2 shows the manipula-
tion and transfer of nanowires by utiliz-
ing a commercial nanomanipulator and 
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local platinum deposition. Limited in-
formation exists regarding the strength 
of these “tape” deposits given that the 
microstructure and corresponding prop-
erties vary wildly depending on the de-
position conditions.31 Nevertheless, this 
gripping method has proven to be suffi -
ciently strong for specimens as large as 
several micrometers, generating forces 
as high as ~ 5 mN.30

 In addition, the advent of atomic force 
microscopy (AFM/SPM) based tech-
niques has spawned a new generation 
of tools using the atomically sharp tip 
as an end effector to manipulate objects 
as small as individual atoms.32 This ap-
proach is often named the AFM nanoro-
bot33,34 and can be made more versatile 
by functionalizing the tip to enhance the 
specifi city of binding to certain mole-
cules or particles (often called chemical 
force microscopy). For example, S.H. 
Leuba et al. employed this approach to 
stretch single strands of chromatin and 
measured their mechanical response.35

 Novel manipulation and patterning 
techniques have been proposed and 
could prove to be very useful for attach-
ment of tensile specimens, particularly 
those that require high throughput or 
special environments (e.g., aqueous so-
lutions, non-ambient conditions). Some 
examples include random dispersion of 
nanostructures in suspension solution 
onto patterned grids or by directed self-
assembly to encourage pattern forma-
tion,23 alignment using external electric 
fi elds by utilizing the dielectrophoresis 
effect,36,37 and direct growth of nano-
structures by patterning or manipulat-
ing growth catalyst particles in desired 
locations and orientations.38,39 These 
methods show promise for accelerated 
tensile testing of materials to effi ciently 
generate large materials properties da-
tasets.

Actuation and Force/
Displacement Measurement

 One must consider the expected 
forces and displacements that would be 
incurred when approaching micro- and 
nanoscale tensile testing (see Figure 3 
for literature values of force and dis-
placement ranges for a variety of test-
ing approaches40–44). Other important 
considerations when choosing a testing 
apparatus are the materials properties 
that are desired (e.g., elastic moduli, 

yield strength, stress relaxation, etc.) 
and whether dynamic material chang-
es (e.g., discrete deformation, yield 
points) are expected during testing. At 
larger scales, Sharpe, Hemker, and co-
workers2 showed that many microten-
sile testing needs can be satisfi ed using 
careful selection of commercially avail-
able components.
 Actuation technologies exist that offer 
nanometer and sub-nanometer resolu-
tion, and others are available that offer 
large ranges of motion; the challenge is 
obtaining a system that provides high 
dynamic range (i.e., fi ne step sizes and 
large ranges). Piezoelectric actuators 
offer decided advantages in terms of 
resolution of motion (since the principle 
is based on atomic-level straining) and 
speed control, and can be fabricated in 
special stack geometries to extend the 
range of motion. However, piezo-based 
actuation systems are susceptible to di-
rect current (DC) drift and stack designs 
are not always very compact, preclud-
ing use in restricted spaces (e.g., in situ 
experiments). High dynamic range ac-
tuators are commercially available that 
make use of the inertial drive mecha-
nism mentioned previously, combin-
ing precision motion of piezoelectric 
materials with large travel (e.g., tens 
of millimeters). This motion can be ac-
complished using linear sliding or by a 
ratcheting motion of piezoelectric jaws 
over a fi nely threaded screw. 
 Thermal actuation has been demon-
strated as a useful and stable actuation 
method,45,46 which involves the coupling 
of electrical, thermal, and mechanical 
fi elds. A DC current is passed between 
external contacts connected to slender 
beams, which induces resistive heating 
along angled beams. The heat resulting 
from the Ohmic dissipation results in 
thermal expansion of the beams along 
their longitudinal axes and projects 
into rectilinear motion for actuation. 
The amount of force and displacement 
that the thermal actuator can generate 
is a function of the beam geometry, the 
angle of inclination relative to the ac-
tuation axis, the number of beams used, 
and the material properties of the actua-
tor.
 Once the actuation technique has been 
chosen, one must consider a method for 
measuring the tiny forces encountered 
in small-scale specimens. Many com-

mercial load cells based on conventional 
technology such as Wheatstone bridges 
or internal leaf springs are available 
that provide the capability of measur-
ing forces as small as several tens of 
micronewtons. 
 Flexure-based load measurement sys-
tems that rely on transverse defl ection 
of beams perhaps offer the most versa-
tility, since the load range can be cus-
tomized to suit the testing needs simply 
by adjusting the geometry. This can be 
accomplished readily at larger scales 
by using CAD-based EDM or laser cut-
ting methods, and by microfabrication 
or FIB milling at smaller length scales. 
Cantilevered beams are sensitive load 
sensors since they are very compliant; 
indeed, this point is exploited in AFM,47 
surface stress-induced chemical and bi-
ological sensing,48 and stress evolution 
studies during thin-fi lm growth.49 For 
example, M.F. Yu et al.50 used two op-
posing AFM cantilevers to manipulate 
and test multi-walled carbon nanotubes 
in tension. S. Gudlavaletti and col-
leagues51 demonstrated the versatility 
of fl exure-based systems by providing 
design considerations and constructing 
monolithic apparatuses to perform ten-
sile testing at different length scales.
 Several researchers promoted this 
technique for force measurement dur-
ing tensile testing of one-dimensional 
nanostructures,22,23,52 freestanding me-
tallic thin fi lms,21,53 and polysilicon22 
by microfabricating testing devices that 
integrate actuators and load measure-
ment devices all on a single chip. Haque 
and Saif21 introduced an integrated test-
ing device consisting of silicon beams 
and grips that are etched through the 
entire chip in order to perform in situ 
TEM tensile testing. They developed a 
new generation of testing platform,54 as 
shown in Figure 4a, with some advan-
tages including reference markers for 
relative displacement measurements 
(thus, 1-D strain) and the possibility for 
concurrent four-point electrical charac-
terization. This device can be integrated 
easily into existing TEM straining hold-
ers and simple ex situ actuators, but re-
quires external loading. Espinosa and 
co-workers22 developed fully integrated 
testing platforms that rely on thermally 
driven actuators or capacitive struc-
tures inducing electrostatic forces (Fig-
ure 4b). Their devices require only that 
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Figure 4. MEMS-based tensile testing platforms in which the specimen is co-fabricated with the testing apparatus. (a) Platform of Han and 
Saif,54 which utilizes fl exure beams for alignment and force measurement, and can be installed in in situ SEM or TEM straining holders. (Reused 
with permission from Jong H. Han, Review of Scientifi c Instruments, 77, 045102 (2006). Copyright 2006, American Institute of Physics.) (b) 
SEM image of platform of Espinosa et al.,22 which has the actuator, load cell, and specimen all on-chip. Only external electrical connections are 
required to operate the device, and the device can also be operated in the TEM. (Copyright 2005 National Academy of Sciences, U.S.A.)

b

a

Figure 5. Examples of 
specimens with optimal 
contrast for (a) DIC and (b) 
DDIT non-contact strain 
measurement. (a) Image of 
a rolled Al 5053 microten-
sile specimen with natural 
surface contrast good for 
DIC, and corresponding 
correlation coeffi cient that 
is maximized during DIC 
procedure. (b) Image of 
surface of nanocrystalline 
aluminum submicrometer 
thin fi lm decorated with 
SiOx particles, ideal for 
DDIT. A section of one par-
ticle shown as the intensity 
from the digital camera as 
a function of position. A 
Gauss function is fi t to the 
raw data, and the evolu-
tion of the peak center can 
be tracked with sub-pixel 
resolution.

Figure 6. Examples of al-
ternative small scale test-
ing devices that lead to 
tensile stresses and strains 
in specimens: thin fi lm de-
posited on a polymer dog-
bone, bulge testing of free-
standing thin fi lm, mem-
brane defl ection technique 
using a nanoindenter sys-
tem to stretch thin fi lms, 
and use of intrinsic stress 
in SiNx actuators in a mi-
crofabrication process fl ow. 
Subsequent etching of a 
sacrifi cial layer causes the 
SiNx beam to pull on the 
testing specimen.  

a b
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b

a

Figure 7. In situ FIB ten-
sile testing approach for 
individual seta from the leg 
of a beetle. (a) Illustration 
showing AFM cantilever 
load measurement device, 
specimen, and attachment 
points. (b) FIB image of a 
specimen during testing.  
Inset shows stress strain 
behavior. Strain was mea-
sured locally using DDIT of 
captured images.

electrical contacts be made to the device, 
which can be easily accomplished using 
standard wire bonding. R.S. Ruoff et al.55 
designed and implemented a fl exure-
based, microfabrication-realized test-
ing platform with a novel geometry that 
produces displacement de-amplifi ca-
tion from thermal actuators, resulting in 
precise nanometer-level control.
 Nanoindentation systems are most 
often utilized for compression testing of 
materials (e.g., sharp indentation, pillar 
compression), but can also be utilized 
for small-scale tensile testing.52 Some 
transducer designs rely on electromag-
nets for force actuation and capacitive 
systems for displacement measurement 
(see for example Reference 56 for a 
review on instrumented indentation), 
while others utilize electrostatic inter-
actions between capacitive structures 
for force generation.57 The latter sys-
tems employ a three-plate capacitor 
design and superimpose high-frequen-
cy antiphase alternating current (AC) 
signals to opposing capacitor plates to 
measure displacement.57 It should be 
noted that both transducer designs are 
inherently force-controlled, but sophis-
ticated feedback systems can be used 
to achieve quasi-displacement control 
during testing. 
 Focused light can also be used to ap-
ply or measure forces on small speci-
mens. The research group of C. Busta-
mante58 implemented an optical trapping 
system (also known as optical tweezers) 
to experimentally investigate the exten-
sibility of DNA. This approach exploits 
the electrical fi eld gradient produced 
by a focused laser beam, which inter-
acts with and traps dielectric particles 
(typically glass or polymeric beads at-
tached to biomolecules) in the center of 
the beam. If the bead is moved from the 
optical center, then a restoring force is 
applied to the dielectric particle due to 
the momentum transfer from the scat-
tering of light, allowing for mechanical 
testing experiments. Position-sensitive 
detectors (e.g., photodiodes or CCD 
cameras) are placed downstream from 
the optical path and can detect beam 
displacements (at the nanometer level), 
while forces (as low as 10–13 N) are ap-
plied by either steering the beam or by 
precisely moving the other end of the 
specimen using a piezoelectric stage.59 
It should be noted that careful and te-

dious calibration of these systems is 
necessary to quantify the changing trap 
stiffness and displacement output.60

Strain Measurement

 Accurate tensile testing requires di-
rect strain measurement in the gage 
section61 of the specimen and in small-
scale testing this can be achieved by 
non-contact strain measurement meth-
ods. Notable approaches include the in-
terferometric strain displacement gage 
(ISDG62), tracking of diffraction spots 
from gratings deposited on specimen 
surfaces,63 digital image correlation 
(DIC),16,64 and differential digital image 
tracking (DDIT).15,30 These techniques 

also allow for the measurement of the 
lateral strain to measure Poisson’s ra-
tio.5,65 Digital image correlation and 
DDIT have the advantage of full-fi eld 
capability giving local fi delity (e.g., 
strain heterogeneities near grain bound-
aries).66 These techniques measure the 
strain even after tensile necking extend-
ing the measureable stress-strain behav-
ior beyond the maximum engineering 
stress.65 In the case of in situ tensile test-
ing, DIC and DDIT are ideal methods 
for strain measurement, as the SEM,66–68 
FIB,30 or AFM16 can be used as image 
sources during the test. Thus, quantita-
tive information can be extracted in ad-
dition to imaging the deformation mor-
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phology during testing.
 The basic premise of DIC is as fol-
lows, and a representative image dem-
onstrating good surface contrast on a 
microspecimen is shown in Figure 5a. 
The correlation coeffi cients of subsets of 
consecutive images (typically between 
10 × 10 to 40 × 40 pixels²) are calculat-
ed and plotted versus their position. Bi-
quadratic functions, for instance, can be 
used to locate the maximum correlation 
coeffi cient (with sub-pixel resolution) 
that is representative of the optimal fi t 
between the subsets of the two images 
(Figure 5a). Differential digital image 
tracking requires intensity peaks in the 
source images that can be tracked by a 
peak fi tting algorithm (Figure 5b). This 

method can achieve a resolution of up 
to a thousandth of a pixel, which al-
lows for good strain fi delity even in the 
absence of many pixels (e.g., AFM im-
ages with ~200 × 200 pixels2 resulting 
in strain resolutions of up to Δε = 10–5). 
Ultimately, the resolution of DIC and 
DDIT primarily hinge on the noise pres-
ent in the imaging system. Differential 
digital image tracking is typically less 
susceptible to local image noise since 
features are tracked that span multiple 
pixels. Free MATLAB® code for DIC 
and DDIT is available online.69

Indirect Tensile Testing Methods

 The focus of this paper is on instru-
mented tensile testing in which the 

uniaxial load and displacement are 
measured directly and independently. 
However, several small-scale testing 
methods have been reported that in-
duce tensile loads in specimens and are 
capable of measuring full stress-strain 
curves. Notable examples include 
plane-strain bulge testing,70 the mem-
brane defl ection technique,71 and an on-
chip residual stress-induced actuation 
method.72 These methods are illustrated 
in Figure 6. 
 Co-deforming a thin fi lm with a poly-
mer substrate (Figure 6) is another way 
to stabilize fragile specimens and is also 
of technological interest for use in fl ex-
ible electronics for displays and active 
textiles. Several researchers have uti-
lized this approach to study the tensile 
behavior of fi lms as thin as 20 nm.73–77 
Furthermore, in situ x-ray diffraction 
can be used to quantify stress evolution 
in crystalline materials since the total 
force cannot be directly related to stress 
in the thin fi lm. Upon analyzing the dif-
fraction patterns, one can calculate the 
elastic multi-dimensional lattice strains 
from interplanar crystalline spacings 
and combining multiple measurements 
in orientation space. These quantities 
can be related via careful analysis to the 
stress in the crystal via the elastic con-
stants.78,79 The infl uence of Poisson con-
traction and time-dependent relaxation 
of the underlying polymer can therefore 
be mitigated as employed extensively 
by H. Hommel and O. Kraft,73 P.A. Gru-
ber et al.80,81 for continuous fi lms and S. 
Olliges et al. for structured fi lms.82

 Bulge testing involves pressurizing a 
freestanding thin fi lm that is clamped at 
its edges to induce tensile stresses in the 
membrane (Figure 6); the pressure and 
defl ection of the membrane are mea-
sured independently, as introduced by 
J.J. Vlassak and W.D. Nix.70 This has 
been applied to the testing of various 
metal fi lms with and without passiv-
ation layers.83,84

 The membrane defl ection technique 
was developed by H.D. Espinosa and 
colleagues,71,85 where a long doubly 
clamped freestanding thin fi lm is pushed 
in its center using a nanoindenter (Fig-
ure 6). Given the lack of bending stiff-
ness in thin fi lms, the transverse loading 
translates to tension in the membranes 
on either side of the loading point. 
Force is measured by the nanoindenter, 
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and the vertical defl ection can be mea-
sured using an interferometer. 
 Lastly, N. André et al.72 developed a 
tensile testing technique which can be 
integrated into a MEMS or microelec-
tronics process, where the actuation is 
carried out by residual stresses in SiN

x
. 

During etching of a sacrifi cial layer 
that initially holds the layers in place, 
the intrinsic stress in the SiN

x
 actua-

tor pulls on the sample as illustrated in 
Figure 6, and by integrating several of 
these structures with different actuator 
lengths, the actuated displacement can 
be varied. The load on the sample can 
be measured by the difference in dis-
placement of each actuator compared to 
a stress-free state. Each actuator-sample 
structure represents one data point on 
the stress-strain curve.

INSIGHTS GAINED FROM 
SMALL-SCALE TENSILE 

TESTING

 Micro- and nanotensile testing have 
helped further our understanding of how 
small volumes of materials deform, as 
shown in the following examples.

Tensile Testing of Biological 
Attachment Devices

 Biologically inspired adhesion sys-
tems have recently attracted signifi cant 
attention as a replacement for chemis-
try-based adhesives, tapes, and indus-
trial grippers. Some insects and geckos 
use hierarchical hairy attachment sys-
tems of brush-like structures as small 
as 200 nm to reversibly adhere to walls 
and chase down their prey. Several 
researchers have shown that van der 
Waals interactions and capillary forces 
provide the observed adhesion86–89 and 
have studied the related scaling laws. 
The fi ndings can be used to identify 
the optimum geometric and materials 
properties via adhesion maps.90,91 Mea-
surements of the mechanical properties 
of these small structures is necessary 
for effi cient design yet challenging, as 
the diameters of setae scale from sev-
eral micrometers down to 200 nm with 
lengths between several micrometers 
and 100 μm. 
 Orso et al.30 were successful in utiliz-
ing a micromanipulator mounted into 
an FIB microscope to separate, cut, and 
fi x single setae from the leg of a gas-
trophysa viridula (beetle) and carry out 

in-situ microtensile tests. The experi-
mental setup for tensile testing is shown 
in Figure 7. The load was measured by 
an AFM tip attached to the microma-
nipulator and the setae were glued by 
tungsten tapes deposited using IBID 
to a metal block and the AFM tip. The 
strain was calculated using DDIT from 
the FIB micrographs obtained continu-
ously throughout the test. 
 The measured Young’s modulus 
of the gastrophysa viridula setae was 
13.3 ±1 GPa and the reported ultimate 
strength was 310 ± 60 MPa. The me-
chanical behavior showed almost ideal 
elastic behavior (inset of Figure 7) and 
compares with properties of chitin fi ber-
reinforced composite materials. The 
authors pointed out that the Young’s 
modulus of biological materials is of-
ten higher in vacuum than under normal 
atmospheres due to dehydration. This 
study set a precedent for extracting the 
properties of biological attachment sys-
tems, which aids designers in selecting 
bio-mimicking materials and optimiz-
ing structural design for the develop-
ment of artifi cial attachment systems.

Size-Dependent Plastic Behavior 
in Single-Crystalline Metals

 More than fi fty years ago, S.S. 
Brenner92 published seminal work on 
the deformation of microscale single 
crystals to convincingly demonstrate 
that size indeed does matter, and de-
formation behavior of metals can be 
altered by simply changing the exter-
nal specimen size. He reported tensile 
testing results of copper, iron, and sil-
ver whiskers ranging in diameter from 
approximately 1 μm to 15 μm and 
1 mm to 4 mm in length that were 
grown using reduction of halides and 
tested in the apparatus shown in Figure 
8a. Stress-strain behavior was char-
acterized as strong, but with limited 
plastic fl ow, and pronounced deviations 
from linear elasticity were measured 
in the iron whiskers that were attrib-
uted to strains that exceeded the linear 
elastic limit of Hookian elasticity.92 He 
showed that the ultimate strength of the 
whiskers showed prominent size de-
pendence (Figure 8b), with critical re-
solved shear strengths falling closely to 
the lower estimate for the ideal strength 
of these metals in the case of the small-
est whiskers. 

 Brenner followed up this work93,94 
with more results on copper, silver, and 
gold whiskers using a modifi ed setup 
that prevented the load train from ex-
hibiting large defl ections at the point of 
a large excursion event. This improve-
ment allowed for the elucidation of 
sharp yield points, followed by regions 
of “easy glide” at a fraction of the yield 
point stress (as little as 10%) that was 
characterized by Lüders band propa-
gation. Interestingly, the yield point 
exhibited size dependence, while the 
lower fl ow region did not. These obser-
vations, coupled with experiments that 
showed that a fractured whisker with 
less volume could be re-tested to re-
coup an even higher yield point, indi-
cated that these whiskers had minimal 
starting defects and extreme stresses 
were required to nucleate defects. The 
nucleation stress was dependent on the 
probability of fi nding a critical defect of 
a critical size; thus, the measured vol-
ume or surface area dependence, akin 
to the classic experiments on the defor-
mation of glass rods.95 The results of 
this work highlighted the importance of 
discrete defects in small volumes, cata-
lyzing the mantra of “smaller is stron-
ger,” a departure from our conventional 
wisdom of continuum descriptions of 
plasticity. 
 Recently, micro- and nanocompres-
sion has been developed by M.D. Uchic 
and colleagues96,97 to study size-depen-
dent (e.g., intrinsic and extrinsic size 
effects) and site-specifi c (e.g., local 
properties of composites, multi-phase 
materials, etc.) properties of materials, 
as discussed in a companion paper in 
this issue. This approach makes use of 
an FIB to fabricate small structures with 
control of size, and experimental stud-
ies on the deformation of face-centered 
cubic (fcc),96,98–102  body-centered cubic 
(bcc),103,104 and amorphous metals105–107 
have been conducted. Crystalline met-
als have shown a clear size dependence 
on the yield or fl ow stress. A vigorous 
debate has taken place to explain the 
underlying deformation mechanisms 
responsible for the size effect and de-
parture from bulk behavior that have 
been revealed by this technique. The 
prevailing mechanistic explanations 
for fcc materials invoke the importance 
of dislocation source nucleation and 
activation,99 source truncation by free 
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surfaces and subsequent exhaustion,108 
and dislocation starvation of defect-
free crystals.109 These compression 
experiments have revealed signifi cant 
insight on the deformation of small 
metallic volumes, but the effect of the 
compressive loading modality (e.g., 
heterogeneous stress state from column 
tapering, stress concentrations arising 
from friction between the punch and 
the specimen, poorly defi ned boundary 
conditions) on the observed size effect 
is still elusive.
 Recently, D. Kiener and col-
leagues110,111 and Uchic et al.97 devel-
oped in situ SEM methods for tensile 
testing of single-crystalline metallic 
specimens fabricated using FIB meth-
ods. The specimen and gripping confi g-
uration from Kiener et al. is shown in 
Figure 9, and was used for tensile speci-
mens with sizes ranging from 0.5 μm to 
8 μm. The major fi nding of this work is 
that tensile specimens with aspect ratios 
(length to width ratio) of 2:1 or higher 
exhibited yield strengths that were ap-
proximately three times lower than 
equivalent compression experiments 
using the same FIB parameters and 
experimental testing apparatus (Figure 
9c). An extension of this work110 dem-
onstrated that reversing the loading of a 
tensile specimen into compression does 
not alter the yield strength; no tension-
compression asymmetry was measured 
in these specimens. However, lowering 
the aspect ratio of the tensile specimens 
to mimic that of the compression pil-
lars returns the strength to that mea-
sured from compression. Moreover, 
pronounced hardening is measured for 
low-aspect-ratio specimens. This point 
is attributed to the interaction and con-
straint of dislocation glide planes with 
the boundaries of the specimen, which 
will induce dislocation pile-ups lead-
ing to measurable hardening and a size 
dependence of the strength. Taken as 
a whole, these experiments emphasize 
the importance of boundary conditions, 
particularly in single-crystal deforma-
tion, and inspire the need to deconvo-
lute the role of testing artifacts from 
intrinsic size-dependent response. 
 A bridge between the experiments of 
Brenner and the micro- and nanocom-
pression and microtension experiments 
of specimens fabricated using the FIB is 
still missing, given that microwhiskers 
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Figure 10. Microtensile stress-strain curves for submicrometer nanocrystalline aluminum 
thin fi lms showing two distinct behaviors.7 The curve with the highest strength, gradual 
deviation from plasticity, and limited ductility is representative of a specimen that maintains 
its nanocrystalline grain size. By contrast, specimens observed to undergo stress-assisted 
room-temperature grain growth exhibit lower yield strengths and regions of extended 
plasticity.

Figure 9. In situ SEM tensile testing of FIB fabricated single-crystalline microtensile 
specimens.111 (a) The specimen and the grip are fashioned using the FIB to carve a gage 
section and a negative mold for gripping. (b) Deformed tensile specimens with sizes 
ranging from 0.5 to 8 μm demonstrated discrete slip band formation on the surfaces. 
(Reprinted from Reference 111 with permission from Elsevier.) (c) Resolved shear stress 
at 10% strain vs. sample diameter, showing distinct strengths and scaling depending on the 
deformation constraint, imposed by either testing in compression or changing the aspect 
ratio of the specimen.110 (Reprinted from Reference 110 with permission from Elsevier.)
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demonstrated strengths close to the ide-
al strength while similarly sized speci-
mens fabricated using the FIB show 
strengths signifi cantly far away from 
this upper bound. Recent experiments 
from H. Bei and colleagues112 provide 
evidence to suggest that the difference 
in measured strength lies primarily on 
the pre-existing defect structures in the 
material. In those works, molybdenum 
alloy compression pillars were fabri-
cated by directional solidifi cation of 
a eutectic and subsequent etching of 
the matrix, and no use of the FIB was 
needed. These pillars were presumably 
defect-free and demonstrated strengths 
near the calculated theoretical strength 
of molybdenum and no size dependence 
was measured. Size-dependent behav-
ior and lower strengths returned when 
these specimens were irradiated with 
the FIB using conditions that emulate 
pillar preparation,113 or when the com-
posite material was pre-strained prior to 
etching and testing of the molybdenum 
alloy pillars.114 Recent experiments by 
G. Richter et al.52 reporting tensile test-
ing of defect-free copper nanowhiskers 
complement the experiments of Bei and 
Brenner, also show a departure from 
pillar behavior, and give strengths at 
or near the ideal strength. The emerg-
ing picture suggests that the presence 
or absence of pre-existing defects in 
small volumes greatly contributes to 
the measured mechanical response of 
the material, and points to the need for 
thorough nanostructural characteriza-
tion to accurately predict deformation 
and strength. 

Deformation Mechanisms in 
Nanocrystalline Metals

 Small-scale tensile testing has also 
made signifi cant gains toward the un-
derstanding of deformation behavior 
of nanocrystalline metals, where the 
internal length scale given by the grain 
size defi nes the mechanical response. 
It is now generally accepted that nano-
crystalline metals exhibit high strength 
and limited ductility in comparison 
with their coarse-grained counterparts, 
and conventional dislocation descrip-
tions of crystal plasticity are abated 
when the grain size is reduced below 
approximately 100 nm. Elucidating the 
new mechanisms to accommodate plas-
ticity that take over at reduced length 

scales has been the subject of vigorous 
research activity, along with several 
reviews (see, for example References 
115–117). Proposed mechanisms that 
contribute to measurable global plastic 
strains include partial dislocation emis-
sion and subsequent absorption from 
grain boundaries, deformation twinning, 
grain boundary sliding, enhanced grain 
boundary diffusion, and grain boundary 
migration. The common denominator 
in all of these processes is that the large 
fraction of interfaces plays a large role 
in governing deformation.
 Microtensile testing has been instru-
mental in characterizing the mechani-
cal behavior of nanocrystalline met-
als,118–120 primarily since large, fully 
dense volumes of these materials are 
diffi cult to synthesize, thus precluding 
the use of conventional tensile test-
ing. For example, microtensile testing 
coupled with post-mortem TEM118 and 
in situ x-ray diffraction119 revealed that 
plastic deformation in nanocrystalline 
aluminum and nickel does not leave 
stored dislocation content in the interior 
of the grain as one would expect in mi-
crocrystalline materials. These studies 
helped form the currently accepted wis-
dom that grain boundaries serve as both 
the source and sink for dislocations in 
nanocrystalline metals. 
 In parallel, nanostructured materi-
als are encountered in many thin fi lm, 
MEMS, and NEMS applications, as the 
fi lm deposition methods often synthe-
size material with nanoscaled grains. 
Freestanding thin fi lm microtensile test-
ing has been employed to measure yield 
strength, elastic moduli, hardening, and 
ductility of vapor-deposited nanocrys-
talline materials.7,63 Room-temperature 
mechanical characterization of free-
standing submicrometer aluminum thin 
fi lms with thicknesses between 100 nm 
and 400 nm by D.S. Gianola and col-
leagues7,65,121 have demonstrated that 
nanostructures can be unstable under 
the infl uence of stress, even those that 
demonstrate good thermal stability. 
Two general classes of deformation 
were uncovered as shown in Figure 10, 
briefl y characterized as either strong 
with limited ductility and a stable mi-
crostructure or intermediate strengths 
with “extended” ductility and an evolv-
ing microstructure. The occurrence of 
stress-driven high-angle grain boundary 

migration was correlated to the content 
of impurities present during deposi-
tion.122 Characteristics of the growth 
were not commensurate with conven-
tional descriptions of grain growth123 
and instead appear to be in line with the 
notion of shear stress-driven coupled 
motion of both high- and low-angle 
grain boundaries, as postulated by J.W. 
Cahn and co-workers.124,125

CONCLUSIONS

 Tensile testing at small size scales 
is an attractive fi eld of research and 
technology since the output is directly 
interpretable, without recourse to com-
plex models. Experimental techniques 
have advanced and become commer-
cially available, enabling instrumented 
testing in an increasingly controlled 
manner. The most important develop-
ments are the availability of easy-to-use 
non-contact strain measurements and 
small scale actuators and transducers, 
combined with sensors of high fi delity 
and dynamic range. 
 Ultimately, engineers of all disci-
plines want predictive models of physi-
cal phenomena. Extracting materials 
properties across the length scale spec-
trum will give us physically based and 
technologically relevant models. Un-
derstanding the fundamental response 
of the building blocks of complex sys-
tems, coupled with a good understand-
ing of physical constraints, will allow 
for the possibility of true predictive 
capability and intelligent engineering 
design. Equipped with the hierarchical 
knowledge of deformation at all length 
scales, one can push the limits of ma-
terials properties space126 by synergisti-
cally combining materials behavior in a 
hybrid manner.

OUTLOOK

 While the design of small-scale ap-
plications can often be based solely 
on elastic and plastic properties drawn 
from tensile testing, requirements dur-
ing lifetime will be multi-faceted and 
lifetime can only be predicted if we un-
derstand the physical mechanisms at all 
scales. The various stimuli are inherent-
ly coupled and the materials properties 
should be measured in environments 
that emulate real use (e.g., integrated 
circuits, photovoltaics, fuel cells, ad-
vanced batteries). Short diffusion paths, 
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multiaxial stress states, cyclic loading, 
and elevated temperature have distinct 
implications at different length scales 
and generate the need for intensive in-
vestigations. Fatigue in pure thin fi lms 
has been under investigation for some 
time now127–129 and studies have found 
that thinner fi lms can show higher 
lifetimes, which is a promising result. 
Tensile testing at elevated temperature 
is still limited although MEMS mate-
rials have been tested,130 but reliable 
temperature control is still challeng-
ing and new concepts are needed if one 
desires creep testing. Advancements 
in coupled mechanical measurements 
techniques (e.g., coupled with thermal, 
electrical, photonic, or chemical loads) 
at small length scales are promising and 
represent an exciting arena for research. 
Transient tests do offer the opportunity 
to probe thermally activated processes 
and can generate new insights on active 
defect mechanisms. 
 Round-robin tensile tests, in which 
multiple laboratories with distinct test-
ing capabilities collaboratively test 
batches of specimens to interrogate the 
uncertainty of measurement techniques, 
offer a possibility to formulate testing 
protocols and standardization. Tensile 
techniques at decreasingly small scales 
are still in development stages, but the 
ultimate goal should be to achieve test-
ing standards commensurate with those 
at larger scales. Research laboratories 
should unite to ensure reliable and re-
peatable results.
 Many systematic small-scale tensile 
testing studies have converged to the 
following answer: The elastic proper-
ties of fully dense microspecimens are 
similar to those of their bulk counter-
parts, as long as the effects of texture, 
anisotropy, and porosity are properly 
accounted for (see, for example, poly-
silicon used in MEMS2). Conclusive 
experimental evidence that demon-
strates the effects of surface stress on 
both the elastic and plastic properties of 
materials with nanometer dimensions is 
elusive. Careful and systematic tensile 
testing can offer signifi cant insight here 
and represents a direct way of measur-
ing such effects.
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OverviewOverviewNanomechanical Characterization    

How would you…
…describe the overall signifi cance 
of this paper?

This paper provides a synopsis of 
some of the signifi cant fi ndings 
related to intrinsic size-scale 
strengthening effects and fl ow 
intermittency that have occurred in 
the past 4 years, which have been 
brought about either through the use 
of microcompression experiments, 
or subsequent modeling of these 
experiments using three-dimensional 
discrete dislocation simulations.

…describe this work to a 
materials science and engineering 
professional with no experience in 
your technical specialty?

The microcompression test is a 
relatively new experimental method 
that enables the measurement of 
uniaxial mechanical properties 
at the microscale. As mentioned 
above, this work provides a high-
level overview of research that 
has examined microcompression 
experiments, focusing on studies that 
have discovered new size-dependent 
phenomena associated with plastic 
deformation, or that have provided 
a greater understanding of the 
mechanisms that are responsible for 
size-dependent mechanical behavior.

…describe this work to a 
layperson?

This paper summarizes new 
fundamental research that is focused 
on improving our understanding 
of the mechanisms that control the 
strength of materials. In particular, 
this paper describes experiments 
and simulations that examine 
how the physical dimensions of a 
structure affect the mechanisms that 
govern strength, especially when the 
scale of the structure is on the order 
of a few micrometers or smaller.

 Micro-compression tests allow for 
the direct measurement of stress-strain 
behavior in volumes of material that 
have microscale dimensions. Initial 
studies worldwide have focused on the 
exploration of size-scale effects, where 
sample dimensions at the micrometer- 
and sub-micrometer scale can dramati-
cally affect the fundamental processes 
of plastic deformation. Importantly, 
this scale of test volume can be directly 
modeled using state-of-the-art discrete 
dislocation simulations, the results of 
which have been essential to under-
standing the changes that can occur to 
dislocation mechanisms within small 
volumes. This combination of miniatur-
ized testing and modeling that closely 
mimics these experiments provides a 
new pathway to characterize plastic 
fl ow on a highly localized basis.

INTRODUCTION

 Uniaxial mechanical tests are per-
haps the most commonly performed 
deformation experiments that provide 
basic design information. The popular-
ity of these tests can be traced to the 
relative uniformity of the stress-state 
within the active region of the sample, 
which greatly aids in the subsequent 
interpretation of the test data. Tension 
tests are generally preferred because 
the stress-state in the gage section is 
more uniform compared to compres-
sion experiments, although compres-
sion experiments have selected advan-
tages that include a simple and effi cient 
sample shape, and a relatively uncom-
plicated procedure to place the sample 
within the loading train.
 Shrinking uniaxial tension and com-
pression test methods at the microscale 
provide a unique opportunity to study 
plastic deformation. One potential ben-
efi t is that the dimensions of the sample 

Micro-Compression Testing of fcc 
Metals: A Selected Overview of 
Experiments and Simulations
Michael D. Uchic, Paul A. Shade, and Dennis M. Dimiduk

volume can be of similar size to the 
fundamental length scales for disloca-
tion-based plastic fl ow. One can imag-
ine that the processes of dislocation 

multiplication, annihilation, storage, 
glide, percolation, and so on, each has a 
characteristic length associated with 
that particular phenomenon.1 When the 
sample dimensions approach these 
length scales, the proximity of the free 
surfaces potentially affect or alter these 
processes, which can result in observ-
able changes in the material fl ow be-
havior.1 Another potential advantage is 
that the fi nite sample volume can en-
able studies that probe the effect of lo-
cal heterogeneities. For example, one 
can extract small samples from site-
specifi c locations within a bulk crystal, 
where these samples might contain lo-
cal changes in either chemistry or vari-
ations in microstructure (i.e., disloca-
tion, grain, precipitate, void, defect, or 
other features), or both. Through test-
ing of these isolated samples, one can 
more readily discern the infl uence that 
these internal variations have on me-
chanical properties, or help identify 
weak links within the microstructure. 
Another advantage of these microscale 
experiments is that they are amenable 
to study using sophisticated modeling 
methods such as three-dimensional 
(3-D) discrete dislocation simulations 
(DDS), where the entire test volume 
can be examined with ever-increasing 
fi delity. The 3-D DDS can calculate the 
stress-activated motion of all disloca-
tions within the diminutive sample, al-
lowing one to both visualize and quan-
tify the dislocation activity that is re-
sponsible for plastic fl ow.
 There are excellent examples of 
small-scale tension test methodologies 
in the literature that produce a well-un-
derstood and uniform stress state in 
samples with microscale dimen-sions.2–

5 However, these methods typically re-
quire samples produced by microelec-
tronic processes (e.g., freestanding thin 
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Figure 1. (a) A schematic of the microcompression test. (b) A schematic of the fl ow response 
of a microcrystal oriented for single slip. (c) A scanning electron image of a 5 μm diameter 
microcrystal sample of pure nickel oriented for single slip. (d) An SEM image of (c) after 
testing. The fi gure, taken from Reference 18, was originally adapted from Reference 9.

c d

a b

fi lm samples that remain attached to a 
substrate). While this eases the diffi -
culty in preparing small test volumes, 
these samples and corresponding mi-
crostructures are limited to materials 
and processing conditions available in 
microelectronic fabrication facilities. 
In order to circumvent this restriction, 
some of the present authors (along with 
Jeff Florando and William Nix) devel-
oped a micro-compression test method-
ology about six years ago.6–9 In its pres-
ent form, the methodology uses micro-
machining methods to produce com-
pression samples within the surface of 
bulk materials, which are subsequently 
tested using a fl at punch. The technique 
potentially allows one to explore defor-
mation at small scales in a wide range 
of materials that can have complex 
chemistries, internal microstructures, 
and defect structures. 
 This article will highlight selected 
research that has utilized micro-com-
pression testing or discrete dislocation 
modeling to examine the small-scale 
behavior of pure face-centered cubic 
(fcc) metals. 

MICRO-COMPRESSION TEST 
METHOD

 The micro-compression test method-
ology scales the conventional uniaxial 
compression experiment to the mi-
croscale using commercially available 
laboratory equipment.6–9 A schematic 
of the test geometry is shown in Figure 
1a, which highlights the relationship 
between the sample and a nanoindenta-
tion system that typically acts as the 
mechanical test frame. Other than the 
size-scale, the only signifi cant differ-
ence between the conventional com-
pression test and the micro-compres-
sion test is that there is no lower com-
pression platen underneath the active 
gage section. Instead, the sample is in-
tegrally attached to the bulk substrate, 
and the transition region between the 
sample and substrate effectively acts as 
the lower platen. This sample geometry 
eliminates the need for micromanipula-
tion equipment to place the sample 
within the test frame, which helps tre-
mendously in the practical execution of 
the test. Also, the load and displace-
ment rating and resolution of many 
commercial nanoindentation systems 
are ideal for performing micro-com-

pression experiments.
 Micro-compression samples have 
been typically fabricated by focused 
ion beam (FIB) micromilling of bulk 
samples, 6–9 but alternative methods us-
ing larger-scale machining methods,8 
micro-electronic based10 or other 
growth methods11 have also been ad-
vanced to overcome limitations with 
FIB-based processing. Sample sizes 
have ranged from 0.25 µm to 80 µm in 
diameter, with corresponding gage 
lengths that varied from 1 µm to 
160 µm. One signifi cant advantage of 
FIB-prepared samples is they can be 
fabricated at very precise locations on a 
sample surface, such as within a single 
grain of a polycrystalline alloy, which 
potentially allows for measurement of 
single-crystal properties from poly-
crystalline materials. Disadvantages 
for FIB-prepared samples can include 
lengthy milling times and potential ef-
fects from the thin irradiation zone at 
the outer sample surface that remain a 

subject of current study.10–15 An exam-
ple of a FIB-micromachined and tested 
sample is shown in Figure 1c and 1d.9

 Once fabricated, the samples are 
loaded into the nanoindentation frame, 
an individual sample is identifi ed for 
testing, and the fl at-punch tip is brought 
into contact with the top surface of the 
microsample in order to compress the 
sample volume. Prior to testing, the di-
mensions of the sample cross-sectional 
area and gage length are obtained, as 
these are needed to convert the load-
displacement data into a stress-strain 
curve using the standard formulae for 
compression tests. These dimensions 
are usually determined from scanning 
electron microscope images. Examples 
of both load-controlled and displace-
ment-controlled testing can be found in 
the literature, although most experi-
ments have focused on performing con-
stant displacement rate tests where the 
initial strain rate is approximately 10–3 
to 10–4 s–1.



JOM • March 200938 www.tms.org/jom.html

EXPERIMENTAL RESULTS 
FOR fcc METALS

 Figure 2 contains stress-strain data 
from representative micro-compression 
experiments conducted at room tem-
perature on single-slip oriented pure 
nickel microcrystals that contain a 
moderate starting dislocation density 
(ρ

o
 ~ 3×1012 to 1×1013 m–2).7,9,16 From 

this fi gure, one can observe that the me-
chanical response of fcc microcrystals 
differs from bulk single-crystal behav-
ior in the following ways. First, sub-
stantial strengthening is observed in 
microcrystals with decreasing sample 
volume, where this strengthening typi-
cally occurs at small-to-moderate plas-
tic strains (< 5–10%). Second, the plas-
tic fl ow response is intermittent and is 
composed of regions of easy glide with 
little to no strain hardening that are 

separated by regions of rapid hardening 
at elastic or nearly elastic rates. Third, 
the fl ow curves vary stochastically, and 
the variation in fl ow behavior intensi-
fi es with decreasing sample volume. 
All of these features are typical hall-
marks of microcrystal fl ow.

Size-Dependent Strengthening

 A closer inspection of Figure 2 shows 
that the increase in fl ow stress for mi-
crocrystals results from both an in-
crease in the proportional limit, and 
enormous strain hardening rates at mi-
cro to moderate strains.7,9,16 These en-
hanced strain-hardening rates are often 
greater than Stage II hardening (which 
is normally the highest strain hardening 
rate observed for bulk experiments on 
fcc crystals), and can approach a sig-
nifi cant fraction of the elastic modu-
lus.9,16 This enhanced strain hardening 

behavior is size-scale dependent, with 
smaller samples exhibiting higher 
strain-hardening rates.9,16,17 Taken to the 
extreme, pure-metal microcrystals with 
nanoscale dimensions can exhibit tre-
mendous size-dependent strengthen-
ing. For example, the studies by C.
P. Frick et al.17 and Z.W. Shan et al.15 
report that 200 nm diameter, multiple-
slip oriented pure nickel microcrystals 
can support stresses of 2 GPa and high-
er, in contrast to bulk yield stress values 
for single-crystal nickel that normally 
range from 10 MPa and higher.
 One obvious question to ask is “What 
is the functional form between sample 
diameter and fl ow stress?” In the re-
gime where size-dependent strength-
ening is observed, the relationship 
between the resolved shear stress (τ) 
and sample diameter (d) can be empiri-
cally described by a power law, which 

Figure 2. Shear stress-shear strain plots of <269>-oriented pure nickel microcrystals grouped by sample diameter: (a) 18 µm and larger, (b) 
10–11 µm, (c) 4–6 µm, and (d) 2.5 µm and smaller. The thick black curve in each plot is from a macroscopic crystal of the same orientation, 
and plots are truncated at 15% strain for clarity. The fi gure is adapted from Reference 9.

a b

c d
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is shown in Equation 1 in a form that 
normalizes the fl ow stress to provide a 
more accurate comparison of size-af-
fected fl ow between different metals:

 (τ-τ
o
) b

Ni
 /(K

s 
b

metal
) = Bd-n (1)

where n is the power-law exponent, B 
is a constant, K

s
 is the anisotropic shear 

modulus, and b
Ni

/b
metal

 is the relative ra-
tio of the Burgers vector of each metal to 
a reference (selected to be nickel for the 
data shown in Figure 3). Figure 3 shows 
the normalized fl ow stress versus sam-
ple diameter for all of the pure-metal fcc 
size-dependent strengthening data from 
a number of different research studies.18 
By plotting the data in this way, one can 
see that all of this data collapses onto 
a single band, which generally holds 
for sample diameters that range from 
a couple hundred nanometers to tens 
of micrometers in diameter. A scaling 
exponent of 0.6 is a reasonable match 
to much of the data, assuming the refer-
ence stress, τ

o
, is negligible. Note that the 

scaling exponent is different than those 
associated with grain-size strengthening 
(n = 0.5) or surface-controlled nucle-
ation (n = 1). 
 Size-dependent strengthening is ob-
served in both single-slip7,9,19,20 and mul-
tiple-slip orientations.10,17,21,22 Although 
no micro-compression study has ex-
amined the same material under both 
multiple- and single-slip orientations, 
the relative importance of crystal ori-
entation lessens as the sample diameter 
shrinks to the micrometer scale, as the 
stress-strain curves for all orientations 
become qualitatively similar when size-
affected behavior dominates plastic 
fl ow. 

INTERMITTENCY AND 
STOCHASTIC FLOW

 In addition to size-dependent 
strengthening, another almost-univer-
sally observed feature in fcc (and body-
centered cubic [bcc]) microcrystals is 
an intermittency associated with plastic 
fl ow. By intermittency, we mean that 
microsamples, especially those that are 
single crystals, display a binary me-
chanical response composed of either 
periods of easy glide or elastic/nearly 
elastic loading. Intermittent fl ow is 
usually not observed in bulk materials 
save for well-known cases such as the 

Portevin-Le Chatelier effect, but these 
discrete bursts are regularly observed in 
microcrystal tests, and are clearly ap-
parent in Figure 2.9 Note that the curves 
shown in this fi gure are comprised of 
many hundreds or even thousands of dis-
crete events that range from Angstroms 
to micrometers in scale,23 although be-
cause of the construction of this fi gure 
only the largest events are observable. 
Micro-compression tests offer a unique 
means of studying this behavior, not 
only because the fi nite sample volume 
allows these events to be readily iden-
tifi ed, but also because the test allows 
for the displacement associated with a 
strain burst to be directly measured23 
(unlike acoustic methods that measure 
the magnitude of a strain burst indirect-
ly). In addition, one can also determine 
the stress,20 time, and potentially the 
spatial location24 associated with each 
event.
 Although the strain bursts occur at 
stochastic intervals at stresses above 
the proportional limit, and the mag-
nitude and timing of these events is 
also stochastic, the global statistics of 
strain bursts are well described by a 
power law. A quantitative analysis of 
these statistics has been performed by a 
number of independent studies.20,23,25–28 
These studies have correlated the fre-
quency of occurrence of a given strain 
burst with its magnitude, and all agree 

Figure 3. A composite plot of published microcrystal fl ow stress data as a function 
of sample diameter for fcc metals. The scaling exponent n that best fi ts the data is 
approximately 0.6. The fi gure is adapted from Reference 18.
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that the number and magnitude of slip 
events display power-law scaling (with 
a cut off), in some cases spanning event 
sizes that range over three orders of 
magnitude. This power-law scaling is 
described by the following equation:26

 n(x) = C x–α exp[-(x/x
0
)2] (2)

where n(x) is the probability of an event 
of magnitude x, C is a constant, α is the 
power law scaling exponent, and x

0
 is 

the characteristic magnitude of the larg-
est strain burst. The value of α is report-
ed to be approximately 1.6 for much of 
the experimental data published to date, 

20,23,25–28 but one study showed that this 
value is dependent upon the applied 
strain rate.25 Some studies have sought 
to further quantify the relationship be-
tween slip events by examining other 
correlation statistics.20 Although these 
types of experimental studies are rela-
tively new, the discovery of this behav-
ior has current practical implications on 
plastic forming at the microscale26 and 
long-term implications on the develop-
ment of new meso-scale deformation 
theories.23

3-D DISCRETE 
DISLOCATION 
SIMULATIONS

 As mentioned in the introduction, the 
diminutive size of microcrystals en-
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ables the use of 3-D DDS to model the 
entire sample volume.26,29–36 This simu-
lation method is well suited to study the 
problem of microcrystal fl ow, as it can 
naturally account for both the far-fi eld 
and local interactions between disloca-
tions, as well as accurately track the 
motion of dislocations, including those 
that are in contact with the nearby free 
surfaces. It is important to note that at 
present these methods at best mimic the 
microcrystal experiments, and also vary 
considerably in some critical areas. 
One particularly crucial issue pertains 
to the initial dislocation substructure, 
especially with regards to the number, 
size, and distribution of dislocation 
sources. All of the published studies 
contain moderate-to-high dislocation 
densities that are similar or greater than 
those found in the microcrystal experi-
ments, and most of these studies instan-
tiate the initial dislocation density as a 
set of Frank–Read sources (FRS) hav-
ing rigidly fi xed ends.26,29–35 However, 
the strength and distribution of the ini-
tial FRS can vary signifi cantly from 
study to study, which can strongly af-
fect the outcome of the simulations.18 
Other differences include the follow-
ing: whether cross slip is allowed, 
whether the infl uences of the free sur-
faces and the test boundary conditions 

are included, the magnitude of the ap-
plied strain rate, the loading mode, 
crystal orientation, sample aspect ratio, 
and the size of the simulation volume. 
In spite of these differences, the results 
from state-of-art 3-D DDS have made a 
signifi cant impact on the understanding 
of microcrystal deformation.
 Importantly, many of these simula-
tions display size-dependent strength-
ening, enhanced strain-hardening rates 
at small strains, and intermittent fl ow, 
which are all consistent with the afore-
mentioned hallmarks of microcrystal 
fl ow.26,29–36 As an example, Figure 4 
plots the size-dependent strengthening 
observed in the 3-D DDS studies, the 
majority of which fall within the range 
of data that was determined from ex-
periments.18 With regards to the mecha-
nisms that are responsible for this be-
havior, this article highlights two new 
mechanisms29,30 that are observed in 
many of the simulations.
 The fi rst new mechanism provides 
an increase in the strength of existing 
dislocation sources due to the proximi-
ty of free surfaces—a process termed 
source-truncation hardening.29,30 Source 
truncation occurs during the initial op-
eration of an FRS, where the interac-
tion of a single FRS source with the 
nearby free surfaces separates the FRS 

into two single-arm sources. Depend-
ing on the sample size, these single-arm 
sources may have minimum arm lengths 
that are much smaller than the original 
FRS length, and thus each of these sin-
gle-arm sources would require a sig-
nifi cantly higher stress to operate than 
the original source. In selected simula-
tions, spiraling single-arm sources have 
been observed to account for almost all 
of the plastic strain,29,34–36 and thus the 
fl ow stress is controlled by the largest 
single-arm sources and their respective 
Schmid factors.29 A statistical analysis 
of the source-truncation mechanism 
has shown that this process can account 
for much of the size-dependent strength-
ening observed experimentally.37

 The other new size-dependent mech-
anism identifi ed by three independent 
studies29,33,36 is related to the paucity of 
dislocation sources in microcrystals. 
Unlike bulk crystals that have an almost 
infi nite supply of potential sources, mi-
crocrystals have only a fi nite number of 
available sources, and one can imagine 
that the plastic fl ow of microcrystals is 
therefore more sensitive to the termina-
tion of an active source due to typical 
forest-hardening processes. If this hap-
pens, the stress increment required to 
activate the next-weakest source may 
be much larger than would be required 
in a bulk crystal, simply because of the 
limited number of possible sources that 
the sample has to choose from. The re-
duced number of weak links in the dis-
location microstructure can result in 
much more potent average strain-hard-
ening rates, especially in the small-
strain regime. Consequently, the fl ow 
behavior in many fcc microcrystals 
takes place intermittently via the se-
quential activation and obstruction of 
the weakest sources, and this process is 
termed exhaustion hardening.9,29 By 
this mechanism, a micrometer-scale 
crystal may be starved of mobile dislo-
cation density, even at sizes where the 
effects of image forces and free sur-
faces are dramatically reduced. This 
mechanism of enhanced forest harden-
ing is believed to be responsible for the 
strengthening effects extending to mi-
crocrystal sizes exceeding 20 microm-
eters in diameter.29

 The combination of source-trunca-
tion and exhaustion hardening con-
vincingly accounts for the observation 

Figure 4. A composite plot of published fl ow-stress data for 3-D DDS as a function of 
simulation cell size. Data in the plot have been normalized by the shear modulus and 
Burger’s vector used for each study (see Equation 1). The shaded area designates the 
range of experimental measurements shown in Figure 3. The fi gure is adapted from 
Reference 18. 
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of stochastic fl ow in 3-D DDS. For the 
same starting density, different instan-
tiations of the initial dislocation sub-
structure result in changes to both the 
distribution of largest single-arm source 
lengths, as well as the probability that 
a dislocation reaction will terminate 
operation of these largest sources. It 
naturally follows that the resultant fl ow 
curves will vary randomly with these 
local rearrangements. At a fi xed den-
sity, the stochastic response becomes 
more pronounced as the simulation cell 
size decreases, as there are potentially 
fewer sources that can operate at nearly 
the same stress, thereby maximizing 
the infl uence of any individual source. 
Also, the magnitude of the size-af-
fected response is directly dependent 
on the initial density, as higher start-
ing densities result in a weaker scaling 
response (more available sources) and 
vice-versa.29 This dependence results 
in behavior that is counter to classical 
strengthening ideas, i.e., an increase 
in the initial density can soften micro-
crystals,29 which has been confi rmed 
experimentally.38

CONCLUSIONS

 The micro-compression experi-
ments and simulations described have 
made a signifi cant impact on the study 
of dislocation-based deformation pro-
cesses. These studies have clearly 
demonstrated that size-scale effects ex-
ist independently of other previously 
known size effects such as nucleation-
controlled deformation or the presence 
of imposed strain gradients. Notably, 
the close coupling of experiments and 
simulations has led to the discovery of 
new strengthening mechanisms that 
are active in microscale samples. The 
small sample volumes also facilitate 
the measurement of stochastic disloca-
tion activity (strain bursts), which has 
greatly aided the understanding of how 
dislocation ensembles dissipate energy, 
and hopefully will help advance new 
meso-scale deformation theories.
 With continued effort, we predict that 
this type of experimental methodology 

will allow one to locally determine the 
full suite of properties of various mi-
croconstituents (phases, precipitates) in 
fully processed engineering materials. 
Challenges in the area of sample fab-
rication and testing include developing 
parallelized fabrication methods that 
can be applied to a wide range of mate-
rials, and in performing a broader suite 
of testing modes (tension39 and elevated 
temperature testing, for example). Sim-
ilar areas of improvement exist for the 
modeling and simulation tools, such as 
incorporating realistic starting disloca-
tion networks or internal microstruc-
tures, as well as simulating larger vol-
umes that truly bridge the gap between 
micro- and meso-scopic deformation. 
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